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Chapter 1

Introduction – crystal plasticity,
thin films and size effects

1.1 Crystal plasticity and finite element simulations of
polycrystals

The crystal plasticity theory has brought a new insight and possibility of description of

material behaviour. The classical theories like von Mises plasticity do not take into account

the properties like crystal lattice type, orientation in the space and number of slip systems

and their interactions. These properties are not important when we deal with the structures

where the grain size and behaviour of individual grain can be neglected. This approach is

no longer sufficient, as soon as the scale of the investigated structures becomes smaller and

smaller and the individual grain behaviour becomes more and more significant. The crystal

plasticity theory was presented by (Mandel [1973], Teodosiu and Sidoroff [1976a], Teodosiu

and Sidoroff [1976b], Asaro [1983a], Asaro [1983b]). This theory can take into account the

properties of crystal lattice and interactions of slip systems, therefore, it can reasonably

describe the mechanical behaviour of crystals. However most of the real structures are

polycrystalline aggregates and this fact rises the problem of mutual interactions between the

individual crystals. The first theory for polycrystals was proposed by Taylor (Taylor [1938]).

Its theory assumes that all grains are subjected to the same macroscopic strain. However

this assumption causes the violation of the stress equilibrium on the grain boundaries. The
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1. Introduction – crystal plasticity, thin films and size effects

opposite theories assume the homogeneity in stresses. Such a theory was given by Sachs

(Sachs [1928]). Since these models have strong assumptions, models with weaker ones were

created. These models can be called relax–constraints Taylor type models or modified Sachs

models (Kocks and H. [1982], Raphanel and van Houtte [1985], Mao [1998]). The other

approach is represented by self–consistent models (Berveiller and Zaoui [1978], Molinari

and Canova [1987]). These models treat the problem of the individual grain embedded by a

matrix with average properties of a polycrystalline aggregate. They satisfy the compatibility

of stresses and strains, but they are not able to provide more detailed description of grain

interactions and stress and strain heterogeneities. Such a more detailed description can be

provided combining the crystal plasticity theory with finite element methods. The finite

element method divides the investigated structure into small volume elements and the

material behaviour is treated locally according to constitutive models under local loading

conditions. The finite element method is used in three types of approaches.

First approach uses the homogenized models, which are prescribed at each integration

point like Taylor model. The properties at integration points are computed by averaging of

the stress tensor or stiffness matrix for all crystals in the aggregate (Kalidindi et al. [1992],

Beaudoin et al. [1993]). The self–consistent models can be included also in this category

(Lebensohn et al. [2004]). The techniques using this approach are simple for implementation

into finite element codes therefore they can be used in industrial applications. But they are

not able to describe the realistic strain inhomogeneities inside the grains.

Second type of approach is based on the prescription of single crystal behaviour into

each element which represents one grain. This method is used for the computation of

macroscopic behaviour of polycrystalline aggregates (Beaudoin et al. [1995], Sarma and

Dawson [1996], Bachu and Kalidindi [1998], Raabe et al. [2002]). However this method is

not able to describe the deformation inside the grains.

Third category of simulations involve the computations with grains which consitst of

larger number of elements. These simulations can provide the full description of the

stress/strain heterogeneities inside the grains and mutual grains interactions. This kind

of simulations necessiate high computational effort. The first simulations were made in

2



1.1. Crystal plasticity and finite element simulations of polycrystals

2D for simplified hexagonal grain shapes (Harren et al. [1988], Harren and Asaro [1989],

Becker [1991]). The 3D computations were performed for different grain shapes. The first

simulations were made for the simplified rhombic dodecahedral grains (Mika and Dawson

[1998], Mika and Dawson [1999], Zhao et al. [2007]). The irregular grain shape is mostly

created by the Voronöı construction (Barbe et al. [2001a], Barbe et al. [2001b], Diard et al.

[2005]). Some experimental procedures which has been developed in the present days, allow

to obtain the full 3D image of a grain structure. These real 3D images were then used in

creation of real 3D grain shaped meshes and simulations of such aggregates were performed

by (Buchheit et al. [2005], Musienko et al. [2007]). This type of simulations provides the

realistic picture of the grain interaction, evolution of stresses and strains inside the grains

or evolution of dislocation densities according to the used constitutive model.

Together with the finite element method, the crystal plasticity based models become very

useful for applications which deal with structures with highly pronounced crystallographic

texture. One of these areas is metal sheet forming. The metal sheets are produced by

rolling, therefore, they have an organized texture in the direction of the rolling. Such a

strong texture then influences the forming process of the sheets. The typical experiment

where the influence of texture can be observed is deep cup drawing. Because of the strong

texture, the sheet creates the wavily shape edge during this process. The modeling and

simulations of these phenomena are presented in (Raabe and Roters [2004], Raabe et al.

[2005], Duchene and Habraken [2005], Palumbo and Tricarico [2007], Tikhovskiy et al.

[2007], Walde and Riedel [2007]). The other application in which the texture plays major

role is the deformation of metal coatings. This problem is also closely connected to the

topic of the present work because coatings are thin layers. This coating is very often

deformed together with the metal sheet and this forming can cause the stress and strain

concentrations and roughening of the surface of this coating. These processes can cause

the decohesion of the coating or crack initiation and propagation in the coating and the

sheet consequently. These processes may limit the protective function of such layers. Some

experimental measurements and finite element simulations of stress/strain evolutions in the

metal coating have been made (Lazik et al. [1995], Maeda et al. [1996], Parisot et al. [2001],

3



1. Introduction – crystal plasticity, thin films and size effects

Parisot et al. [2004]). The coating surface roughening is mostly caused by the mismatch

in grain crystallographic orientations since the roughness parameters correlate with the

grain size (Wilson and Lee [2001]). Therefore the continuum crystal plasticity is well–

suited theory for the investigation of the plasticity induced roughness. The results of the

investigation of plasticity induced roughness are presented in the following works (Becker

[1998], Mahmudi and Mehdizadeh [1998], Wittridge and Knutsen [1999], Oh et al. [2002],

Raabe et al. [2003], Sachtleber et al. [2004], Kim et al. [2005]).

1.2 Thin film structures and their investigation

Thin film structures play an important role in the recent technologies. The typical example

is electronics industry where the thin metallic layers create the essence of microelectronics

devices like microprocessors. In the last years the interest has been focused on MEMS

(microelectronics–mechanical systems). These MEMS are devices of nano to micro scales

which can perform electrical or mechanical tasks. They are widely used as sensors for

measuring of forces or acceleration. Typical present use is in automotive industry for

sensors in airbags activation. They can be used as manipulators like nano or micro grippers,

or as actuators like nano or micro engines or drives. These applications are also very

often used in biotechnologies. Three examples of MEMS are shown in figure 1.1(a),(b),(c)

(MiNDSLab [2007]). Case (a) shows the comb–drive which can be used for manipulation,

case (b) corresponds to probes for neural spike detection and case (c) is an on–chip toroidal

inductor. The dimensions of these MEMS devices vary from tens of nanometers to tenth

of millimeters. The behaviour of the material on these length–scales is very different from

that observed in bulk structures, therefore, the microstructural phenomena and processes

become very important and drive the material properties. Therefore it was necessary to

start investigating properties and behaviour of these thin film structures. The investigation

is performed on experimental and theoretical levels due to the fact that thin film structures

are subjected to wide range of conditions during their service life. The thin films are very

often subjected to mechanical loading, therefore, it is necessary to know the behaviour

of such structures under the wide range of mechanical loading conditions. For instance
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1.2. Thin film structures and their investigation

long–time mechanical loading could lead to fatigue damage of these films which proceeds

again differently from the bulk structures. The influence of the temperature plays also

an important role. The increased temperature can cause structural changes or induce the

plastic deformation and creep.

a) b) c)

Figure 1.1: Examples of MEMS a) comb–drive, b) probes for neural spike detection, c)
on–chip toroidal inductor (MiNDSLab [2007]).

1.2.1 Thin films production

The thin films are mostly deposited on substrates. The way of deposition influences the

film properties. Main deposition techniques are:

• Sputtering: This method is based on the principle of shooting off the atoms from

the source by neutral gas atoms. These released atoms then impact on the target

layer and build the film. The basic design of this method is shown in figure 1.2. The

advantages of this method are the low temperature of the target substrate and also

the impacting atoms are able to cover a substrate with higher roughness or more

complex shape. Therefore this method is widely used in microelectronic industry for

creation of interconnecting lines.

• Physical Vapor deposition: Basic principle of this method is the evaporation of the

material from the source layer and its consequent condensation on the target layer.

The most used way of evaporation of the source material is its heating by electron

5



1. Introduction – crystal plasticity, thin films and size effects

Figure 1.2: The basic scheme of the sputter deposition of thin films

beam. Such a method is called Electron Beam Physical Vapor Deposition (EBPVD).

The scheme of the deposition process is demonstrated in figure 1.3. The advantage of

this method is that the deposition rate can be tuned from few nanometers per minute

up to micrometer per minute. This high deposition rates are useful in industrial

applications. Another important advantage is the high efficiency of source material

using. The disadvantage is that the material impacts the target substrate only from

one direction which may produce irregular layers especially if the substrate is very

rough. This is solved by the rotation of the target with respect to the impacting

atoms however the target with complex geometry cannot be covered by film with this

method.

Figure 1.3: The basic scheme of the Electron Beam Physical Vapor Deposition of thin films

6



1.2. Thin film structures and their investigation

• Chemical Vapor deposition: This kind of deposition is based on the chemical reactions

in which the source material chemically reacts with carrying gas. This compound then

dissolves on the target substrate and creates the film made of pure material and some

residual product of this reaction (Cho and Park [1997]). The advantage of this method

is good covering of target substrate and also the possibility of the very high deposition

rate. The disadvantage is that this process takes place at high temperatures and some

corrosive product can be created in the presence of several reactants. These reactants

can also be trapped as impurities inside the deposited film. This method is widely used

for the production of films made of molybdenum, tantalum, titanium and tungsten.

• Electroplating: This method is based on the electrolytic process in which two elec-

trodes are immersed in the electrolytic solution. The target substrate creates the

negative electrode (cathode) and the source material creates the positive electrode

(anode). The solution can also consist of the source material ions. When the direct

current starts to flow through the system, the positive ions of the material are released

from the anode and move towards the cathode. These ions then attach the cathode

and create the continuous layer. The image of electroplating process is shown in figure

1.4. This method is simple but the target substrate must be conductible and resistive

against the electrolytic solution.

Taking into account the scientific investigation of the metallic thin films there are two

main types of substrates. Hard substrates are made of silicon and its oxides and soft

substrates are made of polyimide. The silicon substrate is used for the thermomechanical

tests because silicon can sustain high temperatures (Vinci et al. [1995], Keller et al. [1999],

Baker et al. [2001], Weiss et al. [2001], Baker et al. [2003]). Also the silicon substrate is the

most prefered material in microelectronic devices. The polyimide substrate is used for the

mechanical testing like tensile tests or cyclic tests. The advantage of this substrate is such

that its behaviour remains elastic up to 3% of applied deformation which is very useful for

investigation of plasticity of thin films (Hommel and Kraft [2001], Schwaiger et al. [2003]).

There are also experimental measurements with free–standing films (Huang and Spaepen

7



1. Introduction – crystal plasticity, thin films and size effects

Figure 1.4: The basic scheme of the Electroplating deposition of thin films

[2000]).The most used materials for the films are aluminum, copper and silver (Huang and

Spaepen [2000], Kobrinsky et al. [2001], Schwaiger and Kraft [2003]). This corresponds also

to the materials used in industrial applications.

1.2.2 Copper thin films

Special attention was recently given to copper films because it is supposed that copper

will replace aluminum in electronic applications. Copper provides better properties than

aluminum. It has smaller coefficient of thermal expansion, higher electrical and thermal

conductivity and twice higher melting point. The disadvantage of copper is its higher

anisotropy which may lead to stress concentrations. Moreover copper cannot create a

stable protective oxide layer on its surface. This fact can increase the amount of damage in

such films (Vinci et al. [1995]). The experimental measurements of crystallographic texture

with EBSD technique show that the copper thin films have preferable {111} oriented grains

(Knorr and Tracy [1995], Wendrock et al. [2000], Weihnacht and Bruckner [2002], Mane and

Shivashankar [2005], Okolo et al. [2005]). This means that the crystallographic direction

[111] is parallel to the normal of the film, due to the fact that this organization of atoms

has the lowest energy. The other preferable orientation is {001} and some amount of grains

have random orientations. The volumic amount of individual orientations also depend

8



1.2. Thin film structures and their investigation

on the film thickness. With increasing thickness, the amount of {111} oriented grains

decreases while the amount of {001}, {110} and random grains increases (Perez-Prado

and Vlassak [2002]). The texture also depends on temperature. Textural changes occur

during the annealing of the films (Baker et al. [2001]). A randomization of texture occurs

with increasing temperature and the amount of {111} oriented grains decreases. Another

significant feature of the films with thickness up to 1–2 µm is that they have columnar grain

structure with only one grain through the thickness and moslty the in–plain grain size is

the same as the film thickness. The thicker films about 6–8 µm have several grains through

the thickness because the in–plane grain size is mostly about 1–2 µm (Perez-Prado and

Vlassak [2002], Okolo et al. [2005]). An example of a copper thin film on a silicon oxide

substrate is shown in figure 1.5.

Figure 1.5: The copper thin film on the SiO2 substrate created by sputtering method
(Okolo et al. [2005]).

1.2.3 Thin film investigation methods

Experimental measurements of the mechanical properties like stresses and strains are per-

formed by two main methods:

• Wafer curvature method: This method is based on the measurement of the stress in

the film by the changes of curvature of th system film/substrate (Gonda et al. [2007],

9



1. Introduction – crystal plasticity, thin films and size effects

Janssen [2007]). This method is mostly used for the measurement of stresses during

thermal loading (Vinci et al. [1995], Keller et al. [1999], Baker et al. [2001], Weiss

et al. [2001], Baker et al. [2003]). Different coefficients of thermal expansion of film

and substrate cause different expansion and curving of the system and the biaxial

stress can be estimated according to the relation:

σ =
1
6

Es

1− νs

h2
s

hf

1
R
, (1.1)

where Es and νs are the Young’s modulus and the Poisson’s ratio for the substrate, hs

and hf are the thicknesses of the substrate and the film respectively. The parameter

R is the experimentally measured curvature of the substrate wafer. This curvature is

generally measured by laser beams. This wafer curvature method is very often used

for the measurement of stresses in metallic films deposited on silicon substrates.

• X–ray diffraction: These measurements are based on the determination of interplanar

spacing of the film crystal lattice. The elastic strain of the film causes the changes

in this spacing which can be measured by the diffraction of the incident X–rays. The

lattice spacing is estimated by the sin2 Ψ method. X–ray diffraction can also be used

in estimation of the dislocation density and the evolution of microstrains (Kraft et al.

[2000], Hommel and Kraft [2001]). This method will be described in more details in

chapter 5.

A powerful tool for the thin film investigation is TEM (Transmission Electron Mi-

croscopy). This technique is based on the evaluation of deflected electron beam which

passes through the thin film. This method allows to observe the morphological properties

of the film as well as their structural changes like grain boundary migration. Transmission

electron microscopy is also able to detect the motion of dislocations and the evolution of

their structure which helps to understand the processes of thin film plasticity. The obser-

vations of crack initiation and propagation then allow to evaluate the processes of damage

in thin films.
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1.3. Size effects in thin film structures

Another aspect of the research on thin film properties is their theoretical investigation

and simulations. The thin film behaviour was investigated within the framework of several

different theories. The classical continuum theory with von Mises plasticity was used by

(Wikström and Nyg̊ards [2002]). The extension of the continuum approach is based on

the classical crystal plasticity (Parisot et al. [2001], Houdauigui et al. [2007a], Sai et al.

[2006], Yefimov and Van der Giessen [2005], Houdauigui et al. [2007b]). The simulations

within the framework of classical continuum crystal plasticity theory are the main part of

this work. Further extension of the continuum approach is using the higher order plas-

ticity theories like Cosserat crystal plasticity (Shu and Fleck [1999], Forest et al. [2000],

Cheong and Busso [2004], Ma et al. [2006], Borg [2007], Han et al. [2007], Kuroda and

Tvergaard [2007]). Dimensions of thin film structures are of the same order of magnitude

as microstructural phenomena, therefore, they must be taken into account. These phenom-

ena are mostly based on the dislocation processes which are localized and discrete events.

Therefore, discrete theories like discrete dislocation dynamics were developed and used for

the description of thin film structures behaviour (Van der Giessen and Needleman [1995],

von Blanckenhagen et al. [2001], Weygand et al. [2001], Weygand et al. [2002], von Blanck-

enhagen et al. [2004], Nicola et al. [2005], Devincre et al. [2006]). One of the most visible

and important phenomena of the thin film behaviour is the dependence of their properties

on the thin film structure dimensions (grain size, film thickness). These effects are generally

called “size effects” and they will be described in more details in the following section.

1.3 Size effects in thin film structures

The size effects are the phenomena which manifest as the dependence of the properties of

thin film structures on their dimensions. These effects are observed in the behaviour of

small scale structures. The typical mechanical size effect is the increase of yield stress with

decreasing dimension of structure. Smaller scale structures can also sustain higher level of

stress. These effects are observed in many experiments with thin films which were subjected

to different loading conditions like tensile loading or thermomechanical loading.

11



1. Introduction – crystal plasticity, thin films and size effects

First theory which deals with the size effects is known also in the bulk structure. It is the

dependence of the yield stress on the grain size. This relation is known as the Hall–Petch

relation:

σ = σ0 + kd−1/2, (1.2)

where σ0 is the yield stress for bulk single crystal material, k is a constant and d is the grain

size. However the validity of this relation on micron scale and for thin film structures is

still controversial. The experiments show that for copper this relation is valid down to 1µm

size (Spaepen and Yu [2004]) but the experiments for the other metals show the variation

of the exponent in the relation between -1/2 to -1 and it is not clear which value can be

taken as correct.

The models of size effects in thin films are based on the assumption of constrained

dislocation motion. The dislocation is supposed to move only in the ”channel” through the

film. The dislocation must fit into the dimension of the film (see figure 1.6). The simplest

estimation of the critical resolved shear stress can be based on this assumption of fitting

the dislocation into the film size (Arzt et al. [2001], Choi and Suresh [2002]). The yield

stress can be estimated by the relation:

τ =
Gfb

hg
, (1.3)

where Gf is the shear modulus of the film, hg is the thickness measured along the glide

plane and b is the Burgers vector.

A more sophisticated estimation was developed by (Nix [1989]) and (Freund [1987]).

They suppose the creation of interface dislocation segments during the glide. The experi-

mentally observed examples of such segments are shown in figure 1.7.

The resolved shear stress then depends on the film thickness and it can be determined

by the relations:

τNix =
bGeff

2π(1− νf )
sinφ
hf

, (1.4)

where

Geff =
GfGs

Gf +Gs
ln
(
ξshf

b

)
, (1.5)
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1.3. Size effects in thin film structures

Figure 1.6: Scheme of the constrained dislocation motion in thin film.

Figure 1.7: Scheme of the constrained dislocation motion in thin film (Arzt et al. [2001]).

φ is the angle between the glide plane normal and the film normal, b is the Burgers vector,

νf is the Poisson ratio of the film, Gf and Gs are the shear moduli of the film and sub-

strate respectively and ξs is the numerical constant which defines the the cutoff radius of

the stress field of the dislocation at the film/substrate interface. This model significantly

underestimates the stress levels which are measured experimentally. An extension of the

model was proposed by Thompson for polycrystalline films (Thompson [1993]). This model

takes into account additional dislocation segments at grain boundaries. The resolved shear

stress can then be estimated as:

τTh =
W

b

(
2
d

+
sinφ
hf

)
, (1.6)
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1. Introduction – crystal plasticity, thin films and size effects

where

W =
Gfb

2

4π(1− νf )
ln
(
d

b

)
, (1.7)

d is the grain size,W is the line energy of the dislocation segments along the grain boundaries

and the interface between the film and the substrate and Gf is the film shear modulus.

This model cannot explain the levels of yield stress of thin films because it does not take

into account the obstacles which can restrain the dislocation motion. These obstacles are

mainly the formation of other dislocations. In thin films dislocations are concentrated at the

interface between the film and the substrate due to the misfit of crystal lattices. The other

obstacles are the geometrically necessary dislocations at grain boundaries which are caused

by strain incompatibilities due to grain orientations. Such a model, which takes into account

the GND’s, was developed to interpret some experimental stress–strain curves for copper

thin films on the polyimide substrate up to a certain value of imposed strain (Hommel and

Kraft [2001]). The simulations with discrete dislocation dynamics then showed the other

possible effects which leads to higher yield stress values and higher hardening rates of thin

film structures. One possible explanation is the limited number of dislocation sources in

the grains because of their small dimension (von Blanckenhagen et al. [2004]). Then, the

plasticity of the films is not driven by the interaction of the dislocations with obstacles

but by the activation of these sources. The lack of sources can cause that only few of

them are correctly oriented and can be activated. Furthermore the position of these sources

inside the grains is very important. Sources which are closer to the grain boundaries or

interface need higher stress level for their activation. The critical value of film dimension

under which the plasticity is source–controlled and above which the plasticity is driven by

the Hall–Petch behaviour was derived by (von Blanckenhagen et al. [2001]). The dominant

dimension which determines the behaviour in the thin films is the smaller one from the pair

of film thickness h and grain size d. The critical value of this dimension can be estimated

as:

dc =
(
Gfb

ck

)2

(1.8)
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1.4. SizeDepEn network

where Gf is the film shear modulus, k is the Hall–Petch constant for bulk material, b is the

Burgers vector and c is the ratio between the source length and the plasticity controlled

film dimension.

1.4 SizeDepEn network

This thesis was realized as a part of the SizeDepEn network – “Engineering mechanics

based on size–dependent materials properties” (www.sizedepen.de). This project belongs

to Marie–Curie training networks which are the European projects aimed at the training

of new scientists in the environment of international cooperation. This network consists of

6 groups from 5 European countries:

• Institut für Zuverlässigkeit von Bauteilen und Systemen, Universität Karlsruhe, Ger-

many

• Intitute for Materials and Processes, University of Edinburgh, United Kingdom

• Centre des Matériaux de l’École des Mines de Paris, ARMINES, France

• Department of Applied Physics, Micromechanics of Materials Group, Rijksuniversiteit

Groningen, The Netherlands

• Fraunhofer Institut für Werkstoffmechanik, Fraunhofer-Gesellschaft, Freiburg, Ger-

many

• Department of General Physics, Eötvös University Budapest, Hungary

The research topics of this project are focused on the description of size–dependent

material properties. These properties are treated on several length–scales (micro, meso,

macro) within the framework of several different theories. The micro scale is represented

by the molecular dynamics simulations of the dislocation motion in the confined volumes and

the interactions of the single dislocation with obstacles and grain boundaries. The results of

the molecular dynamics simulations are then implemented via the constitutive laws into the

discrete dislocation dynamics simulations at the mesoscale. This investigation is pursued
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1. Introduction – crystal plasticity, thin films and size effects

Figure 1.8: The scheme of the collaboration and mutual contacts within the SizeDepEn
network and the logo of SizeDepEn.

at IZBS in Karlsruhe. The application of discrete dislocation dynamics in the problematic

of fracture is investigated at the University of Groningen. The further step up in the scale

is the description of collective behaviour of many dislocations. The methods of statistical

mechanics are used for this description. The theory of multiple–slip in crystals based on this

statistical description of collective behaviour of dislocation is developed at Eötvös University

Budapest and University of Edinburgh. The macroscopic approach using the continuum

crystal plasticity is applied in the investigation of the behaviour of the thin metallic films.

These results are compared with DDD simulations of multicrystals. This work is done by

École des Mines de Paris in cooperation with IZBS at University of Karlsruhe. The work

and results which are described in this thesis represent this part of the project.

1.5 Objectives and methods

The main goal of this thesis is to investigate the mechanical properties of the thin copper

film within the framework of classical continuum crystal plasticity and discrete dislocation

dynamics. The objectives are the study of:

• The evolution of the stress/strain heterogeneities caused by the strong elastic
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1.5. Objectives and methods

anisotropy of copper.

• The evolution of the plasticity in the polycrystalline aggregates during tensile loading

with different boundary conditions which simulate the behaviour of free–standing

films, films on a soft substrate and films on a stiff substrate. The influence of the

different crystallographic orientations on the adjacent grains is investigated.

• The Evolution of the hardening of the different crystallographic orientations during

the cycling of aggregates.

• The evolution of the plastic strain fields in different crystallographic orientations in

the aggregates (free–standing, on a stiff substrate) subjected to different types of

cyclic loading.

• The evolution of the global and local plasticity induced roughness of the aggregates

(free–standing, on a stiff substrate) subjected to different types of cyclic loading.

• The comparison of the simulations with experimental results. Comparison is under-

taken for macroscopic behaviour and evolution of microstrains.

• The evaluation of the influence of the simplified Voronöı shaped grains on the macro-

scopic behavior and plastic strain distribution.

• The simulations of the 3D multicrystalline aggregates by discrete dislocation dynam-

ics and investigation of the influence of the grain size, film thickness, crystallographic

orientation, initial dislocation density and initial source length on the resulting macro-

scopic behaviour (yield stress, hardening rate) and local distribution of stress.

• The comparison of the stress distribution and levels in aggregates obtained by the

DDD and classical and possibly generalized continuum crystal plasticity simulations.

The crystal plasticity simulations are performed by finite element method with the Z–

set (Zebulon) code (www.nwnumerics.com). The DDD simulations are done by the finite

element code developed at IZBS, University of Karlsruhe. The investigation of the proper-

ties is based on a statistical approach. This approach consists in collecting and averaging
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1. Introduction – crystal plasticity, thin films and size effects

the results from different realizations of polycrystalline aggregates. The advantage is the

computations with rather small aggregates (Kanit et al. [2003]).

This thesis contains new advances, only partially presented in literature:

• The simulations of tensile test of the copper thin film on the polyimide substrate using

the crystal plasticity model.

• The simulations of the cyclic loading of the copper thin films with evaluation

of its mechanical behaviour and evolution of given quantities (hardening, plastic

strain,plasticity induced surface roughness) for high number of cycles.

• 3D discrete dislocation dynamics of the multicrystalline aggregates.

• Comparison of the stress distributions in 3D continuum crystal plasticity and discrete

dislocation simulations.

1.6 Outline of the thesis

The whole work is divided into 8 chapters. The first chapter is devoted to introduction and

short summary of the research in the area of the crystal plasticity and finite element method,

simulations of polycrystals, thin film structures and its investigation and the size effects,

which occurs in thin films. Chapter 2 is focused on the estimation of the elastic properties

of the copper thin films by FE simulations. The simulations are performed by the finite

element method which necessitates to set up some basic parameters, like mesh density and

representative volume element size, to be able to obtain reliable results. Copper is known

for its strong anisotropy in elastic behaviour and it is necessary to investigate its influence

on the evolution of stresses and strains in thin films because the stress level then directly

influences the plasticity of copper thin films. Since the main crystallographic orientations

in copper thin films are {111} and {001}, the elastic behaviour of single crystal with these

orientations is analytically investigated first. Then the distributions of the elastic stress

and strain are investigated in the aggregates which is formed by the grains with these

orientations. Chapter 3 is focused on the elasto–plastic behaviour of copper thin films.
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1.6. Outline of the thesis

The theory of crystal plasticity is explained in this chapter. At first, the plasticity of the

{111} and {001} oriented single crystals is solved analytically and then the elasto–plastic

behaviour of copper thin films on a soft polyimide substrate is inspected. The thin films

are often subjected to cyclic loading and also some experiments about cyclic and fatigue

behaviour were performed in the literature. Therefore the next step is the simulation of

the cyclic loading of thin copper films. This is described in chapter 4. The evolution of

hardening, distribution of plastic strain and also the surface roughness are investigated in

this part. Possible precursors of fatigue damage are also indicated. To verify the ability of

this continuum approach, it is necessary to compare the simulation results with experimental

data. This is done in the chapter 5. The comparison of the simulations with experimental

tensile tests of copper thin films on polyimide substrate is also presented in this chapter.

Since the aggregates used in simulations have the grains with Voronöı shapes, simulations

with more realistic grains are proposed and compared with previous ones. This comparison

can show if the simplified grain shape gives suitable results.

The discrete dislocation simulations are described in the chapter 6. The discrete dis-

location dynamics simulations are presented for multicrystalline aggregates to discover the

dependence of the yield stress and hardening rate on the grain size, film thickness, initial

dislocation density and initial source length. The source activation and dislocation reactions

are also observed and compared for different grain orientations.

The comparison of the continuum and DDD approach is compared in the chapter 7. The

global stress–strain behaviour as well as the average stress per grain and the distribution

of the stress and plastic strain is compared for multicrystalline aggregates computed by the

different approaches, namely the continuum and discrete ones.
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Chapter 2

Finite element simulations of
elastic properties of copper thin

films

2.1 Introduction

2.1.1 Objectives

The starting point of the investigation of mechanical properties of thin films is studying

their elastic properties. The films behave elastically at the beginning of loading and plastic-

ity starts and develops upon these elastic response. Therefore, it is necessary to investigate

such an elastic response in systematic way. This study can be divided into two main parts:

analytical and numerical. Analytical computations are used for determination of single

crystal properties and numerical simulations are used for investigation of polycrystalline

aggregate properties. The results of both approaches are presented in this chapter. The nu-

merical simulations are done by the finite element method. The determination of necessary

parameters of such simulations is described also in this chapter.

2.1.2 Notation

The following symbols and their definitions are used in this chapter and thesis:

• Local values at the integration point or analytical results:
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2. Finite element simulations of elastic properties of copper thin films

σij – component of the stress tensor

εij – component of the strain tensor

von Mises stress

σeq =

√
3
2
σdev : σdev, (2.1)

equivalent strain

εeq =

√
2
3
ε : ε, (2.2)

where σdev is the deviatoric part of stress tensor and ”:” is double contraction.

• Average values per grain:

von Mises stress

< σeq >g=
1
Vg

∫
Vg

√
3
2
σdev : σdevdVg, (2.3)

equivalent strain

< εeq >g=
1
Vg

∫
Vg

√
2
3
ε : εdVg, (2.4)

where Vg is the volume of grain g.

• Average values per aggregate:

component of stress tensor

Σij =
1
V

∫
V

σijdV, (2.5)

component of strain tensor

Eij =
1
V

∫
V

εijdV, (2.6)

von Mises stress

Σeq =
1
V

∫
V

√
3
2
σdev : σdevdV, (2.7)
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2.1. Introduction

equivalent strain

Eeq =
1
V

∫
V

√
2
3
ε : εdV, (2.8)

where V is the total volume of the aggregate.

These quantities are different from the von Mises stress of the mean stresses and

equivalent of the mean strain which are defined as:

Σm
eq =

√
3
2
Σdev : Σdev, (2.9)

Em
eq =

√
2
3
E : E. (2.10)

These quantities are not used in this work.

2.1.3 Theory of cubic elasticity

Only the elastic behaviour is considered in this part and the theory of cubic elasticity is

used. Cubic elasticity is described by the tensor of cubic elasticity and relation between the

stresses and strains is described by Hooke’s law:

σij = Cijklεkl, εij = Sijklσkl, (2.11)

which can be rewritten as:


ε11
ε22
ε33
2ε12
2ε23
2ε31

 =


S11 S12 S12 0 0 0
S12 S11 S12 0 0 0
S12 S12 S11 0 0 0
0 0 0 S44 0 0
0 0 0 0 S44 0
0 0 0 0 0 S44




σ11

σ22

σ33

σ12

σ23

σ31

 , (2.12)
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2. Finite element simulations of elastic properties of copper thin films

where Sij are the cubic elastic compliances. This form of matrix is valid in the coordinate

frame of the crystal. Usually the crystallographic orientation of grains in aggregate is

different according to the direction of loading, therefore, it is necessary to express the

values of stresses and strains in the laboratory or the crystal coordinate system.

2.1.4 Transformation of tensors

The transformation between the two coordinates systems can be done using the three Euler

angles. Definition of these angles φ1,Φ, φ2 is shown in figure 2.1.

Figure 2.1: Definition of Euler angles

The components of tensors are transformed according the relation:

x′ij = TikTjlxkl, (2.13)

Transformation matrix from the laboratory coordinate system to the crystal one can be

expressed in the following form:

T =

 cosφ1 cosφ2 − cos Φ sinφ1 sinφ2 sinφ1 cosφ2 + cos Φ sinφ2 cosφ1 sinΦ sinφ2

−(cosφ1 sinφ2 + cos Φ cosφ2 sinφ1) cosφ1 cosφ2 cos Φ− sinφ2 sinφ1 sinΦ cosφ2

sinφ1 sinΦ − cosφ1 sinΦ cos Φ


(2.14)
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2.2. Determination of simulation parameters

and the inverse transformation is given by its transpose.

2.2 Determination of simulation parameters

The starting point of the simulations is the setting of their parameters. The representation

of the film and grain morphology is described in this chapter as well as the determination

of the suitable mesh density.

2.2.1 Film representation and grain morphology

The real film is represented by a polycrystalline aggregate in the computations. This

aggregate mimics some properties of the real films but some simplifications are introduced.

The real films have usually only one grain through the thickness and the grain boundaries

are almost perpendicular to the film plane (Bhattacharyya et al. [2001], Parisot et al. [2001],

Perez-Prado and Vlassak [2002], Weihnacht and Bruckner [2002], Okolo et al. [2005]). The

grain size distribution is log-normal and the real films consist of combination of small and

large grains (Weygand et al. [1998]). Most of the grains have size about the thickness of

film. The films are produced for our simulations by the Voronöı tessellation method in 2D

with an exclusion distance (Barbe et al. [2001a]). This method leads to grains with more

or less the same size so there is no large variation of the in–plane grain size contrary to

the real case. This is the first simplification. The 3D structures are created from the 2D

by the extension of the 2D map of the grains along the third perpendicular direction. This

method creates aggregates with one grain through the thickness and the grain boundaries

are strictly perpendicular to the film plane which is the second simplification. The process

of the creation of the film is shown in figure 2.2(a). The third simplification is the absence

of the twin structures observed in the real films. All these factors can influence the results

and should be taken into account in future more realistic simulations. The real films in the

experiments are deposited on the substrate or they are free–standing. These two cases are

simulated in this section by two types of boundary conditions. The tensile test of the film
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2. Finite element simulations of elastic properties of copper thin films

is simulated by the imposing displacement U2 on one side of the film, while the opposite

side is fixed in the direction of tension – direction 2. The lateral faces of aggregate are free.

Two extreme conditions are applied on the bottom side of the aggregate:

• free surface: There are no constraints applied on this surface which corresponds to a

free-standing film.

• fixed surface: The surface is not allowed to move in the direction perpendicular to

the plane of the film: U3 = 0. This corresponds to the case of a non–deformable

substrate.

The boundary conditions are shown in the figure 2.2(b). Crystallographic texture is taken

from the experimental observations (Hommel and Kraft [2001]). There are two main crys-

tallographic orientations in the copper thin films: {111} and {001}. This means that the

normals to these planes are perpendicular to the plane of the film. These axes are taken

strictly perpendicular in our simulations which is not exactly the case in real films.

Figure 2.2: Creation of the polycrystalline aggregate (a), boundary conditions (b)

2.2.2 Mesh density

Before starting the simulations, it is necessary to check the parameters of the mesh to

produce valid results. Quadratic elements with 15 nodes and 18 integration points are used

in the simulations. Four meshes with different mesh densities were created for checking the

convergence of the results. The aggregates contain 19 grains with orientation {111}. A
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2.2. Determination of simulation parameters

tensile test in the purely elastic regime was performed on a film. Parameters of the meshes

are presented in table 2.1. Tested meshes are shown in figure 2.3.

Mesh coarse medium fine ultrafine
DoF/grain 1290 2169 3729 6924

Table 2.1: Chosen mesh densities described by average number of degrees of freedom (DoF)
per grain

The global and local convergence is checked in the following way. The global conver-

gence is obtained from the comparison of the value of apparent Young’s modulus for the

different meshes. The global average value of the stress in the direction of the tension is

computed when the global average value of imposed deformation is prescribed. Then the

apparent Young’s modulus is computed as:

Σ22 =< σ22 >=
1
V

∫
σ22dV, E22 =< ε22 >, Eapp =

Σ22

E22
, (2.15)

.

where E22 is the average imposed deformation. The local convergence is obtained from

the comparison of the equivalent von Mises stress along a side line of the aggregate. The

results for the local and global convergence are shown in figure 2.4. The differences of

the results between the individual meshes are small so the computational time becomes

the main criterion to choose of the best–suited mesh density. Finally the mesh marked as

medium is chosen because it provides sufficient accuracy and reasonable computing time.

The density of this mesh is about 240 elements per grain.

2.2.3 Representative volume element

The global properties of the aggregate should correspond to the behaviour which can be

measured in experiments and the global properties of the aggregate should not depend on

the concrete realizations. This condition is fulfilled when the aggregate contains a sufficient

number of the grains. Such aggregate presents the representative volume element. In our

case a statistical approach is chosen to obtain the representativity of the results (Kanit
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2. Finite element simulations of elastic properties of copper thin films

a) b)

c) d)

Figure 2.3: Meshes used for estimation of mesh density (a) coarse, (b) medium, (c) fine,
(d) ultrafine

et al. [2003], Houdauigui et al. [2007a]) . This approach is based on the comparison of

the results from different realizations of the aggregates with the same number of grains in

average. The criterion of this approach for the apparent Young’s modulus can be written as:

ε =
D(E)
√
nE

≤ 1% (2.16)
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2.2. Determination of simulation parameters

a)

b)

Figure 2.4: Global convergence of meshes (a), local convergence of meshes (b)

where D(E) is the standard deviation of the Young’s moduli of realizations, E is the mean

value with respect to n realizations. The computations of the representative volume element

are done for the boundary conditions which correspond to presence of a non deformable

substrate. The constraint of the substrate is supposed to cause the higher dispersion in the

results. Therefore such an estimate is on a safe side. Two sets of the aggregates are created:
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2. Finite element simulations of elastic properties of copper thin films

10 realizations of the aggregates with 20 grains and 20 realizations of the aggregates with

47–49 grains. The aggregates are supposed to have only {001} or {111} oriented grains.

The results are summarized in the table 2.2.

Number of
grains

20 20 47 - 49 47 -49

Orientation {001} {111} {001} {111}
E [MPa] 75 863 125 788 77 550 126 251
ε 0.011 0.0019 0.0052 0.0018

Table 2.2: Relative precision of Young’s modulus

The average values of Young’s moduli differ by 2.2 % for the orientation {001} and 0.3

% for the orientation {111} respectively. Such differences are small enough, therefore, the

given criterion is fulfilled for both orientations for the case of 20 larger aggregates. So the

results obtained with these conditions are valid and sufficiently accurate.

2.3 Tensile test for a single crystal

Tensile test is designed in such a way that tensile axis is contained in one plane {111} or

{001}. The tension is applied in x direction of the laboratory coordinates. The orientation

is such that the normal of given planes {111} or {001} coincides with z-axis of the laboratory

coordinates. This is shown in figure 2.5. The angle φ1 describes the rotation of the crystal

coordinates (red) with respect to laboratory ones (black).

The stress tensor in the laboratory coordinates is written as:

σ =

 σ 0 0
0 0 0
0 0 0

 . (2.17)
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2.3. Tensile test for a single crystal

Figure 2.5: Orientation of the crystal coordinates (red) with respect to laboratory coordi-
nates (black).

2.3.1 Orientation {111}

Corresponding Euler angles for this orientation are: Φ = 54.74◦, φ2 = 45◦. The angle φ1 is

the angle between the x axis of the laboratory coordinates (tensile direction) and projection

of the crystal x′ axis to the plane x− y of the laboratory coordinates. The transformation

matrices are for this case:

T =


√

2
2 cosφ1 −

√
6

6 sinφ1

√
2

2 sinφ1 +
√

6
6 cosφ1

√
3

3

−(
√

2
2 cosφ1 +

√
6

6 sinφ1)
√

6
6 cosφ1 −

√
2

2 sinφ1

√
3

3√
6

3 sinφ1 −
√

6
3 cosφ1

√
3

3

 . (2.18)

The components of strain tensor in laboratory coordinates can be obtained as follows:

The stress tensor (2.17) is transformed into the crystal coordinate frame by the transforma-

tion matrix T . Transformed components of the stress tensor are put into the equation (2.12)

and the corresponding strain tensor components are derived. The inverse transformation is

then applied on the strain tensor to obtain its form in laboratory coordinates. Components

of such strain tensor, Young’s modulus and Poisson ratio are:
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ε11 = σ(
1
2
S11 +

1
2
S12 +

1
4
S44), (2.19)

ε22 = σ(
1
6
S11 +

5
6
S12 −

1
12
S44), (2.20)

ε33 = σ(
1
3
S11 +

2
3
S12 −

1
6
S44), (2.21)

ε12 = 0, (2.22)

ε23 = σ

√
2 cos(3φ1)

6
(S11 − S12 −

1
2
S44), (2.23)

ε13 = −σ
√

2 sin(3φ1)
6

(S11 − S12 −
1
2
S44), (2.24)

E111 =
σ

ε11
=

4
2S11 + 2S12 + S44

, (2.25)

ν2−111 = −ε22
ε11

= − 2S11 + 10S12 − S44

3(2S11 + 2S12 + S44)
, (2.26)

ν3−111 = −ε33
ε11

= −2(2S11 + 4S12 − S44)
3(2S11 + 2S12 + S44)

. (2.27)

a) b)

Figure 2.6: Comparison of the results of analytical and finite element computations for the
orientation {111}: a) Young’s modulus b) Poisson ratios ν2−111, ν3−111.

The diagonal part of the strain tensor is independent of the angle φ1, therefore, this

strain is isotropic. The Young’s modulus and the Poisson ratio is also independent of the

angle φ1. This is shown in figure 2.6 with comparison of analytical computations and finite
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2.3. Tensile test for a single crystal

element computations. But there are off diagonal shear components ε23 and ε31 which

depend on the orientation φ1. This means that during pure tension of {111} oriented single

crystal, shear strain develops and depends on the orientation of the crystal according to

direction of the tension. This is due to the fact that {111} planes are not symmetry planes

of the crystal. This leads to the development of the stress/strain concentrations in the

polycrystalline aggregates as it will be shown later.

2.3.2 Orientation {001}

Corresponding Euler angles for this orientation are: Φ = 0◦, φ2 = 0◦. The angle φ1 describes

the angle between the x′ axis of the crystal coordinates and x axis of laboratory ones (tensile

direction). The transformation matrix is for this case:

T =

 cosφ1 sinφ1 0
− sinφ1 cosφ1 0

0 0 1

 . (2.28)

The same procedure of the transformation of the stress and strain tensor into the corre-

sponding coordinates is applied and the final form of the relations for the strain components,

Young’s modulus and Poisson ratio in the laboratory coordinate system can be expressed

as:

ε11 = σ[S11 +
sin2(2φ1)

4
(2S12 − 2S11 + S44)], (2.29)

ε22 = σ[S12 +
sin2(2φ1)

4
(2S11 − 2S12 − S44)], (2.30)

ε33 = σS12, (2.31)

ε12 =
σ

4
(S11 − S12 −

1
2
S44) sin(4φ1), (2.32)

ε23 = ε31 = 0, (2.33)

E001 =
σ

ε11
=

4
4S11 + sin2(2φ1)(2S12 − 2S11 + S44)

(2.34)
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2. Finite element simulations of elastic properties of copper thin films

ν2−001 = −ε22
ε11

= −4S12 + sin2(2φ1)(2S11 − 2S12 − S44)
4S11 + sin2(2φ1)(2S12 − 2S11 + S44)

, (2.35)

ν3−001 = −ε33
ε11

= − 4S12

4S11 + sin2(2φ1)(2S12 − 2S11 + S44)
. (2.36)

a) b)

Figure 2.7: Comparison of the results of analytical and finite element computations for the
orientation {001}: a) Young’s modulus b) Poisson ratios ν2−001, ν3−001.

In this case the diagonal components depend on the orientation of the crystal and

only the in–plane shear component is presented. The Young’s modulus and Poisson ratio

also depend on the crystal orientation φ1. This is shown in figure 2.7 with comparison of

analytical computations and finite element computations. Comparison of the expressions

for Young’s modulus in equations 2.25 and 2.32 shows that this modulus is higher for the

orientation {111}, because for this orientation, the S11 is multiplied only by factor of 2.

Therefore orientation {111} is stiffer than orientation {001}.

2.4 Tensile test of polycrystalline films

The elastic computations of the tensile test of the polycrystalline aggregates are shown in

the following section. The results of these simulations are post–processed to investigate

the stress and strain heterogeneities which develop in the grains during the loading. The

analysis is realized at several scales. First the mean values of the stresses and the strains for

each grain are computed and the dispersion is evaluated according to the crystallographic
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2.4. Tensile test of polycrystalline films

orientation of the grains and also to the type of boundary conditions which are applied.

The second scale is the dispersion of the stresses inside the grains and dependence of this

stress on the position inside the grain.

2.4.1 Texture {001}: mean value per grain

The components of the strain tensor depend on the orientation of the grain with respect

to the tensile direction. The stress values are directly related to the strain values through

the elastic constants. The highest stresses occur at the points with the largest strain

heterogeneities. The highest strain and stress heterogeneities occurs at the grain boundaries.

Figure 2.8 shows the distribution of the von Mises stress at the free surface in the aggregates

with substrate and the free–standing aggregate. The stress concentration at the grain

boundaries is clearly visible. This figure also shows that the distribution of the stresses is

quasi–homogeneous through the thickness of the film and the film remains almost plane

during the loading. This is because the {001} planes are symmetry planes of the crystal.

The deviations from the flat shape of the free surface are caused by the dependence of the

Poisson ratio on the crystal orientation φ1. The grains with different orientations tend to

contract differently. The dispersion of the stresses and strains in aggregate is evaluated by

the mean von Mises stress and the mean equivalent strain for each grain. The results for

the free–standing films and the films with the substrate for 20 realizations are shown in

figure 2.9(a)(b). Each point in these plots corresponds to one grain. Value for each grain

is normalized by the mean value for whole aggregate. The influence of the substrate on

the dispersion of the stresses and the strains is shown on the figure 2.9(a)(b). The relative

dispersion ranges between 0.5 – 1.5 for the free–standing films and 0.5 – 2.0 for the films on

a substrate. This increase in the dispersion is caused by the influence of the substrate. The

boundary conditions force the bottom surface remains flat, but the grains tend to contract

in the z direction with respect to the given Poisson ratio ν(φ1). Such a constraint then

causes the different increase of strain in grains with different orientations. These differences

in strain cause the increasing of dispersion in strain values.
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2. Finite element simulations of elastic properties of copper thin films

a) b)

Figure 2.8: Distribution of the von Mises stress at the free surface in the {001} oriented
grains a) free–standing, b) with substrate.

2.4.2 Texture {111}: mean values per grain

The diagonal part of the strain tensor is independent of the rotation of the crystal, therefore,

the in–plane Young’s modulus is isotropic. But the shear components which are presented

and which depend on the crystal in–plane orientation cause heterogeneities of stresses and

strains. These heterogeneities occur at grain boundaries with maximal differences in shear

strain. Presence of this shear causes the stress/strain heterogeneities in the {111} oriented

films. This is shown in figures 2.10 and 2.11. Figure 2.10(a) shows the aggregate with the
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2.4. Tensile test of polycrystalline films

a)

b)

Figure 2.9: Dispersion of the mean von Mises stress per grain and the equivalent strain in
the aggregates with {001} oriented grains a) free–standing, b) with substrate.

given grain orientations. Numbers represent the angle φ1. Figures (b) and (c) then show

the distribution of shear strain components ε23 and ε31 inside the grains at the free surface.

Figures 2.11(a)(b) show the distribution of the von Mises stress at the free surface in the

same aggregate for the free–standing conditions and the conditions with substrate. Com-
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2. Finite element simulations of elastic properties of copper thin films

parison of these figures shows definite correspondence between such stress concentrations

and differences of the shear strain components. The stress concentrations are localized in

the narrow regions around some grain boundaries and the rest of the grains behave more

homogeneously. The planes {111} are not symmetry planes of the crystal, therefore, the

film have tendency to curve during the loading. The effect of the substrate is much more

significant in this case (see fig.2.11). The stress concentrations are much higher for the film

on a substrate. Contrary to the {001} case the stresses are not constant through the thick-

ness of the film. This is clearly shown in figure 2.12. This figure shows the differences in the

von Mises stress distribution at the upper and bottom free surfaces for the free–standing

films. The mean value of von Mises stress and equivalent strain are computed for each grain

and normalized by the average value for whole aggregate. Dispersion of von Mises stress

and equivalent strain is presented in figure 2.13. The influence of the substrate is clearly

visible from the comparison of case a) with substrate and b) free–standing. The dispersion

in stresses increases approximately by a factor of two. There is a significant difference in

the dispersion between the cases {001} and {111}.

2.4.3 Heterogeneities inside the grains

The second level of the heterogeneities is the dispersion of the stresses and the strains inside

the grains. The value of the von Mises stress is computed at each integration point and

the dependence of this value according to its position is evaluated. Values of von Mises

stresses are normalized by the global mean stress in tensile direction. Figure 2.14 shows

the dependence of these values on the distance to the geometric centre of the grain. This

distance is normalized by the half of the mean grain size. This figure shows the fact that

the dispersion of the stresses increases tremendously towards the grain boundaries. Several

features can be distinguished from the comparison of the contours of the resulting plots.

The dispersion of the stresses in {001} grains increases continuously from the center to the

grain boundaries while for the {111} films there is a significant increase at the value of

1.2 of the average distance to the grain center. This shows the concentration of the stress

heterogeneities at the grain boundaries in the {111} films as in previous section. Ranges of
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2.4. Tensile test of polycrystalline films

a) b)

c)

Figure 2.10: Distribution of the shear strain at the free surface in the {111} oriented grains
a) angle φ1 of orientation of grains, b) ε23 c) ε31 components.

the relative values in the {001} films are between 0.8 – 1.5 for free–standing and 0.8 – 1.6

for the films on the substrate. This small differences are caused by the smaller influence

of the substrate. This is a consequence of the tendency of the film to remain almost flat.
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2. Finite element simulations of elastic properties of copper thin films

a) b)

Figure 2.11: Distribution of the von Mises stress at the free surface in the {111} oriented
grains a) free–standing, b) with substrate.

Higher stress values are in the films with {111} oriented grains. Ranges are 0.55 – 1.6 for

free–standing and 0.4 – 1.6 for substrate. Absolute values of stresses are higher which is

caused by the higher stiffness of the {111} orientation. The influence of the substrate is

more visible from the wider range of the relative values of the stresses and also from the

shift of the points towards higher values in the presence of a substrate. Relative values in

the center of grains increase from 1.0 to almost 1.2 which is induced by the constraining

due to the presence of a substrate.
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2.4. Tensile test of polycrystalline films

a) b)

Figure 2.12: Comparison of the von Mises stress distribution at the upper free surface a)
and bottom free surface b) for the free–standing film with {111} oriented grains.

Similar comparison is shown in figure 2.15. These figures show the values of the von

Mises stress at the integration points with respect to the distance from the closest grain

boundary. Comparison is done for six different grains. The main features of the films

with the {001} and {111} oriented grains are also clearly recognizable. The values in

each of the {001} oriented grains are very different. This fact corresponds to the stronger

heterogeneities in such films. The values also indicate continuous increase in the dispersion

towards the grain boundary. Most of the points for the {111} oriented grains are placed in

the interval 0.6 – 1.4 for the free–standing films and 0.7 – 1.3 for the films with substrate.

This is the manifestation of the isotropic behaviour and more homogeneous deformation

of these films. The influence of the substrate can be recognized from the increasing of the

dispersion and shifting of the average to the higher values. The narrower zones of the stress
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2. Finite element simulations of elastic properties of copper thin films

a)

b)

Figure 2.13: Dispersion of the von Mises stress and the equivalent strain in the aggregates
with {111} oriented grains a) free–standing, b) with substrate.

concentrations in these films are visible in the black and yellow grains. The values of the

stress increase very close to the grain boundary while towards the center of the grain remain

the values within the range of the values of other grains.
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2.5. Conclusions

a) b)

c) d)

Figure 2.14: Distribution of the von Mises stress related to the distance from the center of
grain for a) free–standing {001}, b) with substrate {001}, c) free–standing {111}, d) with
substrate {111}.

2.5 Conclusions

The elastic behaviour of the single crystal and the polycrystalline aggregate with the texture

{001} and {111} was simulated and investigated. The analytical solution for the tensile

test of the single crystal was described and the strain/stress heterogeneities were compared.

Parameters of the finite element simulations were determined. The main results are:

• A mesh density with 2169 degrees of freedom per grain is sufficient.

• The statistical approach in the determination of RVE provides valid and sufficiently

accurate results for 20 different realizations of aggregates with 50 grains.

• The in–plane Young’s modulus for the orientation {001} depends on the in–plane grain

orientation while the in–plane Young’s modulus is isotropic for orientation {111}.
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2. Finite element simulations of elastic properties of copper thin films

a) b)

c) d)

Figure 2.15: Distribution of the von Mises stress related to the distance from the grain
boundary for 6 grains in a) free–standing {001}, b) with substrate {001}, c) free–standing
{111}, d) with substrate {111}.

• Deformation is heterogeneous in {111} films although {111} planes are isotropy planes

for Young’s modulus.

• The stress and the strain are more heterogeneous in the {001} films than in the {111}

films.

• The stress concentrations are closer to the grain boundaries in the {111} films.

• The substrate induces larger dispersions of stress and strain. This effect is more

significant in the {111} films.
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2.5. Conclusions

Some of these results were published in (Šǐska et al. [2007a]).
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Chapter 3

Finite element simulations of
the plasticity of copper thin

films

3.1 Crystal plasticity theory

The elasto–plastic computations are based on the theory of continuum crystal plasticity.

The presnted theory is based on Mandel and Asaro approaches which use the multiplica-

tive decomposition of deformation gradient into elastic and plastic parts (Mandel [1973],

Teodosiu and Sidoroff [1976a], Asaro [1983b], Méric et al. [1991], Cailletaud [1992], Barbe

et al. [2001a]). This decomposition can be expressed by the equation:

F∼ = F∼
e.F∼

p. (3.1)

The graphical representation of such a kinematic decomposition is shown in figure 3.1. The

change of deformation state is divided into two parts so that there is an intermediate state

during deformation at each material point. The intermediate state consists only of the

plastic deformation of the crystal lattice. The elastic deformation of the crystal lattice is

added during the second step to restore compatibility of the total deformation gradient.

The intermediate configuration is such that the lattice orientation is the same as the initial

one. Plastic deformation is a consequence of glide processes in N crystal slip systems. These
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3. Finite element simulations of the plasticity of copper thin films

slip systems are characterized by the normal to the slip plane n and slip direction m . The

plastic flow is described by the equation:

Ḟ∼
p
.F∼

p−1 =
N∑

s=1

γ̇sP∼
s, (3.2)

P∼
s = m s ⊗ n s, (3.3)

where γs is the amount of slip for each slip system. This slip evolution can be described by

the equation:

γ̇s =
〈
| τ s − xs | −rs

k

〉n

sign(τ s − xs), (3.4)

where τ s is the resolved shear stress which acts on the given slip plane and slip direction

and it is given by:

τ s = P∼
s : σ∼

s. (3.5)

Coefficients k and n come from Norton law according to which the plastic slip is derived.

These coefficients describe the amount of viscoplasticity. Parameters rs and xs are associ-

ated with isotropic and kinematic hardening respectively. These hardening laws are given

by the following equations:

rs = r0 + q
n∑

r=1

hsr(1− exp(−bvr)), v̇s = |γ̇s|, (3.6)

xs = cαs, α̇s = γ̇s − dv̇sαs, (3.7)

where r0 is the initial yield stress and hsr is an interaction matrix. The equations for

kinematic hardening contain a dynamic recovery term. The interaction matrix describes

the self and latent hardening which is caused by the interactions between the different

slip systems. It depends on six coefficients which describe the interactions between the

different slip systems. The matrix form is shown in the table 3.1. The matrix is symmetric,

therefore, only one half is shown. The coefficient h1 describes the self hardening of the

given slip systems. The coefficient h2 describes the hardening caused by the interaction

with slip systems in the same slip plane. The coefficients h3, h4, h5 and h6 describe the

interaction with the other slip directions in different slip planes.
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3.1. Crystal plasticity theory

Bd Ba Bc Db Dc Da Ab Ad Ac Cb Ca Cd slip syst.
Bd h1 h2 h2 h4 h5 h5 h5 h6 h3 h5 h3 h6 Bd (111)[1̄01]
Ba h1 h2 h5 h3 h6 h4 h5 h5 h5 h6 h3 Ba (111)[01̄1]
Bc h1 h5 h6 h3 h5 h3 h6 h4 h5 h5 Bc (111)[1̄10]
Db h1 h2 h2 h6 h5 h3 h6 h3 h5 Db (11̄1)[1̄01]
Dc h1 h2 h3 h5 h6 h5 h5 h4 Dc (11̄1)[011]
Da h1 h5 h4 h5 h3 h6 h5 Da (11̄1)[110]
Ab h1 h2 h2 h6 h5 h3 Ab (1̄11)[01̄1]
Ad h1 h2 h3 h5 h6 Ad (1̄11)[110]
Ac h1 h5 h4 h5 Ac (1̄11)[101]
Cb h1 h2 h2 Cb (111̄)[1̄01]
Ca h1 h2 Ca (111̄)[101]
Cd h1 Cd (111̄)[011]

Table 3.1: Interaction matrix hsr. Due to the symmetry only one half of the matrix is
shown.

3.1.1 Setting of parameters

The values of the parameters of this model have to be determined. Two sets of parameters

have been identified according to the experimental data: one set for the tensile loading and

one set for the cyclic loading. Elastic behaviour is described by cubic elasticity. The inde-

pendent components of the stiffness matrix are C11, C12 and C44. Values are summarized

in table 3.2.

The parameters for the tensile loading have been set by fitting the experimental curves

of the tensile tests of copper single crystals with different crystal orientations (Kawasaki and

Takeuchi [1980]). Because these parameters are used only for tensile loading, the kinematic

hardening is not included. The computed curves are up to 20 % strain, which is enough,

because the total macroscopic deformation of the film does not exceed 2 % in this work.

The parameters k and n were chosen to minimize the rate dependence of the behaviour.

Graphical comparison of the experimental curves and simulated ones is in figure 3.2(a). This

set of parameters is called Copper I. The second set of parameters is used for the simulation

of the cyclic loading. Values have been taken from the work of Méric and Cailletaud (Méric

et al. [1994]). They studied the simulations of the cyclic loading of a copper bicrystal and

the setting of the parameters according to the experimental results were provided in this

49



3. Finite element simulations of the plasticity of copper thin films

F p
~

F
~

e

F
~

Figure 3.1: Decomposition of the deformation into elastic and plastic part.

work. Graphical results are shown in figure 3.2(b). This parameters set is called Copper II.

This model does not contain any length scale parameter. The influence of the small

scale is included by the value of yield stress which is derived from the Hall – Petch relation.

The Hall – Petch relation gives the relation between the yield stress and grain size by the

following equation:

σ = σ0 + kd−1/2. (3.8)

The experiments show that this Hall – Petch relation is valid for copper with grain size

down to 1 µm with the value of parameter k = 0.10 ± 0.06 MPam1/2 (Kozlov et al. [2004]).

The parameter σ0 is the yield stress for bulk copper and its value is equal 0.817 MPa (Méric

et al. [1994]) The comparison of the experiments shows also that the Hall – Petch relation

for the bulk copper structures is valid also for thin film copper structures (Spaepen and Yu

[2004]). If the effect of the mutual interactions of the grains in the aggregate is taken into

account, the final used value of yield stress is according to Taylor model equal to 35 MPa.

This value corresponds to the grain size of 1 µm and it is used for all grains in aggregates.

This means that the differences in sizes of individual grain are not taken into account.
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3.1. Crystal plasticity theory

Elasticity
C11 C12 C44

159300 MPa 122000 MPa 81000 MPa
Plasticity

Par. Copper I Copper II
k [MPa s] 2.0 5.0
n 15.0 10.0
q [MPa] 7.96 6.0
b 3.49 15.0
c [MPa] - 4500.0
d - 600.0
h1 1.0 1.0
h2 1.4 4.4
h3 1.4 4.75
h4 1.4 4.75
h5 1.4 4.75
h6 1.4 5.0

Table 3.2: Values of the parameters for the tensile and cyclic loading.

Figure 3.2: Comparision of the experimental and computed results (a) Tensile test e–
experimental curves c–computed curves (b) Cyclic loading. (Méric et al. [1994])
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3. Finite element simulations of the plasticity of copper thin films

3.2 Plastic deformation of single crystal

The studied copper crystal has FCC crystal lattice. The plastic slip occurs in these crystals

preferably on twelve octahedral slip systems which belong to {111} slip planes family. These

slip systems are in this work marked with numbers 1 – 12. The corresponding slip systems

are given in table 3.3.

No. slip plane slip direction
1 (111) [1̄01]
2 (111) [01̄1]
3 (111) [1̄10]
4 (11̄1) [1̄01]
5 (11̄1) [011]
6 (11̄1) [110]
7 (1̄11) [01̄1]
8 (1̄11) [110]
9 (1̄11) [101]
10 (111̄) [1̄10]
11 (111̄) [101]
12 (111̄) [011]

Table 3.3: Overview of the FCC octahedral slip systems.

Each slip system is characterized by its Schmid factor P s for given type of loading

and crystallographic orientation. Increasing value of Schmid factor decreases the value of

applied stress necessary for activation of the slip system. A slip system is activated when

the critical resolved shear stress value rs is reached by applied shear τ s. The values of

Schmid factor and activation of slip systems are described in the following sections.

3.2.1 Tensile loading of the {001} oriented single crystal

The normal to the (001) plane of the crystal is oriented in the z direction of the laboratory

coordinates. The tension is applied in y direction of the laboratory coordinate system

which is contained in the (001) plane – the applied stress is σ22. The angle φ1 describes

the angle between direction [100] of the crystal coordinates and the x axis of the laboratory

coordinates. The equations for the Schmid factors of given slip systems are:
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P 1 =
√

3
6

[cos(2φ1 +
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√
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P 2 = −
√
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2
], (3.10)

P 3 = P 8 = P 10 =
1√
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√
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], (3.13)

P 6 = − 1√
6

cos(2φ1), (3.14)

P 11 = −
√
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[cos(2φ1 +
π

4
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√
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2
], (3.15)

P 12 =
√

3
6

[cos(2φ1 −
π

4
) +

√
2

2
]. (3.16)

The graphical representation of these expressions is shown in figure 3.3. The functions

which describe Schmid factor values for each slip system have period an equal to 180◦.

The maximal value of Schmid factor is 0.493. This maximal value occurs for angles

φ1=22.5◦,67.5◦,112.5◦ and 157.5◦. There are 2 active slip systems for these orientations.

The crystal with these orientations has the smallest yield stress values. The second special

cases have the maximal value of Schmid factor equal to 0.408. These cases can be further

divided into two groups. First one occurs for φ1 = 0◦, 90◦ and 180◦. These orientations

have the smallest Young’s modulus and 8 active slips systems while 4 other remains inactive

during whole loading. The second case occurs for φ1 = 45◦, 135◦. The Young’s modulus is

the highest for these orientations and there are only 4 active slip systems. The value of the

yield stress can be obtained from the equation:

σs
min =

r0
P s

max

. (3.17)

In our case is r0 = 35 MPa so the values of the yield stresses are in range 71 – 86 MPa.

Ratio between these values is 1.211.
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Figure 3.3: The values of the Schmid factors for different slip systems for {001} oriented
single crystal.

The global stress–strain curves for the monocrystal with the different orientations are

shown in figure 3.4(a)(b). Figure (a) contains the curves for the Copper I parameters and

figure (b) contains the curves for the Copper II parameters. Three orientations are shown on

this figure: one with maximal Schmid factor (22.5◦) and two for special cases with Schmid

factor value 0.408 (0◦, 45◦). The direction of the tension is aligned to the crystallographic

direction [010] for φ = 0◦ and direction [110] for φ = 45◦. The values of yield stresses are

within the range 73 – 88 MPa. The ratio of these values is 1.205. The slight differences

from the theoretical values are caused by the effects of viscoplasticity which take place

in FEM computations. The curves clearly show the differences in the Young’s moduli of

different orientations. The hardening curves are different for the orientations with Schmid

factor value 0.408. This difference is caused by the different number of the active slip
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3.2. Plastic deformation of single crystal

systems. The orientations with 8 active slip systems are stiffer because of higher amount

of slip system interactions. The curves for the parameters Copper II (b) exhibit the higher

hardening rate. This is caused by the higher values of coefficients of the interaction matrix

which means the higher amount of slip system interactions.

(a)

(b)

Figure 3.4: Global stress–strain curves for chosen orientations {001} with special cases of
values of Schmid factor: (a) Copper I, (b) Copper II.
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3. Finite element simulations of the plasticity of copper thin films

3.2.2 Tensile loading of the {111} oriented single crystal

The normal to the (111) plane of the crystal is oriented in the z direction of laboratory

coordinates. The tension is applied in y direction of laboratory coordinate system – the

applied stress is σ22. The angle φ1 is the angle between axis x and crystallographic direction

[112̄]. The equations for the Schmid factors of given slip systems are:

P 1 = P 2 = P 3 = 0, (3.18)

P 4 = −
√

2
3

sin(2φ1 −
π

3
), (3.19)

P 5 = P 9 =
√

6
9

[cos(2φ1)−
1
2
], (3.20)

P 6 = P 11 = −
√

6
9

[cos(2φ1 +
π

3
) +

1
2
], (3.21)

P 7 = −
√

2
3

sin(2φ1 −
2π
3

), (3.22)

P 8 = P 12 = −
√

6
9

[cos(2φ1 −
π

3
) +

1
2
], (3.23)

P 10 = −
√

2
3

sin(2φ1). (3.24)

The slip systems 1 – 3 are inactive for this orientation. The graphical representation

is shown in figure 3.5. The functions of Schmid factors for different slip systems have a

period of 180◦. Maximal value of the Schmid factor is 0.471. This maximal values occurs

for φ1=15◦, 45◦, 75◦, 105◦, 135◦ and 165◦. Only one slip system is active in these cases.

There are also other two special cases with the value of Schmid factor equal to 0.408. This

value of Schmid factor occurs with period of 30◦. First type occurs for φ1 = 0◦, 60◦, 120◦

and 180◦. There are 2 slip systems active in this case. The second type is found for φ1 =

30◦, 90◦ and 150◦. In this case 4 slip systems are active. The yield stress levels are within

the range 74 – 86 MPa. The ratio of these values is 1.154.

The stress–strain curves for these different cases are shown in figure 3.6. Figure 3.6(a)

contains the curves for the Copper I parameters and figure 3.6(b) contains the curves for

the Copper II parameters. Orientations {111} have isotropic in–plane Young’s modulus so
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3.2. Plastic deformation of single crystal
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Figure 3.5: The values of the Schmid factors for different slip systems for {111} oriented
single crystal.

there are no differences in the elastic part between all cases. The cases with maximal value

of Schmid factor are represented by the orientations with angle φ1 = 15◦. The special cases

with 2 active systems are represented by orientation 0◦ which corresponds to the tension

in the direction [112̄]. The other special cases with 4 active slip systems are represented

by the curves for φ1 = 30◦, 90◦ which correspond to the tension in the directions [101̄] and

[11̄0] respectively. The yield stress levels are in the interval 77 – 88 MPa. The ratio of these

values is 1.143. The differences from the analytical values are again caused by the influence

of viscoplasticity. For the case of Copper II set of parameters (b), the hardening curves

have larger slope and differences compare to the Copper I set of parameters (a). This is

due to the higher interaction between these slip systems because of the higher values of

coefficients in the interaction matrix. Two curves corresponding to 4 active slip systems

57



3. Finite element simulations of the plasticity of copper thin films

start to differ at strain about 0.015. This is caused by the activation of the different slip

systems in these two different orientations.

(a)

(b)

Figure 3.6: Global stress – strain curves for chosen orientations {111} with special cases of
values of Schmid factor: (a) Copper I, (b) Copper II.

3.2.3 Biaxial loading of the {001} oriented single crystal

The biaxial loading corresponds to the application of stresses in the direction x and y. The

stress tensor is described by matrix:

58



3.2. Plastic deformation of single crystal

σ =

 σ11 0 0
0 σ22 0
0 0 0

 . (3.25)

The plasticity can be described by the yield surface for different combinations of the levels

of the σ11 and σ22. Figure 3.7 shows the yield surface for the Euler angles φ1,Φ, φ2 = 0◦

which means that direction z coincides with the crystallographic direction [0 0 1]. The stress

values are normalized by the yield stress r0. The different colours correspond to different

slip systems (green (dash-dotted) = slip systems 1, 4, 9; yellow (solid) = slip system 11;

red (dashed) = slip system 12; blue (dotted) = slip systems 2, 5, 7).
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Figure 3.7: Yield surface for {001} oriented crystal (φ1,Φ, φ2 = 0◦) under biaxial loading
(green (dash-dotted) = slip systems 1, 4, 9; yellow (solid) = slip system 11; red (dashed)
= slip system 12; blue (dotted) = slip systems 2, 5, 7).

The special case of the biaxial loading is equibiaxial loading with the same stress levels

σ11 = σ22 = σ. The components of the strain tensor can be in this case written by the

following equations:

ε11 = σ(S11 + S12), (3.26)

ε22 = σ(S11 + S12), (3.27)

59



3. Finite element simulations of the plasticity of copper thin films

ε33 = 2σS12, (3.28)

ε12 = ε23 = ε31 = 0. (3.29)

These equations show that the strains and the stresses are isotropic and there is no shear

strain presented during the loading. The plastic behaviour is also independent of the angle

φ1. The values of Schmid factors for slip systems are:

P 1 = P 2 = P 4 = P 5 = P 7 = P 9 = P 11 = P 12 = 0.408, (3.30)

P 3 = P 6 = P 8 = P 10 = 0. (3.31)

There are 8 active slip systems for the orientation {001} and the biaxial loading. Such

behaviour predicts no stress and strain concentrations for the polycrystalline aggregates.

3.2.4 Biaxial loading of the {111} oriented single crystal

Like in the previous case, the yield surface is shown in figure 3.8. The values of Euler

angles are φ1 = 0◦,Φ = 54.74◦ and φ2 = 45◦ which means that direction z coincides with

direction [111] and direction x is aligned with [11̄0] direction. The different colours of lines

correspond to different slip systems (blue (solid) = slip systems 5, 9; green (dashed) = slip

systems 4, 7; red (dotted) = slip systems 6, 8, 11, 12).

In the case of the equibiaxial loading, the components of the strain are:

ε11 = σ(
2
3
S11 +

4
3
S12 +

5
12
S44), (3.32)

ε22 = σ(
2
3
S11 +

4
3
S12 +

5
12
S44), (3.33)

ε33 = 2σ(
1
3
S11 +

2
3
S12 −

1
6
S44), (3.34)

ε12 = ε23 = ε31 = 0. (3.35)

The strain tensor components are independent of the angle φ1. There are no shear strain

components during the biaxial loading. The plastic behaviour is also independent of angle
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3.3. Plastic deformation of polycrystalline aggregates
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Figure 3.8: Yield surface for {111} oriented crystal (φ1 = 0◦,Φ = 54.74◦ and φ2 = 45◦)
under biaxial loading (blue (solid) = slip systems 5, 9; green (dashed) = slip systems 4, 7;
red (dotted) = slip systems 6, 8, 11, 12).

φ1. The Schmid factors of the slip systems are constants with following values:

P 1 = P 2 = P 3 = P 4 = P 7 = P 10 = 0, (3.36)

P 5 = P 6 = P 8 = P 9 = P 11 = P 12 = 0.272. (3.37)

In this case only 6 slips are active and the Schmid factor is lower than for the {001}

orientation. The {111} crystal starts to plastify at higher level of applied stress than the

{001} oriented crystal.

3.3 Plastic deformation of polycrystalline aggregates

The properties of polycrystalline aggregates are investigated in the spirit of recent experi-

mental work (Hommel and Kraft [2001]). The experiments deal with tensile tests of copper

thin films on a polyimide substrate.
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3. Finite element simulations of the plasticity of copper thin films

3.3.1 Parameters of simulation

The virtual films for the simulations are similar to the real films used in the experiments.

The crystallographic texture has the same volume fractions of orientations as in the real

films. The {111} orientation has a volume fraction of 90 %, {001} orientation has a volume

fraction of 6 % and the rest 4 % consists of random orientations (Hommel and Kraft [2001]).

This is the difference from the films used in the previous chapter which have purely {111}

or {001} textures. The total number of grains in the modelled aggregates is 50 grains. The

meshes are created in the same way as was described in the chapter 2.2.1. The substrate

was made by further extension of the mesh in the z direction. This is also a difference

from the boundary conditions “fixed surface” used in the chapter 2.2.1 where a substrate

is simulated only by the boundary conditions (U3=0 at the bottom surface). The thickness

of the substrate is 5 times larger than the thickness of the film. The substrate is supposed

to have a purely elastic behaviour with elastic constants: Young’s modulus = 2.5 GPa,

Poisson ratio = 0.34. The parameters Copper II are taken for the description of the film

properties. The interface between the film and the substrate is treated as ideal which

means that there is no decohesion nor void creation. Displacement and traction vector are

continuous through this interface. Five different realizations of such aggregates were made.

One of them is shown in figure 3.9(a).

The whole mesh consists of about 31 100 quadratic prismatic elements and about 85

000 nodes. Because of the size of the mesh, parallel computations were performed. The

mesh was divided into 4 domains and each of them was computed by one processor. The

division into domains is shown in figure 3.9(b). According to this parallelization the bound-

ary conditions had to be modified compared to the ones used in the previous chapter. The

boundary conditions are given in figure 3.9(c) and are called “meshed substrate”. The con-

ditions for displacement U2 are prescribed for the surfaces perpendicular to the y direction.

One surface is fixed in direction U2. The displacement U2 is prescribed at the opposite side.

One surface with normal in x direction is fixed and the displacement U1 is prescribed at

the opposite surface. The relation between dislplacements is U1 = −νU2, where ν is the
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3.3. Plastic deformation of polycrystalline aggregates

(a) (b)

(c)

Figure 3.9: a) Mesh of polycrystalline aggregate on polyimide substrate, b) Domains used
in parallel computations, c) Boundary conditions.

Poisson ratio of the elastic substrate. The bottom surface of the substrate is fixed in z

direction which means U3 = 0.

3.3.2 Global stress–strain curves

The global behaviour of these aggregates was investigated. The global stress–strain curves

are plotted individually for the sets of {111} and {001} oriented grains in each individual

aggregate. These results are shown in figure 3.10. The case (a) shows the average curves for

all {001} oriented grains in the individual aggregates. The average curves for the all {111}
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3. Finite element simulations of the plasticity of copper thin films

oriented grains in the individual aggregates are shown in figure (b). The differences of the

maximal values of the imposed strain for each aggregate are caused by the different stops

of simulations due to the numerical problems. The higher dispersion for the {001} oriented

grains is caused by their smaller number in the aggregates compared to {111} oriented

grains. The average yield stress is 81 MPa for {001} and 89 MPa for {111} oriented grains

respectively. The value for the {001} oriented grains lies within the interval of stresses

for tensile test of single crystals while the value for the {111} is above this corresponding

interval. The reason for this discrepancy is that all grains in the aggregate are not under

uniaxial loading but the stress tensor inside the grains is more complex. But orientation

{111} is more “sensitive” to the multiaxial loading. This can be clearly recognized from the

comparison of the Schmid factors for tensile and biaxial loading. The orientation {001} has

the same value of Schmid factor for both type of loadings while for the orientation {111}

the Schmid factor is smaller for biaxial loading (about 2/3 of the lower special case value

for tensile loading). The complexity of the stresses in the {111} grains is caused by several

factors. Out of plane shear strain occurs during the tensile loading of {111} oriented grains.

This shear depends on the grain orientation (angle φ1). The free surface of such grains does

not remain flat during the loading. This undulation concentrates the stresses at the grain

boundaries. The substrate limits this undulation which leads to higher stresses.

Comparing the plastic parts of the stress–strain curves for both orientations shows that

the hardening curves have very similar slopes. The activation and interaction of slip systems

in the model produces almost the same amount of hardening. In contrast, the experimental

measurements show significant differences between the hardening curves for the {001} and

{111} oriented grains (Hommel and Kraft [2001]). The hardening of the {111} grains is

twice higher. Figure 3.11 shows the comparison of the simulations with experimental results

of the tensile test of film with 1 µm thickness. The simulation results are found between

the experimental ones. The plasticity in the real films starts at lower value of imposed

total strain and then the hardening curves have higher slope. These results indicate much

stronger interactions between the grains and slip systems than it is supposed in the model.

The comparison is also questionable since the measured elastic strain is not the mean
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3.3. Plastic deformation of polycrystalline aggregates

(a)

(b)

Figure 3.10: Global stress–strain curves for the grains with orientation: a) {001}, b) {111}.

value over all the {111} grains as in the simulations. This will be discussed in chapter 5

(Comparison of the simulations with experimental data). The other reason for differences is

such that parameters of the model were identified for bulk copper bicrystal and the model

does not contain any intrinsic length scale for describing the size effects which also play

important role in the hardening of thin films.
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3. Finite element simulations of the plasticity of copper thin films

Figure 3.11: Comparison of the stress–strain curves of the tensile test of the copper film on
polyimide substrate: experimental results – crosses, simulations – lines.(Hommel and Kraft
[2001])

3.3.3 Stress–strain heterogeneities

The distribution of stress and strain in the aggregates is investigated by the comparison of

the average values per grains of the von Mises stress and the equivalent strain. Figure 3.12

shows the dispersion of average values for {001} oriented grains (a) and for {111} oriented

grains (b). The values are computed for the imposed total strain 0.2 %. The values are

normalized by the average value of each aggregate. The dispersion of the relative equivalent

strains lies for the {001} oriented grains within the range 0.75 – 1.25 while the values for the

{111} oriented grains are between 0.5 and 1.5. This difference can be caused by the fact that

there are only 15 {001} oriented grains. These results are similar to those obtained in the

computations of the free–standing aggregates in chapter 2. This comparison indicates small

influence of the soft polyimide substrate on the strain dispersion. Such a small influence is

illustrated also in figure 3.13 which shows that the film is undulated although it is deposited

on this substrate. It is due to the low stiffness of polyimide substrate. The normalized von

Mises stress values of most grains are founded in the range 0.85 – 1.1. This range is here
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3.3. Plastic deformation of polycrystalline aggregates

smaller compare to elastic case due the plasticity.

(a)

(b)

Figure 3.12: Dispersion of the average values per grain for von Mises stress and the equiva-
lent strain: a) {001} oriented grains, b) {111} oriented grains. Overall strain E22 = 0.005.

The stress and strain distributions can be compared by the maps of these quantities

on the free surface. Figure 3.14 indicates the position of the grains with orientation {001}

and random in the aggregate (a), the map of the von Mises stress at the free surface (b)

and cumulated plastic strain at the free surface (c). The von Mises stress map shows that

stress concentrations develop close to grain boundaries in the {111} oriented grains while

these concentrations are distributed more deeply towards the grain center in the {001} and

random oriented grains. This map also shows the significant influence of the random and

{001} oriented grains in the neighbourhood of {111} oriented grains. There are higher stress

concentrations in these grains and these areas can be favourable for crack initiation. The
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3. Finite element simulations of the plasticity of copper thin films

Figure 3.13: The undulation of the copper film deposed on the polyimide substrate. Colours
show the levels of von Mises stress. Overall strain E22 = 0.005. Displacement is magnified
by factor of 30.

cumulated plastic strain map shows the amount of plasticity in grains. This map shows the

tendency of the plastic strain to form a band structure. The influence of the random and

{001} oriented grains on the grains in their neighbourhood is also visible in this case. The

most deformed {111} grains are placed next to {001} grains or in their close neighbourhood.

3.4 Conclusions

The elasto–plastic behaviour of single crystals and polycrystalline aggregates were investi-

gated in this chapter. The results for the single crystal can be summarized in the following

points:

• The orientations with maximal value of the Schmid factor for {001} crystals lead to

the same hardening curves and only two slip systems are activated.

• The value of Schmid factor equal to 0.408 for {001} oriented crystal to different

hardening curves according to the number of active slip systems (4 or 8).

• The orientations with maximal value of the Schmid factor for {111} crystal lead to

the same hardening curves and only one active slip system.
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3.4. Conclusions

(a)

(b) (c)

Figure 3.14: a) Positions of the random and {001} oriented grains in the aggregate, b)
distribution of the von Mises stress at the free surface, c) distribution of the cumulated
plastic strain at the free surface. Overall strain E22 = 0.005.

• The value of Schmid factor equal to 0.408 for {111} oriented crystal lead to different

hardening curves according to the number of active slip systems (2 or 4).

• The diagonal components of the strain tensor are independent of the angle φ1 in the
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3. Finite element simulations of the plasticity of copper thin films

case of equibiaxial loading and the off–diagonal components are zero for orientations

{001} and {111}.

• The Schmid factors for the slip systems are constant (independent of angle φ1) for

orientations {001} and {111} under equibiaxial loading.

• The maximal values of Schmid factor decrease for equibiaxial loading by factor of 1.208

for {001} oriented grains and by factor of 1.732 for {111} oriented grains respectively

with respect to values for uniaxial loading.

The results for the polycrystalline aggregates can be summarized as follows:

• The yield stress of the {111} oriented grains in the aggregates is higher than for the

single crystal due to the higher sensitivity of this orientation to the multiaxial loading

which occurs inside the grains.

• The soft substrate has small influence on the deformation on the copper film and

allows the film to undulate during the loading.

• The presence of {001} or random oriented grains causes the increase of stress and

strain concentration inside the {111} oriented grains in their neighbourhood.
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Chapter 4

Mechanical behaviour of copper
thin films under cyclic loading

The next step in the elasto–plastic computations is the investigation of the mechanical

properties of thin films under cyclic loading. These simulations allow observing the evolution

of the stress and strain in the films cycle after cycle. Such simulations can be interesting

from the practical point of view because many real thin film structures are subjected to

fatigue.

4.1 Parameters of simulations

4.1.1 Representative volume element, mesh size effect and
boundary conditions

The films are represented by the polycrystalline aggregates which are created in the same

way as mentioned in the chapter 2.2.1. Three types of aggregates are considered for these

simulations. The aggregates of the first type have 50 equiaxial grains. This means that ratio

between in–plane grain size d and film thickness h is equal to 1. Second type of aggregates

has also 50 grains but the ratio d/h = 0.5 which means that the grains are columnar. For

each type of film 10 different realizations are considered, because the analysis of the results

is done in statistical way by averaging over a larger sample. For comparison and validation

of this statistical method, one large aggregate with 225 grains and d/h = 1 was created.
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4. Mechanical behaviour of copper thin films under cyclic loading

The influence of the mesh density on the results had to be investigated to check if

the mesh density used in previous simulations is suitable for cyclic loading. Four different

meshes of the same aggregate were created for this purpose, respectively labelled: coarse

(21 555 nodes), standard (34 710), middle (56 973 nodes) and fine (112 163 nodes). These

films were subjected to 5 cycles of tension–compression loading with prescribed mean strain

E22 = ±0.005. The boundary conditions, described later, correspond to the case of the film

on a substrate. Figure 4.1 shows the comparison of the distribution of equivalent plastic

strain after 5 cycles for the fine (a) and standard (b) meshes. Quantitative comparison

is provided in figure 4.1(c) for the displacement component U3 along a line made of grain

boundaries connecting one lateral side to the other on the free surface. Differences remain

small. In particular highly deformed zones are the same in both cases with close plastic

strain values (less than 2% differences locally). The “standard” mesh density was confirmed

to provide detailed plastic strain maps with limited computation time.

According to the previous results, the meshes used in this chapter are the following:

• The 225 - grain FE mesh of figure 4.2(a) contains 47 000 elements and 136 000 nodes,

i.e. 408 000 degrees of freeedom (3 displacement components per node);

• The 50 - grain FE mesh with d/h = 1 of figure 4.2(b) contains 11 600 elements and

34 400 nodes, i.e. 103 200 degrees of freeedom;

• The 50 - grain FE mesh with d/h = 0.5 of figure 4.2(c) contains 23 600 elements and

65 400 nodes, i.e. 196 200 degrees of freeedom.

Two types of loading conditions are supposed in the simulations:

• Cyclic tension–compression with Emin,max
22 = ±0.005 where E22 is the volume aver-

aged axial deformation in the film.

• Cyclic tension with Emin,max
22 = 0− 0.01.

The strain rate is 2 ×10−6s−1.

The simulations mimic the deformation of the thin film on the substrate and free–

standing film. Two kinds of boundary conditions are used in the computations. These
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4.1. Parameters of simulations

(a) (b)

(c)

Figure 4.1: Equivalent plastic strain map for different mesh densities (E22 = 0.005, N =
5): (a) fine mesh, (b) standard mesh (used in computations); grains boundaries are in
underlined in white; (c) quantitative comparison of displacement U3 along a line (made of
grain boundaries linking the left edge to the right side at the free surface).

boundary conditions are different from those described in chapter 2.2.1 (“free surface”,

“fixed surface”) and in chapter 3.3.1 (“meshed substrate”). The boundary conditions are

following:

• Free–standing films: The faces of the parallelepipedic volume that are perpendicular
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4. Mechanical behaviour of copper thin films under cyclic loading

(a) (b)

(c)

Figure 4.2: Morphology and finite element mesh of multicrystalline films: (a) 225-grain film
with d/h = 1, (b) 50–grain film with d/h = 1, (c) 50–grain film with d/h = 0.5.

to the z direction are left free of forces, as shown in figure 4.3 case(a). Tensile loading is

prescribed in direction y. For that purpose, the component U2 of the nodes belonging

to the faces perpendicular to y is fixed to 0 at y = 0 and increased linearly to a

maximal value at y = L. The contraction of the film is prescribe in x direction by the

same way as in the y direction. The displacement U1 is prescribed by the equation:

E1 = −νE2. This kind of boundary conditions can describe also the thin film on soft

substrate (see chapter 3.3.3) and ν is Poisson ratio of such substrate.

• Film on a stiff substrate: In addition to the previous boundary conditions, the nodes

belonging to the face z = 0 are subjected to homogeneous deformation.

Ui = Esubstrate
ij xj , (4.1)

where the Esubstrate
ij are the strain components of the substrate subjected to given

simple tension, assuming that it deforms homogeneously (see case (b) at figure 4.3).

As a result of this simplification, there is no meshing of the substrate. It is assumed

that the overall strain of the substrate is homogeneously transmitted to the interface.

The displacement component normal to each lateral face of the film is prescribed

according to formula (4.1).
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4.1. Parameters of simulations

Figure 4.3: Boundary conditions used in the computation of free–standing films (a) and
films on substrate (b). The deformation E of the substrate is prescribed at the interface
and on the lateral faces of the parallelepipedic volume.

4.1.2 Crystallographic texture and material behaviour

The crystallographic texture of the films is the same as in the previous chapter. The {111}

orientation has a volume fraction of 90%, {001} orientation has a volume fraction of 6% and

the rest 4% consists of random orientations (Hommel and Kraft [2001]). The orientations

of grains in the 225 grain aggregate are shown in figure 4.4.

The material behaviour of the film is prescribed by the constitutive equations presented

in the previous chapter. The Copper II set of parameters is used for the simulations. Some

simulations are done with Copper I parameters for comparison. The substrate boundary

conditions are described by the parameters of the {001} oriented silicon monocrystal –

C11 = 165640 MPa, C12 = 63940 MPa, C44 = 79510 MPa (Virginia semiconductor [2006]).
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4. Mechanical behaviour of copper thin films under cyclic loading

x

y

 
Figure 4.4: Pole figure {111} of the grain orientations in the 225–grain multicrystalline film
of figure 4.2(a): {111}–grains in black, {001}–grains in blue, random–grains in red.

4.2 Strain heterogeneities in cyclically deformed thin
films

4.2.1 Overall cyclic hardening

The simulations are performed for the aggregates with d/h = 0.5 and d/h = 1 and “film

on a stiff substrate” boundary conditions for both types of loading. First comparison is

done for the different sets of parameters (Copper I, Copper II). This comparison for both

loading conditions is shown in figure 4.5. The stabilized saturated loops are shown in this

figure. The stabilized maximal and minimal stress values are found to be almost identical

for both loading conditions. This is due to total relaxation of mean stress during cyclic

tension which is a standard feature of low cycle bulk plasticity for nonsymmetric strain

loading conditions. No elastic accommodation takes place in the film for the cyclic tension

test. The stabilized loops predicted by both models are different. This is due to the fact
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4.2. Strain heterogeneities in cyclically deformed thin films

that the two sets of parameters were identified with respect to different experimental data.

The simulation based on the Copper I parameters set (isotropic hardening only) shows that

the interaction between grains in the film leads to an overall Bauschinger effect, clearly

seen in figure 4.5. This is a known feature in bulk polycrystal plasticity (Cailletaud [1992]).

The introduction of a back–stress in the single crystal model leads to a slightly stronger

Bauschinger effect (blue curve in figure 4.5). The rest of compared simulations are done with

Copper II parameters because these were identified with respect to cyclic loading results.

(a) (b)

Figure 4.5: Stabilized overall stress–strain loops for models with and without local kinematic
hardening:(a) cyclic tension–compression, (b) cyclic tension.

The validity of the statistical approach is checked by the comparison of the stress–strain

loop of the 225 grains aggregate and stress–strain loop made as average from the loops of

individual small aggregates. This comparison is shown in figure 4.6. The curve for the large

aggregate lies within or at the boundary of the error bars of the average values. These

small differences show that the statistical approach based on several different realizations

of small aggregates provides suitable macroscopical results.

The comparison of stress–strain loops for the different texture components is shown in

figure 4.7. For that purpose, the axial stress and strain components are volume averaged

over all grains having a given orientation: all {111}, all {001} grains or all random ori-

entations. The first and 100th loops are plotted for 5 realizations of aggregates with 50
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4. Mechanical behaviour of copper thin films under cyclic loading

Figure 4.6: Overall stress–strain curve for the deformation of the 225–grain aggregate com-
pared to the average overall curve with respect to 10 aggregates containing 50 grains each.
The scatter in the response of the 50–grain aggregates is indicated by error–bars. The films
are subjected to cyclic tension–compression.

grains. The grains with {001} and random orientations display significantly higher strain

and lower stress level than {111} ones. A higher dispersion of the loops is observed for

{001} and random grains than for {111} grains, but this is due to the small number of such

grains in aggregates: 3 {001} and 2 random grains out of 50 for each realization. Complete

stress relaxation is observed for all grain orientations in the case of cyclic tension so that

the stabilized loops are symmetric in stress. The evolution with the number of cycles of

the maximal value of stress averaged over all grains and realizations is shown in figure 4.8

for both loading conditions. The average stress level is stabilized after 70 cycles. The same

saturation is observed for the mean stress for each texture component. The rate of satura-

tion does not depend on the orientation group. The highest stress levels develop in {111}

grains and the softest are {001} grains. Theses cyclic hardening curves results from volume

and ensemble averaging over 450 {111} grains, 30 {001} grains and 20 random grains.
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(a)

(b)

(c)

Figure 4.7: Comparison of first and stabilized cycles for different grain orientations in
aggregates subjected to cyclic tension–compression (left) and cyclic tension (right): (a)
volume average over {111} grains, (b) volume average over {001} grains, (c) volume average
over random grains. In each case, the curves are given for 5 distinct realizations.
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4. Mechanical behaviour of copper thin films under cyclic loading

(a)

(b)

Figure 4.8: Cyclic hardening in multicrystalline aggregates subjected to (a) cyclic tension–
compression and (b) cyclic tension. The overall stress curves are averaged over 10 realiza-
tions of 50–grain aggregates.
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4.2. Strain heterogeneities in cyclically deformed thin films

4.2.2 Levels of heterogeneity and statistical analysis

A first dispersion level of stress and strain was analysed in the previous section depending

on the grain orientation group. A second dispersion level is given in figure 4.9 which shows

the equivalent stress and strain value averaged over each individual grain in all realizations,

after 100 cycles tension–compression (with substrate and d/h = 1). A stress/strain con-

centration factor is defined as the ratio of the mean stress/strain in each grain divided by

the overall stress/strain value for the corresponding aggregate. Stress concentration factors

ranging mainly from 0.8 to 1.2 with extreme values of 0.6 and 1.6. The corresponding strain

concentration factor range from 0.4 to 1.6. Low mean stresses are encountered mainly in

{001} and random grains whereas high strain levels are found in grains belonging to all

orientation groups.

Figure 4.9: Dispersion of equivalent average stress and equivalent plastic strain in the grains
of 10 realizations of 50–aggregates subjected to cyclic tension–compression at N = 100. The
results are given for the films with a substrate with d/h = 1. Each point corresponds to the
volume averaged stress value over one grain in the 10 aggregates. Black, blue and red dots
respectively denote {111}, {001} and random grains. The stress and plastic strain levels
are normalized by the volume average values over the corresponding entire aggregate.

The next dispersion level to be investigated is that of local stress and strain values inside
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4. Mechanical behaviour of copper thin films under cyclic loading

the grains. The fields of equivalent plastic strain are shown in figure 4.10 at the free surface

for three film configurations. Case (a) shows the maps for the first and 100th cycles of the

films with d/h = 1. Case (b) shows the first and 100th cycle for the films with d/h = 0.5.

The case (c) belongs to free–standings films and the first and 24th cycles. In the simulation

shown in figure 4.10, the grain morphology and crystal orientations are the same. Only the

film configuration is changed (film thickness and substrate effect). Plastic strain is found

to be highly heterogeneous with local values ranging from 0 (elastic response) to more than

0.01, i.e. twice the prescribed mean total strain. The plastic deformation develops into

deformation bands inclined with respect to the vertical tensile axis and crossing several

grains. Plastic strain is much more localized in these bands in free–standing films (figure

4.10(c)) than in films on a substrate. Plastic strain is more heterogeneous at the free surface

in the thick film than in the twice thinner one (see figures 4.10(a) and (b)). Highly deformed

grains are observed in figure 4.10(b) which is similar to the case of free–standing films. For

each film configuration the comparison of the plastic strain map at first and 100th (24th)

cycle shows that the strain heterogeneities are more pronounced after cycling, with, on the

one hand, more localized deformation in some grains and close to some grain boundaries

(red regions) and, on the other hand, more extended low strained zones (blue regions). A

quantitative assessment of the evolution of heterogeneity distribution is possible via the

following statistical analysis.
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4.2. Strain heterogeneities in cyclically deformed thin films

The plastic strain distribution in all the computed aggregates are represented by the

histograms in figures 4.11, 4.12 and 4.13. For each film configuration, the equivalent plastic

strain values εp
eq at each integration point of each realization have been stored, normalized

by the global value for the aggregate Ep
eq and ranked into classes of size ∆εp

eq/E
p
eq = 0.1.

The procedure was carried out for several cycle numbers: N = 1, 50, 100 for films on

substrate, N = 1, 5 for free–standing films, N = 1, 15, 30 for large aggregate. Accordingly,

each histogram represents the treatment of 696 000 values (corresponding to 10 realizations

× 11 600 elements × 6 integration points per element for films with d/h = 1). For each

cycle number, three histograms are computed, one for each grain orientation group as

shown in figures 4.11, 4.12 and 4.13. The evolution of the histograms can be characterized

by the position and height of the peak and also by the range of the values. For all film

configurations, texture component and loading conditions, the relative plastic strain values

range from 0 to 5. The height, position and width at half of maximum are shown in table

4.1 for {111} grains which create the largest part of the aggregates. Comparison of these

values shows the following features: The position of the peak remains unchanged for the

50–grains aggregates on the substrate. The height of the peak and value of FWHM increases

with cycling. These features show the broadening of the distribution and this means that

the dispersion of the plastic strain increases during the cycling. The aggregates loaded by

the tension–compression show very significant decrease and broadening of the distribution

(about 50%) between the first and the 50th cycle while between the 50th and 100th cycle

the differences are much smaller. Contrary to this, the histograms for films loaded by cyclic

tension show the decrease and broadening within the range of 10% between the first and

the 50th cycle. This difference is caused by the twice higher value of imposed strain (1%

for cyclic tension) which causes earlier accommodation, and redistribution of plastic strain.

The histograms for the tensile loaded d/h = 1 films show the small peak at ratio of 0.25.

Such a peak does not exist for the films with d/h = 0.5. This small peak is caused by the

accommodation to the loading conditions. In the case of the films with d/h = 0.5 such

an accommodation cannot be possible due to higher constraints of the grains. In this case

the grains have larger area of grain boundaries, therefore, they are more influenced by the
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4. Mechanical behaviour of copper thin films under cyclic loading

neighbouring grains. The effect of boundary conditions is also much more important in

these films due to their larger area of the side faces which are restricted by these conditions.

The histograms for the large aggregate under tension–compression are more asymmetric

compared to ones for small aggregates, and the position of maxima moves from 0.35 to

0.45 (see fig. 4.12(b)). The maximum is shifted towards the smaller values of plastic strain

compared to the histograms of the small aggregates. This is caused by the boundary effect

in the small aggregates where the grains behaviour is more influenced by the boundary

conditions. Similar results are obtained for the free–standing films where the distribution

is also asymmetric and does not spread with cycling. This is due to a stronger tendency

to strain localization so that strain develops in the same grains and cannot extend to

neighbouring harder grains, as shown in figure 4.10(c).
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4.2. Strain heterogeneities in cyclically deformed thin films

(a)

(b)

(c)

Figure 4.10: Distribution of equivalent plastic strain after N = 1 cycle (left) and N = 100
cycles(a)(b) and N = 24 cycles(c) (right): (a) multicrystalline film on a substrate with
d/h = 1, (b) multicrystalline film on a substrate d/h = 0.5, (c) free–standing film.
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Figure 4.11: Histograms of equivalent plastic strain distribution in {111} grains (left) and
{001} and random grains (right): (a) multicrystalline aggregate on a substrate with d/h = 1,
(b) multicrystalline aggregate on a substrate with d/h = 0.5. The loading conditions are
cyclic tension–compression.
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Figure 4.12: Histograms of equivalent plastic strain distribution in {111} grains (left) and
{001} and random grains (right): (a) free–standing films, (b) large aggregate (225 grains).
The loading conditions are cyclic tension–compression.
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Figure 4.13: Histograms of equivalent plastic strain distribution in {111} grains (left) and
{001} and random grains (right): (a) multicrystalline aggregate on a substrate with d/h = 1,
(b) multicrystalline aggregate on a substrate with d/h = 0.5. The loading conditions are
cyclic tension.

88



4.2. Strain heterogeneities in cyclically deformed thin films

cycle peak value peak strain FWHM
film with substrate (d/h=1) - tension-compression

cycle 1 0.157 0.85 0.505
cycle 50 0.102 0.75 0.915
cycle 100 0.099 0.85 0.880
film with substrate (d/h=0.5) - tension-compression
cycle 1 0.151 0.85 0.565
cycle 50 0.099 0.85 0.890
cycle 100 0.093 0.85 0.940

freestanding film - tension-compression
cycle 1 0.091 0.65 1.000
cycle 5 0.092 0.35 0.900

225 grains aggregate - tension-compression
cycle 1 0.149 0.35 0.570
cycle 15 0.129 0.45 0.670
cycle 30 0.118 0.45 0.740

film with substrate (d/h=1) - cyclic tension
cycle 1 0.156 0.85 0.505
cycle 50 0.141 0.85 0.520
cycle 100 0.142 0.85 0.525

film with substrate (d/h=0.5) - cyclic tension
cycle 1 0.147 0.85 0.590
cycle 50 0.134 0.85 0.655
cycle 100 0.137 0.85 0.660

Table 4.1: Peak value, peak strain and width at half maximum in the relative equivalent
plastic strain distribution in the {111} grains in different film configurations and loading
conditions.
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4. Mechanical behaviour of copper thin films under cyclic loading

The histograms for the {001} grains display higher dispersion of the values of plastic

strain. This is due to the fact that the {001} grains are the softest grains in the aggregates

(see. fig 4.8) and the most deformed grains. Note also the completely different shape of

histogram for {001} grains in free–standing films compared to the histograms for the films

on substrate. This is again caused by the lower level of grain constraining.

The other way of comparing of the histograms is done by the fitting of an analytical

statistical distribution. The chosen distributions are: Normal, Log–normal, Weibull and

Gamma distributions. These distributions are described by the following equations:

• Normal:

f(x) =
1

xσ
√

2π
exp

(
− (x+ µ)2

2σ2

)
(4.2)

• Log–normal

f(x) =
1

xσ
√

2π
exp

(
− (ln(x) + µ)2

2σ2

)
(4.3)

• Weibull

f(x) =
(
k

λ

)(x
λ

)k−1

exp
(
−
(x
λ

)k
)

(4.4)

• Gamma

f(x) =
βα

Γ(α)
xα−1exp(−βx). (4.5)

The parameters of the distributions for given films and number of cycle are given in the

tables 4.2, 4.3, 4.4 and 4.5. Except the normal one, all distributions lead to asymmetric

histogram which is able to fit the measured ones. The normal distribution is used for

comparison and it fits also the {001} grain histogram for free–standing films. The quality

of the fitting is given by the equation:

M =
∑

(A−Q)2, (4.6)

where A are the analytical frequencies andQ are the measured frequencies. The results show

that the best suitable analytical distribution is the Log–normal one followed by the Gamma

distribution. The broadening of the histograms, i.e. increasing of the dispersion of plastic

deformation, shows also the increasing of the dispersion of the Log–normal distribution.
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4.2. Strain heterogeneities in cyclically deformed thin films

These results are in contrast with results for the infinitely long columnar grains where the

plastic strain distribution follows the quasi–Gaussian distribution (Sai et al. [2006]).

cycle Normal Log–normal Weibull Gamma
film with substrate (d/h=1) - cyclic tension

cycle 1 µ = 0.91
σ = 0.27
M = 0.0024

µ = −0.06
σ = 0.29
M = 0.0029

k = 3.83
λ = 0.99
M = 0.0030

α = 12.09
β = 12.66
M = 0.0027

cycle 50 µ = 0.91
σ = 0.30
M = 0.0017

µ = −0.05
σ = 0.32
M = 0.0024

k = 3.44
λ = 1.01
M = 0.0023

α = 9.85
β = 10.16
M = 0.0021

cycle 100 µ = 0.92
σ = 0.30
M = 0.0017

µ = −0.05
σ = 0.32
M = 0.0021

k = 3.50
λ = 1.01
M = 0.0023

α = 10.24
β = 10.53
M = 0.0020

film with substrate (d/h=0.5) - cyclic tension
cycle 1 µ = 0.91

σ = 0.28
M = 0.0016

µ = −0.06
σ = 0.32
M = 0.0003

k = 3.61
λ = 1.00
M = 0.0022

α = 10.53
β = 10.99
M = 0.0005

cycle 50 µ = 0.90
σ = 0.31
M = 0.0016

µ = −0.07
σ = 0.35
M = 0.0003

k = 3.29
λ = 1.01
M = 0.0018

α = 8.72
β = 9.08
M = 0.0003

cycle 100 µ = 0.91
σ = 0.30
M = 0.0014

µ = −0.06
σ = 0.34
M = 0.0002

k = 3.38
λ = 1.01
M = 0.0017

α = 9.20
β = 9.54
M = 0.0003

Table 4.2: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {111} grains for different film configurations.

91



4. Mechanical behaviour of copper thin films under cyclic loading

cycle Normal Log–normal Weibull Gamma
film with substrate (d/h=1) - tension-compression

cycle 1 µ = 0.91
σ = 0.27
M = 0.0015

µ = −0.06
σ = 0.29
M = 0.0023

k = 3.85
λ = 0.99
M = 0.0020

α = 11.97
β = 12.53
M = 0.0020

cycle 50 µ = 0.87
σ = 0.39
M = 0.0007

µ = −0.07
σ = 0.46
M = 0.0008

k = 2.54
λ = 1.03
M = 0.0003

α = 5.12
β = 5.24
M = 0.0002

cycle 100 µ = 0.92 σ =
0.41 M = 0.001

µ = −0.02
σ = 0.46
M = 0.0005

k = 2.57
λ = 1.08
M = 0.0007

α = 5.28
β = 5.14
M = 0.0003

film with substrate (d/h=0.5) - tension-compression
cycle 1 µ = 0.91

σ = 0.27
M = 0.0018

µ = −0.06
σ = 0.31
M = 0.0004

k = 3.71
λ = 0.99
M = 0.0025

α = 11.13
β = 11.65
M = 0.0006

cycle 50 µ = 0.88
σ = 0.41
M = 0.0009

µ = −0.05
σ = 0.47
M = 0.0006

k = 2.48
λ = 1.05
M = 0.0005

α = 4.92
β = 4.94
M = 0.0002

cycle 100 µ = 0.92
σ = 0.44
M = 0.0011

µ = −0.01
σ = 0.49
M = 0.0005

k = 2.38
λ = 1.10
M = 0.0007

α = 4.57
β = 4.38
M = 0.0002

freestanding film - tension-compression
cycle 1 µ = 0.69

σ = 0.49
M = 0.0022

µ = −0.21
σ = 0.69
M = 0.0005

k = 1.77
λ = 0.95
M = 0.0008

α = 2.58
β = 2.87
M = 0.0002

cycle 5 µ = 0.54
σ = 0.54
M = 0.0042

µ = −0.30
σ = 0.88
M = 0.0001

k = 1.47
λ = 0.92
M = 0.0018

α = 1.87
β = 2.16
M = 0.0008

225 grains aggregate - tension-compression
cycle 1 µ = 0.50

σ = 0.33
M = 0.0054

µ = −0.58
σ = 0.63
M = 0.0007

k = 1.87
λ = 0.66
M = 0.0025

α = 2.92
β = 4.70
M = 0.0011

cycle 15 µ = 0.58
σ = 0.38
M = 0.0049

µ = −0.43
σ = 0.64
M = 0.0006

k = 2.48
λ = 0.77
M = 0.0023

α = 2.93
β = 4.08
M = 0.0011

cycle 30 µ = 0.59
σ = 0.42
M = 0.0037

µ = −0.39
σ = 0.69
M = 0.0007

k = 1.76
λ = 0.81
M = 0.0014

α = 2.58
β = 3.43
M = 0.0006

Table 4.3: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {111} grains for different film configurations.
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cycle Normal Log–normal Weibull Gamma
film with substrate (d/h=1) - tension-compression

cycle 1 µ = 1.15
σ = 0.34
M = 0.0013

µ = 0.16
σ = 0.29
M = 0.0003

k = 3.78
λ = 1.26
M = 0.0019

α = 11.87
β = 9.88
M = 0.0004

cycle 50 µ = 1.16
σ = 0.45
M = 0.0004

µ = 0.19
σ = 0.39
M = 0.0007

k = 2.92
λ = 1.32
M = 0.0004

α = 6.83
β = 5.44
M = 0.0003

cycle 100 µ = 1.17
σ = 0.47
M = 0.0004

µ = 0.02
σ = 0.40
M = 0.0006

k = 2.87
λ = 1.34
M = 0.0004

α = 6.59
β = 5.18
M = 0.0002

film with substrate (d/h=0.5) - tension-compression
cycle 1 µ = 1.07

σ = 0.35
M = 0.0013

µ = 0.09
σ = 0.33
M = 0.0002

k = 3.44
λ = 1.19
M = 0.0016

α = 9.71
β = 8.59
M = 0.0003

cycle 50 µ = 1.08
σ = 0.45
M = 0.0006

µ = 0.12
σ = 0.42
M = 0.0005

k = 2.75
λ = 1.24
M = 0.0004

α = 6.09
β = 5.17
M = 0.0001

cycle 100 µ = 1.09
σ = 0.47
M = 0.0006

µ = 0.15
σ = 0.43
M = 0.0005

k = 2.70
λ = 1.28
M = 0.0005

α = 5.86
β = 4.83
M = 0.0002

freestanding film - tension-compression
cycle 1 µ = 1.99

σ = 0.79
M = 0.0002

µ = 0.74
σ = 0.40
M = 0.0009

k = 2.88
λ = 2.29
M = 0.0002

α = 6.57
β = 3.04
M = 0.0005

cycle 5 µ = 1.72
σ = 0.87
M = 0.0004

µ = 0.61
σ = 0.52
M = 0.0009

k = 2.31
λ = 2.07
M = 0.0002

α = 4.22
β = 2.17
M = 0.0004

225 grains aggregate - tension-compression
cycle 1 µ = 0.63

σ = 0.40
M = 0.0031

µ = −0.36
σ = 0.63
M = 0.0005

k = 1.91
λ = 0.82
M = 0.0011

α = 2.99
β = 3.90
M = 0.0003

cycle 15 µ = 0.73
σ = 0.46
M = 0.0026

µ = −0.22
σ = 0.63
M = 0.0004

k = 1.91
λ = 0.94
M = 0.0009

α = 3.03
β = 3.42
M = 0.0003

cycle 30 µ = 0.73
σ = 0.50
M = 0.0025

µ = −0.18
σ = 0.67
M = 0.0006

k = 1.80
λ = 0.99
M = 0.0007

α = 2.68
β = 2.90
M = 0.0003

Table 4.4: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {001} grains for different film configurations.
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cycle Normal Log–normal Weibull Gamma
film with substrate (d/h=1) - cyclic tension

cycle 1 µ = 1.13
σ = 0.39
M = 0.0042

µ = 0.17
σ = 0.32
M = 0.0042

k = 3.34
λ = 1.27
M = 0.0050

α = 10.00
β = 8.27
M = 0.0044

cycle 50 µ = 1.16
σ = 0.41
M = 0.0030

µ = 0.20
σ = 0.33
M = 0.0036

k = 3.24
λ = 1.30
M = 0.0036

α = 9.32
β = 7.48
M = 0.0035

cycle 100 µ = 1.17
σ = 0.41
M = 0.0028

µ = 0.20
σ = 0.33
M = 0.0034

k = 3.29
λ = 1.31
M = 0.0034

α = 9.50
β = 7.58
M = 0.0033

film with substrate (d/h=0.5) - cyclic tension
cycle 1 µ = 1.10

σ = 0.33
M = 0.0014

µ = 0.12
σ = 0.30
M = 0.0001

k = 3.69
λ = 1.21
M = 0.0020

α = 11.24
β = 9.79
M = 0.0003

cycle 50 µ = 1.11
σ = 0.36
M = 0.0013

µ = 0.13
σ = 0.33
M = 0.0002

k = 3.43
λ = 1.24
M = 0.0015

α = 9.67
β = 8.23
M = 0.0002

cycle 100 µ = 1.07
σ = 0.35
M = 0.0012

µ = 0.02
σ = 0.33
M = 0.0003

k = 3.39
λ = 1.20
M = 0.0014

α = 9.45
β = 8.34
M = 0.0002

Table 4.5: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {001} grains for different film configurations.
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4.3 Plasticity induced roughness

Heterogeneous plastic deformation is know to induce roughness at the free surface in films

and coating (Parisot et al. [2001], Raabe et al. [2003], Sachtleber et al. [2004]). Starting

from an initially ideal plane surface in the simulation, the crystal plasticity model provides

estimates of plasticity induced roughness. The purpose of this section is to quantify the

obtained roughness and its evolution during cyclic loading.

4.3.1 Definition of roughness parameters

Plasticity induced roughness is developed due to the 3D character of glide processes and

the grain to grain strain incompatibility which produces non–homogeneous out of plane

displacement. Figure 4.14 shows the map of out of plane displacement U3 for the same

aggregate placed in all three film configurations. Displacements are shown after 100 and

30 (free–standing) cycles with a magnification of 50 for the illustration. The constraining

effect of the flat interface can be clearly seen in figures 4.14(a) and (b) compared with

free–standing film (c). In figure, blue grains correspond to a sink on the surface and red

zones to a rise. Several thin and acute mountains can be seen, that coincide with grain

boundaries, especially in the films on substrate.

The absolute roughness RRMS or root mean square roughness and the relative roughness

R of the free surface are defined as:

RRMS =

√√√√ 1
n

n∑
i=1

(U3(xi, yi)− U3(xi, yi))2, (4.7)

R =
RRMS

|〈U3〉|
, (4.8)

where U3(xi, yi) is the displacement component of the given surface node (xi, yi) with

respect to its initial position, U3(xi, yi) is the displacement of the average plane at the given

position. The average plane is obtained by linear regression of the values of displacement

using the least square method. Example of such plane is shown in figure 4.15. The relative

roughness R is obtained by normalizing RRMS by the average displacement value of the
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(a) (b)

(c)

Figure 4.14: Deformed state of a multicrystalline aggregate: (a) film on a substrate with
d/h = 1, (b) film on a substrate with d/h = 0.5, (c) free–standing film. The grain morphol-
ogy and orientation are the same in the three simulations. The considered field variable is
the displacement component U3. For the illustration, displacements have been magnified
by a factor of 50.

average plane 〈U3〉. The previous definitions are valid for a sufficiently high number n of

uniformly distributed points on the surface. Here the chosen points (n = 4000 in average)

are the finite elements nodes at the free surface, the distribution of which is almost uniform.

A local relative roughness parameter can be defined at each point (xi, yi) of the free

surface by:

Rloc(xi, yi) =
U3(xi, yi)− U3(xi, yi)

|〈U3〉|
(4.9)

4.3.2 Results

The evolution of local relative roughness for the different film configurations at different

cycles is shown in figure 4.16. The relative roughness is found to vary between -120% and

+120% in films with a substrate and between -200% and 200% in a free–standing film.

The comparison of the maps shows that the value of Rloc increases during cycling: sinking

grains have the tendency to sink even more, rising grain boundaries rise even more after

cycling. The grain boundaries are superimposed on the mesh to confirm that rising regions
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4.3. Plasticity induced roughness

Figure 4.15: Example of the average plane computed by the least square method from the
displacement U3. The surface nodes are blue points and the average plane is made of red
points. Displacement is magnified by factor of 500.

are mainly located at grain boundaries in the case of films on a substrate.

The analysis of plastic strain in differently oriented grains has shown that the {001}

and random grains on a substrate are significantly more deformed than {111} grains. This

plastic deformation induces also higher roughness in these grains compared with the {111}

ones. To show that, the {001} and random grains are indicated in figure 4.16(a) on the left.

The same is shown in figure 4.17 for the large aggregates. These figures show that local

roughness is higher in these grains. For comparison, in the experimental works (Schwaiger

et al. [2003], Schwaiger and Kraft [2003]), higher amounts of extrusions were observed in

the grains {001} which cause higher roughening of the surface.

The evolution of global roughness R is given in figure 4.18 as a function of cycle number,

for three film configurations and both loading conditions and for all computed realizations.

Roughness is computed at the maximal prescribed strain level. The global roughness for

films on a substrate is found to saturate after about 10 cycles which is early compared with

the saturation of cyclic hardening shown in figure 4.8. The dispersion in the asymptotic

roughness associated with the different realizations is about 25% of the mean. The relative
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4. Mechanical behaviour of copper thin films under cyclic loading

roughness for tension–compression loading is higher than for the cyclic tension even though

the prescribed maximal deformation is smaller. The highest roughness and its dispersion is

found for the free–standing films and no saturation is indicated up to 55 cycles for tension–

compresion. The evolution of relative global roughness during the cyclic tension is different.

The relative global roughness is smaller compare to the tension–compression case. This is

in constrast with the behaviour of aggregates on a substrate. The relative roughness values

during cyclic tension increase slower than in the case of tension–compression. Figure 4.19

shows the evolution of the surface roughness in large aggregate. The values correspond to

ones obtained in small aggregates.

The roughness amplitude, defined as |Umax
3 − Umin

3 | at a given time, is of the order of

magnitude 1/100 of the film thickness in our simulations. This value is ten times smaller

than the values measured in experiments (Schwaiger et al. [2003], Schwaiger and Kraft

[2003]). Two reasons can be put forward to explain this feature. First the experimental

results were obtained after 10 000 cycles in contrast to 100 cycles simulated in the present

work. Secondly, roughness measured in the experiments is related to the height of the

extrusions. These extrusions are related to the movement of dislocations. In the thin

film with thickness of about 1 µm these extrusions are created by dislocation events such as

reactions of individual dislocations and multiple sources activation (Schwaiger et al. [2003]).

In the thicker films (100 µm) these extrusions are associated with the formation of persistent

slip bands (Schwaiger and Kraft [2003]). The used continuum crystal plasticity framework is

not able to predict transition in the damage mechanism, leading to extrusions and intrusions,

without or with PSB formation. This model is able to provide rough comparison of the

areas of strain accumulation with extrusion areas. This will be discussed in the chapter 5.

Precise simulations of these effects may be necessary at a lower scale than that accounted

for by the model. The simulations based on dislocation dynamics in a single grain plead

for such a discrete modelling of dislocation reactions (Weygand and Gumbsch [2005]) and

PSB formation (Déprés et al. [2004]). These simulations will be presented in the chapters

6.
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4.3. Plasticity induced roughness

An important result of the computations is the fact that roughness is mainly observed

at grain boundaries that sink or rise. This is due the high strain incompatibilities between

neighbouring grains. This feature can be compared with the experimental observations

and simplified model presented in (Wilson and Lee [2001]). The authors indicate that

grain boundary rising or sinking is the predominant mechanism responsible for roughness

development in some aluminium alloys during metal forming. In their observations, the

emergence of slip lines, not accounted for in our simulations, played a smaller role in the

roughening process. The proposed continuum crystal plasticity framework is indeed best

suited for the interpretation of such experimental evidence.

Saturation of global roughness does not mean that the local roughness does not evolve

any longer. The evidence of ratcheting phenomena was found at certain locations on the

free surface in the aggregates. Such a situation is illustrated in figure 4.20 where the local

roughness is plotted along the grain boundary overlined in white in figure 4.16(a) for N

= 1, 100, 500 and 1000. An increase in the local roughness at several points of the grain

boundary is observed from N = 100 to N = 1000 although both the overall stress–strain

loop and the global roughness are already saturated. The simulation of higher number of

cycles up to 1000 cycles shows that ratchetting phenomena tend to saturate, except at some

nodes. A continuing ratcheting effect may be the precursor of fatigue strain accumulation

and possible damage initiation.
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4. Mechanical behaviour of copper thin films under cyclic loading

(a)

(b)

(c)

Figure 4.16: Roughness maps Rloc after N = 1 (left) and N = 100(a)(b) N = 24(c) (right)
at maximal overall strain: (a) film on a substrate with d/h = 1, (b) film on a substrate
with d/h = 0.5, (c) free–standing film.
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4.3. Plasticity induced roughness

(a)

(b)

Figure 4.17: Roughness maps Rloc after N = 1 (a) and N = 29 (b) at maximal overall
strain for large aggregate (225 grains).
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(a)

(b)

(c)
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Figure 4.18: Evolution of global roughness with the number of cycles during cyclic tension–
compression (left) and cyclic tension (right): (a) film on a substrate with d/h = 1, (b)
film on a substrate with d/h = 0.5, (c) free–standing film with d/h = 0.5. The results are
plotted for all considered realizations, the black curve in cases (a) and (b)corresponds to
the mean value.
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4.3. Plasticity induced roughness

Figure 4.19: Evolution of global roughness with the number of cycles during cyclic tension–
compression of the large aggregate (225 grains).
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Figure 4.20: Evolution of local roughness along a selected grain boundary at the free surface.
This grain boundary is marked by a white line in figure 4.16(a) on the left. Its total length
is lgb.
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4. Mechanical behaviour of copper thin films under cyclic loading

4.4 Conclusion

A large–scale computational and statistical strategy has been undertaken to investigate the

development of strain heterogeneities and free surface roughness in multicrystalline films

on a substrate subjected to cyclic loading conditions, based on continuum crystal plasticity.

For comparison, the case of free–standing films was also tackled. The main results are the

following:

• Saturation of overall stress–strain loops towards the same limit cycle is observed in

cyclic tension–compression and cyclic tension after about 70 cycles for films on a

substrate. Significant overall kinematic hardening of the films is obtained which is

due to both intergranuller interaction and local back–stress component introduced in

the crystal plasticity model.

• A large dispersion in plastic strain distribution is observed in all film configurations

with plastic strain concentration factors ranging from 0 to 5. This dispersion is shown

to increase significantly during cycling in films on substrates but not in free–standing

films.

• Higher deformation levels and dispersion are found in the {001} and random grains

than in {111} grains which is in accordance with experimental results provided in

(Schwaiger et al. [2003], Schwaiger and Kraft [2003]).

• The plastic strain distributions are found to be asymmetric in all films with peak

decreasing and distribution broadening in films on a substrate during cycling. Com-

parison of the plastic strain distributions shows also higher constraint of the grains in

d/h=0.5 films and small 50 grains aggregates compared to large 225 grain aggregate.

• Plasticity induced roughness is shown to develop due to strain incompatibilities from

grain to grain. The global relative roughness is found to saturate within 10 cycles

at values in the range 40–50% in films on a substrate and towards higher values in

free–standing films.
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4.4. Conclusion

• Higher roughness levels are found to develop during cyclic tension–compression than

during pure cyclic tension for the same strain amplitude and same limit cycle.

• The rising and sinking of grain boundaries in films on a substrate is observed at many

places. This is the preferential location where local ratcheting phenomena can be

observed.

Some of these results were published in (Šǐska et al. [2007b]).
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Chapter 5

Comparison of the simulations
with experimental data

The objectives of this chapter are comparing the results of simulations with the experimental

results available in the literature. Such a comparison tests the suitability of the crystal

plasticity framework in the case of thin film structures.

5.1 Introduction – experiments on thin films

The used experimental results are taken from the papers (Kraft et al. [2000], Hommel and

Kraft [2001], Schwaiger et al. [2003]). These experiments contain tensile and cyclic tensile

tests of copper thin films on a soft polyimide substrate.

The experiments were realized with samples consist of the copper film the polyimide

substrate (Capton, DuPont) with thickness 125 µm. The copper film was sputtered on this

substrate. The thickness of the sputtered films is within the range 0.4 to 3.2 µm. The effect

of grains size was investigated with the films of thickness 1 µm and different grain sizes.

The film textures were investigated by the Focus Ion Beam (FIB) microscopy. The results

are presented in (Hommel and Kraft [2001]).

The tensile tests were performed with the electro–mechanical tensile machine. The

substrate was subjected to displacement controlled tensile loading which was divided into

steps of about 10 µm. After each step the elastic strain in the film was measured by X–ray
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5. Comparison of the simulations with experimental data

diffraction. Each measurement took about 30 min, therefore, the effective strain rate was

10−7 s−1. The imposed global strain was measured as the displacement of the markers on

the substrate by the laser extensometer.

The elastic strain in the films was measured by X–ray diffraction. This method mea-

sured the lattice spacing which determines the elastic strain state of the film. The method

called sin2 ψ - method was used to determine the elastic strain state. In this method the

interplanar spacing of a particular set of crystallographic planes is measured as function

of the inclination angle ψ which is the angle between the normal of the film surface and

the normal of diffracting planes. The chosen diffracting planes are {311} for (111) oriented

grains and {420} for (001) oriented grains. The layout of the measuring devices allows

measuring the diffraction of the X–rays which come off only under certain angles. These

possible incident angles which allow the measurement of the lattice spacing in the chosen

planes are 19.7◦ and 46.3◦ for {331} planes in (111) oriented grains and 8.9◦ and 45.8◦ for

{420} planes in (001) oriented grains. These conditions (incident angles for chosen diffract-

ing planes) cause that the measurements include only grains having direction [211] in (111)

grains and direction [001] in (001) grains aligned to the tensile direction (Hommel and Kraft

[2001]). The results of lattice spacing for these two incident angles were then extrapolated

for the values of angles which give sin2 ψ = 1 and sin2 ψ = 0. These values correspond to

lattice spacing in the tensile direction (d2) and direction perpendicular to the film plane

(d3) respectively. The elastic strain in given direction can be calculated as:

εel
22 =

d2 − d0

d0
, εel

33 =
d3 − d0

d0
, (5.1)

where d0 is lattice unstrained spacing. The corresponding stresses can be then calculated

by the following equations:

σ11 = C
′

11ε
el
11 + C

′

12ε
el
22 + C

′

13ε
el
33, (5.2)

σ22 = C
′

12ε
el
11 + C

′

11ε
el
22 + C

′

13ε
el
33, (5.3)

σ33 = C
′

13ε
el
11 + C

′

13ε
el
22 + C

′

33ε
el
33, (5.4)
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5.1. Introduction – experiments on thin films

where the elasticity coefficients C
′

11, C
′

12, C
′

13 and C
′

33 in the laboratory coordinates are

function of C11, C12 and C44 defined in the crystal coordinates. Using the thin film as-

sumption σ33 = 0 and excluding shear components we have a system of three equations for

three unknowns (σ11, σ22 and ε22). The value of unstrained lattice spacing d0 is crucial for

the determination of the elastic strain state. For the thin films with (111) texture exists a

certain angle ψ0 for which the lattice spacing is independent of the stresses in the film and

the temperature (Kraft et al. [2000]). This angle is given by:

sin2 ψ0 =
2C

′

13

2C ′
13 + C

′
33

. (5.5)

The lattice spacing belonging to this angle ψ0 fulfills the conditions for the unstrained

lattices spacing. The strain in the direction of tension in the film is determined as follows:

The initial value of the elastic strain in the film prior testing which is measured by X–ray

diffraction is noted as εel,0. The applied strain εapp is measured by the extensometer and is

zero at the beginning. The total film strain is εtotal = εel,0 +εapp. The plastic strain is then

given as difference of the total strain and elastic strain measured by X–ray: εpl = εtotal−εel

(Hommel and Kraft [2001]).

The X–ray diffraction also allows to estimate the micro stresses and dislocation densities

which are related to the width of the measured peaks of X–rays. This peak width is

determined as classic FWHM (full width at half maximum). During the tensile loading

the peak width increases and this broadening (βs) is related to the increase of the internal

micro strains which can be described by the dislocation density (Hommel and Kraft [2001]).

The dislocation density can be estimated as:

ρ =
3
4
π(1 + ν)
b2 ln(r/r0)

β2
s (cot θ)2, (5.6)

where ν is Poisson’s ratio, b is Burgers vector, θ is Bragg angle and r/r0 the ratio between

an outer and inner cut–off radius of the dislocation strain field. This equation describes the

increase of the dislocation density due to the deformation of the film.
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5. Comparison of the simulations with experimental data

5.2 Simulations of aggregates with suitable grain
orientations

A comparison of the simulations with experimental results has been already presented in

chapter 3. This comparison has shown that used model is not able to predict different

amount of hardening in (111) and (001) oriented grains. However all the grains of the

aggregates were considered for the comparison. In contrast only some grains are taken into

account during the measurement. These are grains with directions [211] for (111) grains

and [001] for (001) grains aligned to the tensile direction. In this section we investigate

aggregates which contain different numbers of the correctly oriented (111) grains. The

(001) oriented grains are not investigated due to their small number (3 per aggregate).

Five different aggregates were created with 5, 7, 10, 12 and 15 [211](111) grains in

total of 50 grains. The ratio d/h=1 and the boundary conditions correspond to those in

the section 4.1.1 of the previous chapter noted as “film on a stiff substrate”. The typical

global stress–strain curves which are representative for all aggregates are shown in figure

5.1(a),(b). These figures show the resulting stress–strain curves for different sets of grains in

one aggregate. The blue curve is the stress–strain curve of all grains in aggregate. The red

one describes the behaviour of all (111) oriented grains and the green one is the result for

the grains with orientation [211] (111). These results show very small differences between

these curves. The [211] (111) grains are the hardest grains from the compared grains groups

but the differences from the results for all (111) grains are about 2 % and differences from

the overall curve is about 5 %. Figure (b) also shows that the [211](111) grains are less

deformed than the grains from other two groups. Figure 5.2 then shows the comparison of

the overall stress strain curves for the aggregates with different number of the [211] (111)

oriented grains (5, 7, 10, 12 and 15). These curves show that the amount of hardening does

not increase with increasing number of these grains in aggregate. So, it can be stated that

the [211] (111) grains are generally harder than other (111) oriented grains but the difference

remains very small. The discrepancy between the experimental results and simulations in

chapter 3 is not caused by the fact that all (111) grains are used.
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Figure 5.1: Stress–strain curves for different grains in aggregate on a stiff substrate: blue –
all grains, red – all (111) grains, green – [211](111) grains.
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Figure 5.2: Stress–strain curves for aggregates with a different number of [211] (111) grains.

5.3 Comparison of macroscopic behaviour

The comparison of the macroscopic behaviour is realized by the comparison of the evolution

of the elastic strain in the tensile direction, in–plane elastic strain perpendicular to the

tensile direction and stress in the tensile direction. The comparison is performed for the

simulations with aggregates that contain [211] (111) oriented grains (see previous section
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5. Comparison of the simulations with experimental data

5.2), free–standing films from chapter 4 and films on a polyimide substrate from chapter 3.

The first comparison is performed for the aggregates with [211](111) oriented grains.

The boundary conditions simulate the tensile test of the film on a stiff substrate (chapter

4.1.1). The substrate is not formed by a mesh but its influence is describe only by these

boundary conditions. This assumption of stiff substrate is different from the experiments,

but the comparison can show if there can be founded some common features in behaviour.

The experimental results are taken from (Kraft et al. [2000]). The results are obtained

from the tensile test of the 1 µm thick copper thin films. They show the evolution of the

elastic strain in film with respect to total imposed strain by the substrate. The stress in

the direction of tension is then computed according to equations (5.4). The experimental

results show whether or not is the strain fully transferred from the substrate to the film and

at which value of imposed strain the film starts to yield. The first comparison is presented in

figure 5.3. This plot shows the elastic strain in the tensile direction Eel
22 which is computed

for all grains in aggregate. The experimental results (points) show the clear deviation from

the elastic behaviour (dashed line) during which all imposed strain is transferred to the

film. The simulation results (lines - each lines = one realization of aggregate) show larger

declination from this elastic behaviour which corresponds to the fact that there is higher

amount of plasticity in the simulations. The deviation from the ideal behaviour (dashed

line) starts in simulations earlier at about 0.05% of total imposed deformation while the

declination in experiments starts at 0.1% of total imposed deformation.

Figure 5.4 shows the evolution of the in–plane elastic strain perpendicular to the tensile

direction Eel
11. The experimental results (points) show several features: The strain does

not start at zero which means that there is some initial strain before testing or this offset

could be also some measuring errors. The experimentally measured strain increases until

the 0.001 of applied strain. Then the film starts to yield and the substrate constrains the

deformation of the film in this direction, therefore, the magnitude of the strain decreases

(Kraft et al. [2000]). The results of simulations show that the elastic strain Eel
11 starts at 0

and increases up to 0.05% of total imposed strain and then the film starts yielding and the

elastic strain starts to decreases. The slope of the curves and the experimental results are

112



5.3. Comparison of macroscopic behaviour

0 0.5 1 1.5 2 2.5
x 10−3

0

0.5

1

1.5

2

2.5
x 10−3

εtotal

E 22el
experiment
stiff substrate agg 1
stiff substrate agg 2
stiff substrate agg 3
stiff substrate agg 4
stiff substrate agg 5
E22

el  = εtotal

Figure 5.3: Evolution of strain in the tensile direction in aggregates on a stiff substrate.

similar within the range 0 – 0.0005 of total imposed strain. This could by caused by the

similar Poisson ratios of the Capton (ν = 0.34) and silicon (ν = 0.2785). The slope of the

decrease of the elastic strain is then higher in the experimental results.
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Figure 5.4: Evolution of strain in the direction perpendicular to tensile direction (in–plane
of the film) in aggregates on a stiff substrate.
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The comparison of the stress in the tensile direction (Σ22) is shown in figure 5.5. The

experimental results (points) show the high amount of hardening in the real film. The stress

values are about 2.5 – 3 times higher in experiment than in simulations. This discrepancy

shows that the interactions between the slip systems and individual grains are much higher

in real thin films. The average value of Σ33, component perpendicular to the film plane

is in the simulations approximately 105 – 106 times smaller than the other components

(Σ11,Σ22). The shear components are also 103 – 104 times smaller then components Σ11

and Σ22. This proves the validity of thin film assumption: σ33=0.

0 1 2 3 4 5
x 10−3

0

50

100

150

200

250

300

350

400

εtotal

Σ 22

experiment
stiff substrate agg 1
stiff substrate agg 2
stiff substrate agg 3
stiff substrate agg 4
stiff substrate agg 5

Figure 5.5: Evolution of stress in the tensile direction (in–plane of the film) in aggregates
on a stiff substrate.

The second case of comparison is performed for the aggregates subjected to the boundary

conditions noted as “free–standing” (see section 4.1.1). This kind of boundary conditions

can be also used for simulation of the film on a soft substrate. The results for elastic strain

evolution are shown in figure 5.6(a),(b). The case (a) shows the evolution of elastic strain in

tensile direction (Eel
22) and case (b) shows the in–plane elastic strain perpendicular to tensile

direction (Eel
11). The simulations results show the features similar to the previous case. The

deviation from the elastic behaviour is larger than in the experimental data. The films have

the pure elastic behaviour up to about 0.6×10−3 of the total imposed strain which is more
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than in previous case. This is caused by the smaller constraining of the bottom surface

compare to previous case. The elastic strain Eel
11 increases with the similar slope in range

0 – 0.6×10−3. The decrease after yielding is comparable with the previous case of the film

on a stiff substrate. The comparison of the stress in the tensile direction is shown in figure

5.7. The differences between the experiment and simulations are even higher in this case

because the aggregates are less constrained, therefore, the stress does not increase as much

as in previous case. The thin film assumption (σ33 = 0) is also valid in this case.
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Figure 5.6: Evolution of strain in the free–standing aggregates a) strain in tensile direction,
b) strain in direction perpendicular to the tensile direction (in–plane of the film).

The last comparison is made for the aggregates with the meshed polyimide substrate.

These simulations set up is the closest to the experimental conditions because of the physical

presence of the substrate. The comparison of the elastic strains is shown in figure 5.8(a)

and (b). The case (a) shows that the curves are much more deviated from the dashed line

than the experimental results. The curves start to deviate from the elastic behaviour a bit

earlier than in previous case. This corresponds to the fact that the soft polyimide substrate

constrains the bottom surface more then the free–standing conditions. The comparison

of the data for the perpendicular elastic strain (b) shows that this elastic strain increases

with lower slope than in previous case. This is due to the lower value of ν of polyimide

substrate. The decrease of the curves starts at about 0.75×10−3 total applied strain. This

decrease occurs earlier compare to the experimental data. The slope of the decreasing
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Figure 5.7: Evolution of stress in the tensile direction in the free–standing aggregates.

part of experimental data is again higher than in the simulations results. The difference

between the simulations and experiments can be caused by the fact that in experiments

is the substrate 125 times thicker than the film while in the simulations is the substrate

only 5 times thicker. Therefore the film is not constrained enough. The comparison of the

tensile stress is presented in figure 5.9. The simulated stress levels are comparable with

the previous case of free–standing films. The thin film assumption is also valid in this

case. These results show larger amount of plasticity in the simulations. This fact together

with the large differences of hardenings show that the used continuum model is not able

to account all possible interactions which occurs in the real films (slip system interactions,

grain to grain interactions, film – substrate interactions, dislocations interactions).

5.4 Comparison of local strain and displacement
evolution

As mentioned in the first section of this chapter, the X–ray method allows investigation of

the development of microstrains in the films by the measuring of the broadening of the peak

of diffracted X–rays. This broadening is related to the increase of dislocation density by
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Figure 5.8: Evolution of strain in the aggregates on polyimide substrate a) strain in tensile
direction, b) strain in direction perpendicular to the tensile direction (in–plane of the film).
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Figure 5.9: Evolution of stress in the tensile direction in the aggregates on polyimide
substrate.

the equation (5.6). The peak broadening increases with square root of dislocation density.

Dislocation density can be related to plastic strain by Orowan equation:

∆εp = ρb∆x, (5.7)
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5. Comparison of the simulations with experimental data

where ∆ε is the increase of the plastic strain, ρ is the dislocation density, b is the Burgers

vector and ∆x is the increase of the lattice displacement. The plastic strain can also

increase due to the increasing of the dislocation density. Let us assume for simplicity that

the dislocation density grows linearly with respect to equivalent plastic strain. We call ρ̃ this

density estimated from FE simulations. A more accurate estimation of dislocation densities

can be gained from the crystal plasticity model but a rude estimate is sufficient in this section

due to the precision of experimental evaluation of ρ by the peak broadening method. As

a result, the peak broadening is proportional to the square root of this dislocation density

(βs ∝
√
ρ̃). The dislocation density for each aggregate can be computed as:

ρ̃ =
∫

V

ρ̃(x)dx ∝
∫

V

εp
eq(x)dx, (5.8)

where (εp
eq)(x) is the equivalent plastic strain at point x in aggregate. Figure 5.10(a) shows

the experimental results (points) of peak broadening with respect to total imposed strain

(Hommel and Kraft [2001]). The case (b) shows the evolution of ρ̃ with respect to the total

imposed strain for different realizations of aggregates and different boundary conditions

(points, crosses, circles). Experimental and simulated data were fitted by the function

y = k
√
εtotal + q. This fitting shows that both data are proportional to

√
εtotal and this

means that the evolution of the plastic microstrains in simulations is similar to that in

the real films in experiment. The best fitting occurs for the aggregates with polyimide

substrate and the worst one is for the case of free–standing films. Such a comparison is only

qualitative and very crude because the relation between the peak broadening mechanism

and the evolution of dislocation density remains qualitative.

The other phenomena which can be compared with the experiments is the creation of

extrusions at the film surface during the cyclic loading. As already mentioned in the section

4.3.2, the used model is not able to predict the formation of extrusion and intrusions in the

film, because their formation is caused by the localized discrete slip processes. Formation

of such structures in the real films is connected with coalescence of voids and decohesion

between the film and the substrate. In such a case, the film is no longer connected to the

substrate and the deformation from the substrate is not transferred directly to the film
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5.4. Comparison of local strain and displacement evolution
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Figure 5.10: a) Evolution of the peak broadening of diffracted X–ray during tensile loading.
b) Evolution of the total plastic microstrain during tensile loading.

(Schwaiger et al. [2003]) and the free surface is created. Such places are mostly found

in the {001} oriented grains and between the twins. Extrusions and intrusions grow and

cracks initiate preferably at these locations. However related effects can be found in our

simulations of free–standing films. In real films these places are very localized while in the

simulations the whole aggregate is supposed to be disconnected from the substrate. But at

least a qualitative comparison can be drawn to see if there is a tendency of the films in the

simulations to produce some localized deformation zones which can be related to extrusion

formation. Two such regions in different aggregates are presented in figure 5.11(a),(b). This

figure shows the evolution of the out of plane displacement U3 during cycling for different

type of loading. This displacement is shown when the applied deformation is 0 (residual

deformation). It evolves and grows during cycling. Strain localization zones are at the grain

boundary between two differently oriented {111} grains and between {001} and {111} grains

which is similar to what occurs in real films.
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5. Comparison of the simulations with experimental data

a) b)

Figure 5.11: Evolution of the residual deformation in the free–standing aggregates during
cycling a) cyclic tension, b) tension–compression.

5.5 Comparison of the influence of the different grain
morphology

The grain structure of the aggregates used in the simulations is produced by the Voronöı tes-

sellation. This method produces grain shapes which are crude representations of the real

grain shapes. The grains have 5 to 7 edges which correspond approximately to real columnar

grain structures (Weygand et al. [1998]) but the grain size distribution does not corresponds

to the real log–normal one. Therefore simulations with aggregates with more realistic grain

shapes are performed to check the differences in results obtained with Voronöı aggregates.

The grain shapes are obtained by 2D simulations of grain growth (Weygand et al. [1998]).

The resulting 2D image of the grains is then meshed and simple extension into 3D is per-

formed. The grain size thickness ratio (d/h) is approximately equal to 1. The resulting

aggregate is again a simplification of reality because the grain boundaries are still regarded

as perpendicular to the plane of the film. Also the real copper films contain twins in grains

which are not accounted here. The image of the aggregate is shown in figure 5.12 where

(001) and RND indicate the position of the {001} and random oriented grains respectively.
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5.5. Comparison of the influence of the different grain morphology

Figure 5.12: The surface of the aggregate with the real shape grains. (001) and RND
indicates the {001} and random oriented grains respectively.

The simulations are performed in the same way as in the chapter 4. Five cycles of

tension–compression (±0.5%) and cyclic tension (0-1%) are applied. The boundary con-

ditions correspond to “film on a stiff substrate” from section 4.1.1. The results are post–

processed as in the chapter 4. The macroscopic behaviour is presented in figure 5.13(a)(b).

These plots show the evolution of the stress–strain loops during the five cycles under

tension–compression (a) and cyclic tension (b). The evolution of the average values is

shown for all grains and for each grain orientation. The comparison with the results for

the Voronöı aggregates indicates that there are almost no differences in the macroscopic

behaviour. The values of stress and strain for different orientations are almost identical for

Voronöı and log–normal grain aggregates.

The next level comparison is done for the distribution of the plastic strain in the aggre-

gate and its evolution during cycling. The histograms of the equivalent plastic strain for

different orientations and different loading conditions are shown in figure 5.14(a),(b). These
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Figure 5.13: Evolution of the stress–strain loops during the five cycles for different orienta-
tions and loading conditions: a) tension–compression, b) cyclic tension.

histograms are again fitted by the same statistical distributions as in the chapter 4.2.2. The

values of the parameters of distributions are in the tables 5.1 and 5.2. Comparison of these

parameters shows that the histograms for {111} oriented grains are very similar and the

dispersions for different number of cycles differ within the range of 5–7 %. The histograms

for {001} oriented grains have no sharp peak but there are the significant numbers of the

integration points with the relative plastic strain values within the interval 2.5 – 3.5 for

both type of loading conditions. The direct comparison of the histograms of equivalent

plastic strain for both type of grain shape is shown in figure 5.15(a),(b). The maxima of

the histograms for {111} oriented grains are shifted about 10% towards the higher values
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5.5. Comparison of the influence of the different grain morphology

of plastic strain for both types of loading conditions. The dispersions of the values (width

of the peak) are almost identical. The histograms for {001} and random oriented grains

are shifted towards higher values for real grain shapes. The dispersion of the values is also

about 10% higher compare to the Voronöı grains. This means that the {001} and random

oriented grains are more deformed than in the Voronöı aggregates. But these results are

also influenced by the fact that the histograms are made from one representation while the

histograms of Voronöı aggregates are made for 10 realizations.

The differences in the results are relatively small especially for the {111} oriented grains

which make the main part of the aggregates. According to these results we can state that

even if the simulations with Voronöı grain shape represent sort of simplification, they can

provide suitable results in the simulations of mechanical behaviour of thin films.

cycle Normal Log–normal Weibull Gamma
{111} grains - tension-compression

cycle 1 µ = 1.05
σ = 0.26
M = 0.0021

µ = 0.08
σ = 0.26
M = 0.0013

k = 4.49
λ = 1.13
M = 0.0032

α = 16.02
β = 14.64
M = 0.0014

cycle 5 µ = 1.13
σ = 0.31
M = 0.0013

µ = 0.15
σ = 0.28
M = 0.0005

k = 4.06
λ = 1.23
M = 0.0020

α = 13.27
β = 11.22
M = 0.0006

{111} grains - cyclic tension
cycle 1 µ = 0.98

σ = 0.27
M = 0.0017

µ = 0.006
σ = 0.29
M = 0.0009

k = 4.04
λ = 1.07
M = 0.0025

α = 12.87
β = 12.56
M = 0.0009

cycle 5 µ = 1.01
σ = 0.29
M = 0.0014

µ = 0.04
σ = 0.29
M = 0.0008

k = 3.92
λ = 1.10
M = 0.0020

α = 12.11
β = 11.47
M = 0.0008

Table 5.1: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {111} grains for different loading conditions.
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Figure 5.14: Evolution of the equivalent plastic strain histograms for aggregates with real
grains shapes for different orientations and loading conditions: a) tension–compression, b)
cyclic tension.
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Figure 5.15: Comparison of the equivalent plastic strain histograms for aggregates with
different grains shapes for different orientations and loading conditions: a) tension–
compression, b) cyclic tension.
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5. Comparison of the simulations with experimental data

cycle Normal Log–normal Weibull Gamma
{001} grains - tension-compression

cycle 1 µ = 1.5
σ = 0.49
M = 0.0059

µ = 0.44
σ = 0.34
M = 0.0037

k = 3.39
λ = 1.68
M = 0.0061

α = 9.14
β = 5.73
M = 0.0033

cycle 5 µ = 1.5,
σ = 0.47
M = 0.0064

µ = 0.43
σ = 0.32
M = 0.0034

k = 3.46
λ = 1.68
M = 0.0070

α = 10.17
β = 6.43
M = 0.0042

{001} grains - cyclic tension
cycle 1 µ = 1.40

σ = 0.49
M = 0.0053

µ = 0.37
σ = 0.36
M = 0.0033

k = 3.22
λ = 1.57
M = 0.0054

α = 8.23
β = 5.52
M = 0.0037

cycle 5 µ = 1.39
σ = 0.48
M = 0.0052

µ = 0.36
σ = 0.35
M = 0.0028

k = 3.25
λ = 1.57
M = 0.0053

α = 8.53
β = 5.76
M = 0.0034

Table 5.2: Identification of statistical distribution functions for the relative equivalent plas-
tic strain in {111} grains for different film configurations.
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5.6. Conclusion

5.6 Conclusion

The comparison of the different simulations with experimental results was made in this

chapter. The following conclusions can be stated:

• The stress–strain curves show that the hardening in [211](111) grains which are used

in experimental measurements is larger than the average hardening in (111) grains

or average hardening in all grains. However these differences are about 5%, there-

fore, they cannot explain the difference in the hardening of real films and simulated

aggregates.

• The comparison of the stress–strain curves shows that the used continuum model is

not able to describe the amount of hardening in the real films and the level of the

stresses. The hardening depends mostly on the individual dislocation mechanism and

interactions. All these processes are not included in this continuum model or in the

simulations.

• The comparison of the evolution of the elastic strain in the tensile direction shows the

higher amount of plasticity in simulations than in the real films. The plasticity starts

in the simulations at smaller value of total imposed strain than in the experiments.

The results of simulations with different boundary conditions are very similar with

respect to experimental data.

• The evolution of the in–plane strain perpendicular to the tensile direction shows the

decreasing of its values in the experimental data due to the constraining of the film

by the substrate. This decrease is observed in the simulations but with smaller slope.

This decrease starts in simulations at the smaller value of the total imposed strain

than in experiments.

• Areas of strain accumulation can be found in the simulations of the cyclic loading of

free–standing films. They are located at the grain boundaries and close to the {001}

oriented grains. These phenomena can be related to the areas of creation of extrusions

in the real films.
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5. Comparison of the simulations with experimental data

• The comparison of the simulations results with more realistic grain shape aggregate

and results with Voronöı grains aggregates shows only small differences, therefore, the

simulations with Voronöı grains can give the suitable results.

A better description of thin film behaviour seems to require the introducing of discrete

dislocation processes which cannot be included in this continuum model. Description and

modelling of these processes will be described in the following chapter.

128



Chapter 6

Discrete dislocation dynamics
simulations of multicrystalline

aggregates

6.1 Introduction

The question of the mechanical behaviour of thin film was treated in the previous chapters

within the framework of continuum theory. However the experimental observations show

that many phenomena are based on the individual dislocation behaviour and interactions

which are discrete objects. Such behaviour cannot be described by the classical continuum

crystal plasticity as was shown in the chapters 4 and 5. Therefore the simulation with

discrete dislocation dynamics (DDD) will be presented in this chapter.

6.1.1 DDD theory

The used DDD model belongs to nodal codes (Weygand et al. [2001], Weygand et al. [2002])

in which the dislocation line is interpolated between nodes. The dislocation is allowed to

move on certain glide planes. A minimal distance between glide plane is imposed, as no

anihilation processes between dislocations in parallel glide planes are included. The example

of a discretized dislocation loop on its glide plane is shown in figure 6.1. The vector b is

the Burgers vector of this loop, n is the normal to the glide plane, r A = r (lA) is the
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6. Discrete dislocation dynamics simulations of multicrystalline aggregates

coordinate of the node A, where lA is its curvilinear coordinate. The DDD simulations are

based on the computation of the velocity of dislocation at lA according to the force which

acts on the dislocation line. An interpolation relation between local and nodal velocities is

used:

Figure 6.1: Discretized dislocation loop in the glide plane.

vi(l) =
N∑

A=1

NA(l)VAi i = 1, 2, 3, (6.1)

where VAi is the i − th component of the nodal velocity VA and NA is the linear shape

function of node A. The driving force of the dislocation is the Peach–Koehler force. The

force component in the glide plane is relevant for the pure glide. This force is noted as fs.

Its direction can be written as s = t × n . The relation between the Peach–Koehler force

and dislocation velocity is established on the base of the atomistic processes. This relation

is described by the following constitutive rule:

vi(l) = VT

(
fs(l)
µb

)m
fs

i (l)
fs(l)

. (6.2)

The fs
i is the Peach–Koehler force computed according to the approach which will be

described later. The power law exponent m is equal to 1 for FCC materials and VT is the

drag coefficient. Therefore this law can be for FCC crystals rewritten as:
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6.1. Introduction

fs
i (l) = Dvi(l), D = µb/VT . (6.3)

The coefficient VT is temperature dependent and also depends weakly on the character of

dislocation (edge, screw, mixed) for fcc materials. But this latter dependence is neglected.

According to the principle of the virtual work, the equation (6.3) can be rewritten for the

energy dissipation due to the dislocation motion as:∮
L

fs
i (l)δvi(l)dl = D

∮
L

vi(l)δvi(l)dl, (6.4)

where δvi(l) is the virtual velocity of the dislocation at position l. This velocity is inter-

polated from the nodal values δVAi by using the interpolation according to the equation

(6.1):

δvi(l) =
N∑

A=1

NA(l)δVAi. (6.5)

There are some constraints of the motion of nodes which are located on free surfaces or

which belongs to dislocations junctions. These nodes can move only along a given direc-

tion. Therefore these possible restrictions must be taken into account in evaluation of the

nodal velocity. For safe of clarity, the derivation of the equations of motion is done for

unconstrained nodes only. Using the previous definitions the virtual work expression can

be written as:

N∑
A=1

[
∮

L

fs
i (l)NA(l)dl −D

N∑
B=1

VBj

∮
L

NA(l)NB(l)dl]δVAi = 0. (6.6)

To fulfill this equation for the arbitrary virtual velocities δVAi, the following expressions

must be valid:

FAi −
N∑

B=1

KABijVBj = 0, i = 1, 2, 3; A = 1, ..., N, (6.7)

for the N common nodes. The nodal force FAi and the “stiffness” matrix KAB are defined

as:
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6. Discrete dislocation dynamics simulations of multicrystalline aggregates

FAi =
∮

L

fs
i (l)NA(l)dl, (6.8)

KAB = D

∮
L

NA(l)NB(l)dl. (6.9)

The resulting nodal force at node A can be then written as:

F A = s A−1,A

∫ A

A−1

fs(l)NA(l)dl + s A,A+1

∫ A+1

A

fs(l)NA(l)dl, (6.10)

where sA−1,A is the in–plane unit normal vector to the segment with endpoints (A−1) and

(A).

The next task is the computation of the Peach–Koehler force on the dislocation line.

The resulting force is taken as a superposition of the forces caused by the stress field of other

dislocations including the self stress and the externally applied forces. The dislocation stress

field is evaluated for each straight segment of dislocation. The solution by superposition

proposed by (Van der Giessen and Needleman [1995]) is shown in figure 6.2. The force

from dislocation is computed as a problem of dislocation singularity in the infinite space.

The correction for the boundary conditions is done solving a linear elastic problem. The

boundary conditions for solving of this problem can be written as:

ûi = u0
i − ũi T̂i = T 0

i − σ̃ijnj , (6.11)

where u0
i and T 0

i are prescribed values of displacement and tractions on the different parts

of the boundary. The variables with (˜) are the displacement resp. stresses for dislocations

in the infinite space. The final solution is then obtained from equations:

σij = σ̃ij + σ̂ij , εij = ε̃ij + ε̂ij , ui = ũi + ûi. (6.12)
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Figure 6.2: Superposition of the analytical solution of dislocation singularities in infinite
space (˜) with image field (ˆ) corrected by boundary conditions (u0

i , T
0
i ) (Van der Giessen

and Needleman [1995]).

6.1.2 Presentation of the polycrystalline simulations

The simulations were performed for polycrystalline aggregates which consist of 9 cuboidal

grains. The grain boundaries are impenetrable to dislocations, however the dislocations

influence each other across the boundaries by the stress fields, they induce. These conditions

mean some simplification, but this is the current state of the given DDD code. The boundary

conditions are shown in figure 6.3. The aggregate has a fixed face perpendicular to the y

direction and the displacement of the opposite face is prescribed in the y direction. The

other surfaces of the aggregates are traction free. These boundary conditions correspond

to a free–standing film.

The code allows setting the properties of the initial dislocation sources in each grain.

These properties are: number of sources in given slip plane family, length of the sources and

minimal number of glide planes between these sources. The sources are placed randomly

inside the grains. The typical representation of the aggregate (FE mesh + initial dislocation

sources) is shown in figure 6.4.

The boundary conditions are treated by using a FE mesh and a homogeneous elastic

material with Young’s modulus E = 72 738 MPa and Poisson ratio ν = 0.347. These values
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6. Discrete dislocation dynamics simulations of multicrystalline aggregates

Figure 6.3: Boundary conditions of the DDD simulations of the polycrystalline aggregate.
The grain numbers corresponds to those used in table 6.1.

Figure 6.4: Aggregate for DDD simulations: FE mesh – grey lines, Dislocation sources at
different glide systems – red, green, blue, brown lines.
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correspond to properties of aluminum. Two families of crystallographic orientations were

chosen: random, and (001) central grain surrounded by (111) grains. The Euler angles

for crystallographic orientations of the grains are described in the table 6.1. The values of

angles are written in notation used in the simulations. This notation is inverse with respect

to one presented in the chapter 2. Instead of matrix T is used its transpose. The central

grain is grain 5 (see fig. 6.3). The textures are also represented by their pole figures in

figure 6.5(a),(b).

Grain φ1 Φ φ2

Random aggregates
Grain 1 18.45 54.7356 45.00
Grain 2 89.52 54.7356 45.00
Grain 3 38.86 54.7356 45.00
Grain 4 263.21 54.7356 45.00
Grain 5 72.46 0.00000 0.00
Grain 6 78.92 54.7356 45.00
Grain 7 20.41 54.7356 45.00
Grain 8 0.79 54.7356 45.00
Grain 9 259.73 54.7356 45.00

(111)(001) aggregates
Grain 1 135.0 54.7356 161.5523
Grain 2 135.0 54.7356 90.4823
Grain 3 135.0 54.7356 141.1392
Grain 4 135.0 54.7356 -83.208
Grain 5 180.0 0.00000 107.5440
Grain 6 135.0 54.7356 101.0791
Grain 7 135.0 54.7356 159.5888
Grain 8 135.0 54.7356 179.2124
Grain 9 135.0 54.7356 -79.7329

Table 6.1: Values of Euler angles of the grains orientations for different types of aggregates.

The main parameters which are used for classification of simulations are: crystallo-

graphic texture, grain size (in–plane, film thickness), initial dislocation density, glide plane

distance and initial source length. The values of grain size, glide plane distance and source

length are taken as multiples of the lattice constant (a=4.04496 × 10−10m). The simulations

are classified according to their parameters into the following groups:
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(a) (b)

Figure 6.5: Pole figures for (a) random texture, (b) (111)(001) texture.

1. Group 1

This group consists of the aggregates with the same grain size and the same initial

dislocation density. These aggregates have the largest grain size (2500 a) and the

lowest initial dislocation density (0.3 × 1013[m−2]). The aggregates have random

texture. The differences are in the glide plane distance and initial source length.

Two simulations have the random source length within a given range and one has a

constant initial source length. These simulations are used for the determination of

the influence of the source length for large grains and low initial dislocation density.

The parameters of these simulations are presented in table 6.2.

2. Group 2

This group includes three simulations. The grain orientations are random. The ini-

tial dislocation density is identical 1013 [m−2] which is in the middle of the range

of used initial dislocation densities. These aggregates have different grain sizes (two

have columnar grains and one have cubic grains). The in–plane grain sizes of these

aggregates are small (1300 a and 1500 a) comparing to other simulations. Two sim-

ulations have the random source length within a given range and one has constant
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simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G1–1 Random d = 2500 h = 2500 100 50–500 0.2
G1–2 Random d = 2500 h = 2500 25 50–500 0.2
G1–3 Random d = 2500 h = 2500 25 300 0.2

Table 6.2: Basic properties of the Group 1 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

initial source length. The influence of the grain size and source length can be esti-

mated for small grains and higher dislocation density from this group of simulations.

The parameters of these simulations are presented in table 6.3.

simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G2–1 Random d = 1300 h = 2500 25 50–500 1.0
G2–2 Random d = 1500 h = 1500 25 50–500 1.0
G2–3 Random d = 1300 h = 2500 25 300 1.0

Table 6.3: Basic properties of the Group 2 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

3. Group 3

This group consists of only two simulations. These simulations have different dislo-

cation density from the previous groups (0.5 and 2.1 × 1013 [m−2]). The in–plane

grain size is very different in these simulations (1300 a and 2500 a). They have the

same texture and long initial dislocation sources (600 a). The influence of the in–

plane grain size and initial dislocation density can be estimated from this group of

simulations. The parameters of these simulations are presented in table 6.4.

4. Group 4
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simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G3–1 Random d = 2500 h = 2500 25 600 0.5
G3–2 Random d = 1300 h = 2500 25 600 2.1

Table 6.4: Basic properties of the Group 3 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

This group covers 5 simulations with the same low initial dislocation density (0.3 ×

1013 [m−2]) and random texture. Two aggregates have columnar grains of the same

small in–plane size (1300 a) and large thickness (2500 a) but with different initial

source lengths (300 a and 600 a). Another two simulations have the cubic grains of

the same middle size (1600 a) but again different initial source length (300 a and 600

a). In this group the significance of the grain size or source length can be estimated

for the low initial dislocation density and small and middle in–plane grain size. The

parameters of these simulations are presented in table 6.5.

simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G4–1 Random d = 2500 h = 2500 25 600 0.3
G4–2 Random d = 1300 h = 2500 25 300 0.3
G4–3 Random d = 1300 h = 2500 25 600 0.3
G4–4 Random d = 1600 h = 1600 25 300 0.3
G4–5 Random d = 1600 h = 1600 25 600 0.3

Table 6.5: Basic properties of the Group 4 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

5. Group 5

This group includes three simulations. The only difference between them is the film
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thickness. Due to the film thickness, the grain shape changes from the cubic to the

columnar grains. Other parameters are the same for all simulations. These simulations

are characteristic by the short initial dislocation sources (200 a), middle value of initial

dislocation density (1013 [m−2]) and the small in–plane grain size (1250 a). These

simulations can show the influence of the film thickness on the resulting behaviour.

The parameters of these simulations are presented in table 6.6.

simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G5–1 Random d = 1250 h = 1250 25 200 1.0
G5–2 Random d = 1250 h = 1875 25 200 1.0
G5–3 Random d = 1250 h = 2500 25 200 1.0

Table 6.6: Basic properties of the Group 5 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

6. Group 6

This group covers 5 simulations of the aggregates which are characteristic by the

texture consisting of the (001) central grain and (111) surrounding grains, the short

initial dislocation sources (200 a and 266 a), middle value of initial dislocation density

(1013 [m−2]) and the small in–plane grain size (1250 a). Four simulations have the

same initial source length (200 a). The film thickness in these four simulations in-

creases from the half of the in–plane grain size to twice the in–plane grain size. These

simulations can also show the influence of the film thickness but also the influence of

the initial source length. The parameters of these simulations are presented in table

6.7.

7. Group 7

Three simulations are included in this group. All simulations have the (111) texture

with the (001) central grain and the cubic grains of the same small size (1250 a). Two

of them have the same high initial dislocation density (2× 1013 m−2), but different
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simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G6–1 (111)(001) d = 1250 h = 1250 25 200 1.0
G6–2 (111)(001) d = 1250 h = 1875 25 200 1.0
G6–3 (111)(001) d = 1250 h = 2500 25 200 1.0
G6–4 (111)(001) d = 1250 h = 625 25 200 1.0
G6–5 (111)(001) d = 1250 h = 1250 25 266 1.0

Table 6.7: Basic properties of the Group 6 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).

initial source length. One simulation has a twice larger dislocation density (4× 1013

m−2). These simulations are used for investigation of the influence of the initial

dislocation density. The parameters of these simulations are presented in table 6.8.

simulation grain ori-
entation

grain size (in–
plane – d, film
thickness – h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G7–1 (111)(001) d = 1250 h = 1250 25 200 2.0
G7–2 (111)(001) d = 1250 h = 1250 25 500 1.9
G7–3 (111)(001) d = 1250 h = 1250 25 200 4.0

Table 6.8: Basic properties of the Group 7 simulations. Lengths are given as multiples of
the lattice constant (a=4.04496 × 10−10m).
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6.2 Results

6.2.1 Macroscopic behaviour of aggregates

Global comparison is done for the overall stress-strain curves and for the evolution of dislo-

cation density with applied strain. The results and discussion are divided according to the

categories presented previously.

1. Group 1

The evolution of the dislocation density and stress–strain curves are shown in figure

6.6(a),(b). These aggregates have the same grain size and initial dislocation density.

The difference is in the initial source length. The influence of this initial source length

on the yield stress value is clearly visible in figure. The yield stress and strain is about

27% higher in the case of the constant source length. This difference is caused by the

presence of the longer sources in the G1–1 and G1–2 simulations. The slope of the

dislocation density curves and hardening rates are very similar in all cases. The

differences are about 5%.

2. Group 2

The results for this group of simulations are shown in figure 6.7(a),(b). The following

features can be observed: The influence of the initial source length is visible from the

comparison of the curves for G2–1 and G2–3 simulations. The source length is the

only difference between them. The yield stress is about 13% higher for the case of

constant sources length. The influence of the in–plane grain size can be shown on

the comparison of the simulations G2–1 and G2–2. The simulation G2–2 has cubic

grains with about 15% larger in–plane grain size. But the yield stress is only about

2% higher for the G2–1 with smaller in–plane grain size. The hardening rate is about

16% higher for the G2–1 with smaller in–plane grain size. Comparison of these three

simulations shows the higher influence of the initial source length on the stress–strain

behaviour than the in–plane grain size. The significant dependence of the yield stress

on the source length is also described in (von Blanckenhagen et al. [2004]).
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Figure 6.6: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 1.
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Figure 6.7: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 2.
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3. Group 3

The curves for the two simulations from this group are shown in figure 6.8(a),(b).

These simulations have only the same initial source length and the film thickness.

The simulations G3–1 has 4 times smaller initial dislocation density and 1.9 larger

in–plane grain size. The curves are very similar for both cases. The main differences

are in the hardening rate which is higher for the G3–2 with smaller in–plane grain

size and higher dislocation density. The similarity of the stress–strain curves shows

the large influence of the initial source lengths compared to other parameters.

4. Group 4

This category consists of aggregates with different grain size and source length but

with the same initial dislocation density. The stress–strain curves and evolution of

dislocation density are shown in figure 6.9(a),(b). The influence of the different source

length can be observed by the comparison of the results for G4–2 and G4–3 or G4–4

and G4–5 respectively. Both cases show the increase of yield stress and strain for the

shorter sources, but the aggregates with longer sources have higher hardening rate

which corresponds to the smaller number of sources and lower possibility of gliding.

The differences are more significant for the aggregates which have smaller in–plane

grain size (G4–2, G4–3 – 1300 a). The influence of the in–plane grain size can be

identified by comparison of the simulations with the same source length (G4–2 and

G4–4 or G4–1, G4–3 and G4–5). Such an influence is again small. This small effect is

most likely due to the fact that the source strength and back stresses are controlling the

plasticity. When the difference between the in–plane grain size is 23%, the difference

in the yield stress is about 1% for shorter source length (300 a) simulations and about

5% for longer source length (600 a) simulations. When the in–plane grain size is 1.92

times larger (G4–1 compare to G4–3), the difference in the yield stress about 27%.

The hardening rate depends on the number of initial sources, therefore, the aggregates

with smaller number of sources have higher hardening rate. This corresponds again

with results presented in (von Blanckenhagen et al. [2004], Nicola et al. [2005]). The

aggregates with smaller grains have less sources and higher hardening rates. The
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difference is 15% for aggregates G4–2 (1300 a) and G4–4 (1600 a) and about 40%

between G4–1 (2500 a) and G4–3 (1300 a).

5. Group 5

In this category there are aggregates with the same source length and in-plane grain

size but with different thickness of grains. The thickness increases from the one to two

times of the in–plane grain size. The stress-strain curves and evolution of dislocation

density is shown in figure 6.10(a),(b). The stress-strain curves are very similar and

the results show very small effect of different film thickness. The yield stresses and

strains are almost the same (differences about 2%). The differences in hardening

rate are also very small (about 3–5 %). These are caused by the different number of

initial sources. These results show that the main influence of grain size is provided by

the in–plane grain size which the smallest grain dimension. This dependence of the

smallest dimension was observed also in (von Blanckenhagen et al. [2001]).
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Figure 6.8: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 3.
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Figure 6.9: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 4.
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Figure 6.10: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 5.
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6. Group 6

This group consists of aggregates which have (001) oriented grain surrounded by (111)

oriented grains. The results are shown in figure 6.11(a),(b). First comparison shows

the influence of the film thickness. This thickness is from 1/2 of the in–plane grain

size to twice the in–plane grain size. The results again show the small influence of the

thickness on the yield stresses and strain which differs in the order of 3 – 5% (Nicola

et al. [2005]). The hardening rate is also very similar. The only large difference is

for the aggregate G6–4 with the smallest film thickness. The hardening rate in this

case is about 12% higher and it is due to the very low number of initial sources

(von Blanckenhagen et al. [2001], von Blanckenhagen et al. [2004]). The influence

of the initial source length is clearly visible from the comparison of the curves for

the aggregates G6–1 and G6–5. The sources are 1.33 times longer in G6–5 and yield

stress is about 18% lower. Slightly higher hardening rate for longer sources is again

caused by the smaller amount of these initial sources. This comparison again shows

the large influence of the source length on the global behaviour. Comparison of the

curves for the random oriented grains (Group 5) and curves from this group does not

show significant differences in the results for these two textures.

7. Group 7

This group consists of the simulations with the highest initial dislocation densities

compared to the previous simulations. The results are shown in figure 6.12. The

influence of the source length can be observed on curves of aggregates G7–1 and G7–

2. The yield stress value is twice higher for the aggregate with the 2.5 times longer

initial source length. The hardening rate is about 28% higher for the longer sources

which is again the effect of the smaller number of these initial sources.

The comparison of the influence of the initial dislocation density can be done with

the aggregates G6–1, G7–1 and G7–3. The yield stress decreases towards the higher

initial dislocation density. When the density increases from 1 to 2×1013 m−2, the

yield stress decreases about 8% and when the density increases from 2 to 4×1013

m−2, the yield stress decreases about 22%. The hardening rate decreases toward
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the higher dislocation density but the differences are of order 5%. This means that

with such values of dislocation densities there are not many dislocation interactions

and junctions which could significantly increase the hardening rate (Weygand et al.

[2007]).

6.2.2 Summary of macroscopic behaviour

The results of macroscopic behaviour of the aggregates show that the main influence

on the yield stress has the length of the initial sources of dislocations. The grain

size within the investigated range has only the minor influence. Especially the film

thickness which was mostly larger or equal to the in–plane grain size, seems to have

almost no influence on the stress–strain behaviour of the aggregates. The hardening

rate increases with the decreasing grain size and increasing initial source length. This

is due to the fact that in the aggregates with the smaller grains or longer sources

there are few of these sources and smaller possibility of creation of dislocations and an

extensive function of pile–ups. Dislocations also more influence each other in smaller

grains. The small number of initial sources also causes small number of junctions

which could increase also the hardening rate.
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Figure 6.11: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 6.
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Figure 6.12: Stress–strain curves (a) and evolution of dislocation density (b) in the aggre-
gates from Group 7.
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6.2.3 Stress/strain heterogeneities - evolution of plasticity

This section is focused on the local properties of the aggregates. The observations of the

dislocation structure evolution show that the first activated sources are found in the central

(001) grain. But the activation of sources in the surrounding grains (random and (111))

depends on the particular configuration of the sources in these grains. The activation of

each source causes the relaxation of stress which can be observed on the stress–strain curves

as jumps (see previous section). Because of the small number of initial sources, there are

very small amount of dislocations junctions and the main dislocation interaction is pile–up

against the grain boundary which is the main mechanism causing the hardening of the

aggregates (von Blanckenhagen et al. [2004]).

The local distributions of stress (σyy) and rotation (ω) are shown in this section. The

rotation ω is the norm of the vector of rotation which is defined as:

ω =
√
rot2xy + rot2yz + rot2xz, (6.13)

where rotij are the components of the small rotation tensor and these are defined as:

rotij =
1
2

(
∂ui

∂xj
− ∂uj

∂xi

)
. (6.14)

Distributions of these quantities depend on the initial positions of the sources and their

activity. These quantities are compared for the 0.5 % of imposed total strain. Figures of

the map of the σyy show the distribution of this stress component on the upper free surface

of the aggregate and the curves inside the grains are the projections of the dislocations

which are inside the grains, on this surface. This shown stress is the sum of dislocation

induced stress and image field stress. The maps of the rotation then show the distribution

of ω on the three sides and in middle plane of the aggregates. The comparison is done for

the chosen aggregates from the groups presented in the previous section.

1. Group 1

This group consist of aggregates with the same grain size (2500 a). The comparison

of the stresses in direction of tension is in figure 6.13. This figure shows that the
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distribution of stresses is similar in the aggregates. The dislocation structure is similar

for all aggregates. The rotations are shown in figure 6.14. These plots show the high

rotation about 0.01◦ in the grains 1, 4 and 7. This corresponds to higher dislocation

activity and density in these grains.

2. Group 4

This group consists of four aggregates. Two of them have columnar grains (G4–2,

G4–3) and other two (G4–4, G4–5) have equiaxial grains. They have different source

lengths (300 a and 600 a). The dispersion of stresses is shown in figure 6.15. The

dispersion of stresses contains some similar features for all aggregates. The number

of dislocations is smaller in this case because of the lower initial density. The main

difference is in the central grain which is (001) oriented. The aggregates a) and c) have

source length 300 a and there is activation of this source in this grain. In contrast,

there is no activity in the other two cases with source length 600 a This is because

of the small amount of initial sources which are badly orientated for slip according

to direction of tension. Rotation is shown in figure 6.16. The amount of rotation is

smaller then in previous case which is caused by the smaller amount of dislocations.

The rotation is concentrated to the corner grains and the distribution of rotations

is similar for both thicknesses and source lengths. The activation of sources in the

central grain in the case a) is clearly visible since the rotation is increasing here.
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(a) (b)

(c)

Figure 6.13: Distribution of the σyy on the free surface in the aggregates: a) G1–1, b) G1–2,
c) G1–3.
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(a) (b)

(c)

Figure 6.14: Distribution of the ω in the aggregates: a) G1–1, b) G1–2, c) G1–3.
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(a) (b)

(c) (d)

Figure 6.15: Distribution of the σyy on the free surface in the aggregates: a) G4–2, b) G4–3,
c) G4–4, d) G4–5.
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(a) (b)

(c) (d)

Figure 6.16: Distribution of the ω in the aggregates: a) G4–2, b) G4–3, c) G4–4, d) G4–5.
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3. Group 5

These aggregates have the same initial dislocation density 1013 m−2. The same source

length (200 a) and in-plane grain size. They differ in the thickness of the aggregate.

The distribution of stresses is shown in figure 6.17. The overall stress values are

smaller than in the previous case. The higher density of dislocations allows better

relaxation of stresses during plasticity. The dislocation activity is also very similar in

all cases. The most active grain is the central (001) oriented grain. This similarity is

also clear in the global stress-strain curves (see fig 6.10). The distribution of rotation

is shown in figure 6.18. The most activity occurs in grains 2,3 and 7. The activity of

sources in central grain can also be clearly recognized in this figure where rotation is

increasing up to 0.01◦ in the central part of aggregate.

4. Group 6

This group consists of aggregates with a (001) oriented central grain and border grains

with orientation (111). The only difference between the aggregates is their thickness.

The dispersion of stresses is in figure 6.19. Due to the (111) orientation, the stresses

are more homogeneous in these cases. The lowest value of stresses occurs in the central

(001) oriented grain. The activity of sources is relatively small compared to activity

in random oriented grains. This is caused by the fact that only few sources have the

proper orientation according to the loading conditions that’s why only few sources

can be activated. These small differences can be also observed in the global stress-

strain curves. The rotations are shown in figure 6.20. The distribution of rotation is

similar in all aggregates but the values are much higher in the aggregate with equiaxial

grains especially grain 2 and 3 and central (001) grain. These values decreases with

increasing film thickness.
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6. Discrete dislocation dynamics simulations of multicrystalline aggregates

(a) (b)

(c)

Figure 6.17: Distribution of the σyy on the free surface in the aggregates: a) G5–1, b) G5–2,
c) G5–3.
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6.2. Results

(a) (b)

(c)

Figure 6.18: Distribution of the ω in the aggregates: a) G5–1, b) G5–2, c) G5–3.

161



6. Discrete dislocation dynamics simulations of multicrystalline aggregates

(a) (b)

(c)

Figure 6.19: Distribution of the σyy on the free surface in the aggregates: a) G6–1, b) G6–2,
c) G6–3.
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6.2. Results

(a) (b)

(c)

Figure 6.20: Distribution of the ω in the aggregates: a) G6–1, b) G6–2, c) G6–3.
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6. Discrete dislocation dynamics simulations of multicrystalline aggregates

6.3 Conclusions

The simulations of the polycrystalline aggregates within the framework of discrete disloca-

tion dynamics were presented in this section. The global stress–strain behaviour as well as

the local stress distribution and dislocation structure were investigated. The results can be

summarized in the following points.

• The global behaviour like values of yield stress, strain and hardening rate are much

more influenced by the length and number of the initial sources than the grain size in

the range of grain sizes considered in this work.

• The stress–strain curves show that the most important dimension is the in–plane grain

size while the film thickness does not influenced the global behaviour in the range of

grain sizes considered in this work and when the thickness is equal or larger than the

in–plane grain size.

• The initial number of the dislocation sources is small and the activation of each source

can be observed on the global stress–strain curve.

• The main hardening mechanism is the dislocation pile–up due to the small number of

sources.

• The first activated grain is central (001) oriented one which corresponds to the fact

that this orientation is the softest.

• The dislocation activity in the (111) oriented grains is small which corresponds to the

fact that this orientation is the hardest.
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Chapter 7

Comparison of the crystal
plasticity and DDD simulations

It is difficult to compare the previous discrete and continuum simulations, since the DDD

results deal with rather small numbers of dislocations, whereas the continuum model as-

sumes a sufficient number of dislocations at each integration point. However a statistical

treatment of the DDD results will reveal some features of the transition from discrete to

continuum behaviour. A comparison of the simulations performed by crystal plasticity

and DDD is presented in this chapter. This comparison is done for the multicrystalline

aggregates made of 9 grains which are the same as those presented in chapter 6.

7.1 Continuum crystal plasticity simulations

The first step is the estimation of the model parameters. The isotropic elasticity is used

as in the previous DDD simulations. The elastic constants are also the same (see table

7.1). The parameters of the continuum crystal plasticity model are estimated from the

stress–strain behaviour of single crystals with different crystallographic orientations with

respect to the tensile direction obtained from DDD simulations. Tensile tests on single

crystals with crystallogaphic direction [010], [011] and [111] respectively aligned with the

tensile direction are performed. The parameters of the DDD simulations are shown in table
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7. Comparison of the crystal plasticity and DDD simulations

7.1. These parameters are the same as in the DDD multicrystalline aggregates considered

in chapter 6.

Orientation grain size – in
plane (d) film
thickness (h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

[010] d = 1250 h = 1250 25 200 2.0
[011] d = 1250 h = 1250 25 200 2.0
[111] d = 1250 h = 1250 25 200 2.0

Table 7.1: Basic properties of the simulations of tensile test of single crystal. Lengths are
written as the multiple of the lattice constant (a=4.04496 × 10−10m).

The stress–strain curves produced by DDD simulations have very jagged shape due to

the particular activations of the dislocation sources. Therefore these curves are smoothed

by the straight line fitting. The estimation of the parameters is done by the optimization

procedure in Zebulon code. This represents the same procedure used for the estimation of

parameters in chapter 3. The resulting values of the parameters are shown in table 7.1. The

graphical comparison of the DDD tensile curves and estimated ones is shown in figure 7.3.

The results of several DDD simulation show that there is no hardening for orientations [111]

and [011] and linear hardening for orientation [010]. This case is not possible to reproduce

by the continuum model, therefore, there are differences between the resuling curves for

DDD and continuum model simulations.

The 3D mesh of the multicrystalline aggregate is designed to have the same shape as

mesh used in DDD simulations. The comparison is performed for the aggreagates with

grains which have the same in–plane grain size and film thickness. Each grain of the

aggregate is a cube consisting of 5×5×5 quadratic elements with 15 integration points.

The crystallographic orientations of the grains represent the aggregate with central (001)

oriented grain surrounded by (111) oriented grains. The crystallogrpahic orientations are

shown in table 7.3. They represent the same orientations as (111),(001) ones introduced in

chapter 6 like simulation G7–1. The boundary conditions are also the same as in the DDD

166



7.1. Continuum crystal plasticity simulations

Elasticity
E ν
72738 MPa 0.347

Plasticity
Par. Value
k [MPa s] 2.0
n 15.0
q [MPa] 0.091
b 0.089
r0 [MPa] 75.0
h1 1.0
h2 1.4
h3 1.4
h4 1.4
h5 1.4
h6 1.4

Table 7.2: Values of the parameters from the fitting of DDD simulations of tensile test of
singlecrystal.

0 0.002 0.004 0.006 0.008 0.01 0.012 0.014 0.016 0.018
0
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σ 22
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Pa
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DDD (001)
DDD (011)
DDD (111)
crystal plasticity (001)
crystal plasticity (011)
crystal plasticity (111)

Figure 7.1: Comparision of the DDD simulations curves and curves obtained by crystal
plasticity computations.

simulations (chapter 6). The boundary conditions and the aggregate mesh are shown in
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7. Comparison of the crystal plasticity and DDD simulations

figure 7.2(a),(b).

Grain φ1 Φ φ2

Random aggregates
Grain 1 18.45 54.7356 45.00
Grain 2 89.52 54.7356 45.00
Grain 3 38.86 54.7356 45.00
Grain 4 263.21 54.7356 45.00
Grain 5 72.46 0.00000 0.00
Grain 6 78.92 54.7356 45.00
Grain 7 20.41 54.7356 45.00
Grain 8 0.79 54.7356 45.00
Grain 9 259.73 54.7356 45.00

Table 7.3: Values of Euler angles of the grains orientations for aggregate used in crystal
plasticity simulation.

a) b)

Figure 7.2: Boundary conditions of crystal plasticity simulations a), representation of 9
grain aggregate b).

7.2 DDD simulations

These simulations are performed for the aggregates with equiaxial grains and properties

mentioned in table 7.4. These properties are the same as for the simulation G7–1 in chap-

ter 6. The discrete nature of the plasticity processes together with the small number of

dislocation sources cause that the stress–strain behaviour of the aggregate is strongly in-
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7.3. Results

fluenced by the particular distribution of these dislocation sources in the grains. Therefore

a statistical approach is used to average this effect. Ten different realizations of the same

aggregate are produced. They differ only by the positions of the dislocation sources inside

the grains. The ensemble averaging is then applied. The resulting value at the node or

integration point x is computed as an ensemble average of values at the same geometrical

node/point x in the different simulations. The reader is referred to (Zeghadi et al. [2007a],

Zeghadi et al. [2007b]) for the desrciption of an ensemble averaging strategy. This can be

expressed for stress as:

σa
ij(x ) =

1
N

N∑
k=1

σk
ij(x ). (7.1)

The average value per grain is then:

< σa
ij >=

1
Vg

∫
Vg

(
1
N

N∑
k=1

σk
ij

)
dVg (7.2)

where N = 10 is the number of simulations, σk
ij the stress component at given

node/integration point of the k–th simulation and Vg is the volume of given grain.

simulation grain ori-
entation

grain size – in
plane (d) film
thickness (h) [a]

glide
planes
dis-
tance
[a]

source
length
[a]

dislocation
density
1013

[m−2]

G7–1 (111)(001) d = 1250 h = 1250 25 200 2.0

Table 7.4: Basic properties of the DDD simulations. Lengths are written as the multiple of
the lattice constant (a=4.04496 × 10−10m).

7.3 Results

The comparison of simulations is performed on three different levels: macroscopic stress–

strain curves, averages per grains and local distribution of stresses and plastic strain at a

free surface. The global stress–strain curves are shown in figure 7.3. This plot shows the

curves of individual DDD simulations and the corresponding ones for the continuum crystal
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7. Comparison of the crystal plasticity and DDD simulations

plasticity simulations. This comparison shows the higher overall stress level in the DDD

simulations. This is caused by the stresses produced by discrete dislocations and also by the

constrained plasticity due to the small number of initial dislocation sources. The scatter of

the DDD simulations curves also shows the influence of the different aggregate realizations

on the macroscopic results.

0 1 2 3 4 5 6 7 8 9
x 10−3

0

50

100

150

200

250

300

E22

Σ 22
 [M

Pa
] DDD sim. 1

DDD sim. 2
DDD sim. 3
DDD sim. 4
DDD sim. 5
DDD sim. 6
DDD sim. 7
DDD sim. 8
DDD sim. 9
DDD sim. 10
continuum cryst. plast.

Figure 7.3: Global stress strain curves for 10 realizations of DDD simulations (lines) and
one realization of crystal plasticity simulation (crosses).

The average values per grain are compared in figure 7.4(a),(b). The case (a) shows the

absolute values of average stresses in DDD and crystal plasticity simulations and case (b)

shows the relative values normalized by the average stress value for the whole aggregate.

The numbers on x axis is the label of each grain in the aggregate. The grain 5 has orientation

(001) while the others are (111) oriented. The comparison is done for 0.5 % total applied

strain. These plots again show the higher stress level in the DDD simulations. The relative

values show the distribution of stress values in the aggregate. The relative stress values

are in relatively good agreement for grains 1,2,3,4 and 8. The larger discrepancy occurs

for grains 5, 6, 7 and 9, but the values for grains 5 and 6 are at least at the same side

from the average. These results show that the mutual stress levels in aggregates can be

comparable for the different approaches. The discrepancies are caused by the influence of
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7.3. Results

the dislocation sources activation. Also the existence of pile–ups at grain boundaries is not

accounted for by the continuum crystal plasticity model. Closer results could be obtained

with higher numbers of DDD simulations which contain higher amount of initial dislocation

sources.

a)
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Figure 7.4: a) Comparison of the average von Mises stress values per grain in simulations.
b) Comparison of relative von Mises stress values per grain in simulations.

The third level of analysis is the comparison of the von Mises stress and plastic strain
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7. Comparison of the crystal plasticity and DDD simulations

maps in aggregates. This comparison is only qualitative due to the different stress and strain

levels in different simulations. The stress and strain distributions in DDD simulations

are still strongly influenced by the initial positions of the dislocation sources but some

general similarities can be recognized in both simulations. The first comparison is shown

in figure 7.5(a – d). The figures (a) and (b) show the distribution of von Mises stress in

crystal plasticity simulation at free surfaces z=0 (a) and z=h (b). The figures (c) and (d)

then show the distribution of von Mises stress in DDD simulation. The DDD simulations

produce higher stress concentrations and higher localization of these extremal values. This

is caused by the presence of dislocations which induce high stress concentrations. But some

similarities can be pointed out. The following features can be found at the bottom surface

z = 0. The band of the higher stress through the grains 6, 8 and 9 is clearly visible in both

simulations. The stress concentrations at grain boundaries of grains 6 and 5, 2 and 5 are

also remarkable. The grains 1 and 3 have smaller level of stress in both type of simulations.

The upper surface (z = h) shows the similarities mostly by the stress concentrations at the

grain boundaries. This is clearly visible at the boundaries between grains 5 and 8, 6 and

9, 2 and 3 or 1 and 2. Lower stress level in grain 3 is also comparable in both simulations.

There are also many differences presnted in the simulations. The large stress concentration

areas can be found in DDD simulations at upper surface like those at grain boundaries

of grains 4 and 7, 3 and 6, 6 and 9 or 2 and 5. These stress concentration are absent in

continuum crystal plasticity simulations.

A similar comparison is made for the plastic strain maps. This comparison is shown in

figure 7.6(a–d). Higher plastic deformations are generally found in the continuum crystal

plasticity simulations. The scale of the deformation values is different for different sim-

ulations in order to provide a better resolution in color maps. As in the previous case,

the bottom (z = 0) and upper (z = h) surfaces are compared. The bottom surfaces show

the following features. The similarities can be observed in grains 6 and 9, where higher

plastic deformation develops. Such an increase can be also observed in grain 3 and also

in (001) oriented grain 5. But there are also large discrepancies like those in grain 2 and

grain 1. They are again caused by the discrete nature of plasticity and its dependence on
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7.3. Results

dislocations positions in the DDD simulations. The increased level of plasticity in grains 6

and 9 is observed also at the upper surface. The increasing plasticity in grain 5 also occurs

in both type of simulations. But again the discrepancies can be observed in grains 1, 7,

8. There is significant strain band in the grain 3 in DDD simulations. Such a band is also

visible in crystal plasticity simulation but in this case this band is much less significant.
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7. Comparison of the crystal plasticity and DDD simulations

a) b)

c) d)

Figure 7.5: Von Mises stress maps at free surfaces a) continuum crystal plasticity simulation
z=0, b) continuum crystal plasticity simulation z=h, c) DDD simulations z=0, d) DDD
simulations z=h (ensemble averaged fields).
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7.3. Results

a) b)

c) d)

Figure 7.6: Equivalent plastic strain maps at free surfaces a) continuum crystal plasticity
simulation z=0, b) continuum crystal plasticity simulation z=h, c) DDD simulations z=0,
d) DDD simulations z=h (ensemble averaged fields).
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7. Comparison of the crystal plasticity and DDD simulations

7.4 Conclusions

The comparison of the DDD and crystal plasticity simulations of 9 grains multicrystalline

aggregate was performed in this chapter. The obtained results can summarized into follow-

ing points:

• The statistical ensemble averaging approach is useful for minimizing of the effect of

positions of initial dislocation sources on the behaviour of aggregate. But the number

of 10 realizations as well as the small number of dislocation sources (32 per grain) are

not sufficient to reach the continuum behaviour.

• The comparison of macroscopic stress–strain curves shows the higher level of stress in

the DDD simulations which is caused by the stress concentrations due to restricted

plasticity caused by the small number of dislocation sources and pile–up structures.

Pile–ups induce high internal stresses not accounted for in the continuum model.

• The comparison of the average stresses in grains shows that the stresses are distributed

in similar way in both type of simulations. The discrepancies are caused again by the

discrete nature of plasticity process in DDD simulations.

• The qualitative comparison of the von Mises stress and plastic strain maps show that

areas of stress and strain concentrations can be localized at the same positions in both

types of simulations.

This comparison shows that there is a transition from discrete behaviour to continuum

crystal plasticity taking place at the micron scale. The closer results should be obtained

when these models will go closer toward to each other. This means more realization of DDD

aggregates with higher numbers of initial dislocation sources. And from the continuum point

of view, scale dependent internal stresses should be introduced. The comparison should now

be drawn with higher order continuum models like second gradient crystal plasticity (Shu

and Fleck [1999]), Cosserat crystal plasticity (Forest et al. [2000]) and statistical theory of

dislocations (Groma et al. [2003], Yefimov and Van der Giessen [2005]).
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Chapter 8

Conclusions and prospects

The summary of the obtained results is given in this chapter as well as the outline of the

possible perspectives of the investigation in the simulations of the mechanical behaviour of

thin films.

8.1 Conclusions

The main task of this thesis is the application of the different numerical approaches in the

investigation of the mechanical properties of thin films. The continuum approach is repre-

sented by classical continuum crystal plasticity. This approach was applied to the modelling

of the copper thin films. The discrete dislocation dynamics represents the discrete approach.

This theory was used in simulations of behaviour of thin multicrystalline aggregates. The

starting point of a systematic comparison of both approaches was performed in the final

chapter. All the simulations were based on the finite element method.

The finite element method together with a statistical approach used in the thesis, can

provide reliable results and the statistical methods allows to reduce the requirements on

the computational effort.

The main results of the mechanical behaviour of the copper thin films within the frame-

work of the classical continuum crystal plasticity obtained in this work can be summarized

as follows:
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8. Conclusions and prospects

• The out of plane shear develops during the tensile loading of {111} oriented grains.

This shear is responsible for the local stress concentrations at the grain boundaries,

which can be potentially initiators of damage. This local shear concentration contrasts

with the average shear stress values per aggregates which are close to zero as shown

in the simulations and also as it is supposed during experiments.

• The {001} and random oriented grains also act as a kind of stress concentrators since

the simulations show the increasing of the stresses in the {111} grains, which are

located in the neighborhood of {001} and random grains.

• The copper film which mostly consists of {111} oriented grains has also strong ten-

dency to become wavy during the uniaxial tension, because the {111} planes are not

symmetry planes. This undulation could play an important role in the processes of

decohesion between the film and the substrate.

• The model predicts the saturation of hardening in the films on stiff substrate after

70 cycles of uniaxial loading. The dispersion of the plastic strain values increases

during cycling and also this plastic strain becomes more localized during cycling. This

plastic strain localization is more pronounced in the free–standing films due to their

smaller constraints. These more and more localized areas of increased plastic strain

are created especially in the {001} and random oriented grains. These microstrain

concentrations may lead to creation of extrusions in the real films which are the

primary attributes of fatigue damage.

• The global plasticity induced surface roughness of the film on stiff substrate saturates

after 10 cycles of uniaxial loading, but locally, there are some areas, especially grain

boundaries, where the roughness evolve continuously (up to 1000 cycles). These

places are again potentially dangerous from the point of view of damage of thin

films. In contrast, the global roughness does not saturate up to 55 cycles (reached in

simulations) for free–standing films and its value strongly depends on the particular

realization of the polycrystalline aggregate and the mutual grain orientations.

178



8.1. Conclusions

• The comparison with experimental data of tensile tests of copper thin films on a

polyimide substrate shows the level of ability of the model to predict the behaviour

of the thin copper films. The stress level and hardening rate in experiments are

significatntly higher than those predicted by the model. The model also predicts

higher amount of plastic deformation than in the experimental measurements. But at

least the model is able to predict the trends in evolution of plastic strain at global and

also local level. The quantitative discrepancies are caused by the fact that this model

is derived for bulk structures and does not take into account the effects belonging

to single dislocations motion and interactions, which become more important at the

micron scale of thin films. Therefore this model is not able to predict the size–effects

in thin films, because these phenomena are based on the dislocation motion and

interactions in a confined volume.

The discrete dislocation dynamics was found to be well suited for predictions of the

mechanical behaviour of thin films. Therefore the simulations of the tensile test of free–

standing mulicrystalline aggregates were performed using this approach. The main results

are the following:

• The most important influence on the value of yield stress and hardening rate is that

of the length of the initial dislocation sources. It is more important than the grain

size at least in the range of the grain sizes considered in this work.

• Comparison of the influence of the particular grain dimensions shows that the be-

haviour is more influenced by the in–plane grain size than the film thickness when the

thickness is equal or larger than the in–plane size.

• These simulations show that with such a small number of initial dislocation sources,

the dislocation piling–up at grain boundaries is the main hardening mechanism. The

dislocation activity is the smallest in {111} oriented grains and highest in {001}

oriented grains, which can be linked with continuum crystal plasticity simulations

where the {111} oriented grains are indeed less deformed than the {001} ones.
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• The main limitation of the presented DDD code is in the representation of the grains

and their boundaries. The grains are realized by simple cubic shape and the grain

boundaries are set to be impenetrable for the dislocations. These conditions limits the

dislocation motion and as a consequence they influnece the estimation of the stress

and strain levels in the aggregates. Another limitation is represented by the limited

number of dislocation sources in grains. This limitation is caused by the numerical

stability of the given code and computational effort of used computers.

The comparison of both approaches is performed to check how ”close“ are the predictions

obtained by these different approaches. The results of this comparison can be summarized

into the following points:

• The discrete dislocation simulations predict higher stress levels than the continuum

theory. This is due to the fact that DDD theory takes into account the back stress

of dislocation pile–ups which acts on the dislocation sources. The number of these

sources is also small, which further constrains the evolution of plasticity compare to

the continuum theory, which assumes a high number of sources at every integration

point.

• Taking into account the qualitative distribution of average stress per grain and local

stress and strain values, both models predict close results for some locations inside

the aggregate. But there are also still large discrepancies at some locations, because

this comparison remains still rough due to the different nature of the models. These

discrepancies also indicate the transition from continuum to discrete behaviour at the

micron scale.

8.2 Prospects

The present work shows the limits of both theories and therefore some suggestions for the

future studies can be given:
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• The future study of thin films within the framework of the continuum theory should be

focused on the application of the higher order crystal plasticity theories like second–

gradient crystal plasticity (Shu and Fleck [1999]) or Cosserat crystal plasticity (Forest

et al. [2000]). These models introduce some intrinsic length–scales and they could be

able to predict the size–effects and effects caused by the collective dislocation motion

and interactions. These continuum models should be also compared with statistical

theory of dislocations, which lies in–between the continuum and discrete approach

(Groma et al. [2003],Yefimov and Van der Giessen [2005]).

• The discrete dislocation dynamics approach investigation of the thin film should be

aimed on the performing more realistic 3D simulations. This include namely the

more realistic grain shape, penetrable grain boundaries or possibility of application of

anisotropic elasticity. The other task is to realize the simulations with much higher

amount of initial dislocation sources, but this is the problem of available computa-

tional capacity and numerical stability of computations.

• Once stress and strain fields are correctly estimated in multicrystalline thin films,

theoretical fatigue damage initiation models can be applied to estimate the lifetime

of coated or layered components.
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