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General introduction

Chromium pure metal left standing in air is passivated, by forming a thin, protective, surface
layer of oxide. This chromium oxide layer is very dense and inhibits the diffusion of oxygen
into the underlying metal. However, pure chromium is brittle and is rarely used as a structural
material. The much more important aspect is the use of chromium in Cr-containing alloys
(including high entropy alloys and stainless steels) which, if sufficiently rich in chromium (at
least 13%), are spontaneously passivated and forming a protective surface oxide film, usually

called the passive film, in the environment.

Generally, the properties of the passive films and thus the corrosion resistance of alloys are
governed by their composition and structure. Several surface analytical techniques, including
X-ray Photoelectron Spectroscopy (XPS) and Time-of-Flight Secondary lon Mass
Spectrometry (ToF-SIMS) can be applied to measure the surface structure and composition.
XPS can identify the surface chemical species and quantify their concentrations, while ToF-
SIMS can probe the variations of the elemental composition with depth and the eventual
stratification of the surface oxide. These methods are often used in combination with
electrochemical analysis, which is widely used to study the reactivity and especially the
corrosion resistance of alloys. One objective of this work was to understand the reactivity of
CoCrFeMnNi high entropy alloy using fine surface characterization techniques combined

with electrochemical measurements.

As mentioned above, the surface oxide film is known to play a key role in the corrosion
resistance of metals and alloys. Thus, the understanding of their nature, structure, composition
and growth Kinetics is important and requires a detailed knowledge of the ion-transport
mechanisms. There is a lack of data on the ion transport process in the oxide film formed on
Cr-containing alloy surfaces. Another objective of this work was to determine the ion

transport mechanisms on Cr-containing alloys (304L and 316L stainless steels).
This manuscript contains six chapters.

Chapter 1 is a bibliographic study of the state of the art. This chapter starts with a general

introduction to Cr-containing alloys, including stainless steels and high entropy alloys. Then



the electrochemical aspects of the passivity of Cr-containing alloys as well as the composition
and structure of passive films are summarized. Then, the ion transport mechanisms on Cr-
containing alloys are introduced. The last part concludes and contextualizes the objective of

this work.

Chapter Il presents the different techniques applied in this work. Surface spectroscopic
techniques include XPS and ToF-SIMS. They were used to characterize the composition and
structure of the oxide films. In addition, two-step oxidation experiments were carried out with
in situ ToF-SIMS. Electrochemical techniques, including potentiodynamic and potentiostatic
polarisation, were used to characterize the electrochemical aspects of passivity of the surface

oxides.

Chapter 111 reports on the corrosion behavior of an equiatomic CoCrFeMnNi high entropy
alloy with emphasis on the characterization of the surface oxide layers by XPS and ToF-SIMS
combined with electrochemical measurements. An XPS methodology based on analysis of the
3p core level spectra was developed to determine the composition and thickness of oxide
films. The modifications of surface oxide film after exposure to acidic aqueous solution at the
open circuit potential were determined. The passivity of the HEA at different passive

potentials has been studied.

Chapter 1V investigates the thermal stability of pre-formed passive films on 316L stainless
steel up to 300<C in ultra-high vacuum (UHV). 316L stainless steel was electrochemically
passivated in H.SO4 and then annealed in UHV by increasing step by step the temperature,
from room temperature up to 300<C. The stability of the passive oxide film has been
monitored in situ during heating, and modifications of the composition and structure of the
oxide films have been analyzed by ToF-SIMS.

Chapter V and Chapter VI investigate the ion transport process in pre-formed oxide films
(native oxide and passive film) on 304L and 316L SS. The native film was formed in air,
while the passive film was electrochemically formed in H.SOa4. Following the investigation of
the thermal stability of the oxide films at 300 <C, the ion transport processes in oxide films on
stainless steels were investigated by a re-oxidation step performed at 300<TC in isotopic

oxygen gas (*80>) at low pressure.

The four chapters presenting the results of this work, Chapters 111, 1V, V and VI, are in the

form of articles published in scientific journals.



The main conclusions of this thesis are given in the final section together with the

perspectives opened by the present study.

A summary of this work in French language is presented in Annex.






Chapter |

State of the art and objectives of the thesis

I-1. Introduction to Cr-containing alloys
I-1.1. Introduction to stainless steel

Stainless steels are iron-based alloys that contain a minimum of approximately 12 wt%
chromium, less than 1.2 wt% carbon, and other alloy components [1-3]. Stainless steels are
well known for their corrosion resistance, which is an intrinsic quality achieved thanks to the
reaction of chromium with oxygen or water that creates a very thin and self-protecting layer
on the surface. Stainless steels’ corrosion resistance and their physical properties can be
further improved by the addition of other components [2, 4], such as nickel [5-8],
molybdenum [7, 9-11], niobium [12-16], manganese [6, 17, 18], nitrogen [19-24], copper [25-
29], silicon [30-34] and vanadium [35-38]. Fig.I-1 provides a useful summary of some of the
compositional and property linkages in the stainless-steel family. From this moment stainless
steels were classified in three different types: ferritic, martensitic and austenitic stainless
steels [2].

Superferritic Ni-Cr-Fe
stainless steels alloys
\ Add Ni for corrosion
Add Cr, Mo resistance in high-temperature Add S or Se for
environments machinability
Duplex
stainless steels
CED\ 309, 310, 314, 330 /
No Ni 1 i Increase Cr,
ferritic Add Cr and Ni lower Ni for
Add Nb +Ta for strength and higher strength
oxidation
to reduce resistance
sensitization
- - Add Cu, Ti, Al, Precipitation-
Add Ti 304 (“18-8") tower NI for hardening
@4— to reduce Fe-18 to 20Cr- precipitation »| stainless
sensitization 8to 10 Ni hardening steels
Add Mo for
pitting resistance Add Mn and N, lower Ni
\ Lo e for higher strength
316L) «—— to reduce 316
sensitization
No Ni addition, 201, 202
lower Cr,
317L Add more Mo for martensitic
pitting resistance
Superaustenitic Add Ni, Mo, N l
stainless <«— for corrosion 403, 410, 420

steels resistance

Fig.1-1 Compositional and property linkages in the stainless steel family of alloys [38]



There are many different stainless steels, and the main types are grouped according to their

metallurgical structure as follows.
a. Martensitic Stainless Steels

They are Fe-Cr-C alloys with or without addition of other alloying elements. Chromium
content is 12-18 wt.% and carbon is 0.1-1.2 wt.%. These alloys are austenitic at 1050 <C, but
transform to martensite on cooling [39]. Steels with a higher chromium content require a
higher carbon content to ensure the formation of martensite during heat treatment. However,
the carbon will react with chromium in steel to form carbide, which affects the corrosion
resistance of stainless steel [40]. These stainless steels are characterized by very high strength
and low toughness. Typical applications include turbine blades, springs, aircraft fittings,
surgical instruments, knives, cutlery, razor blades and other wear-resisting parts. Typical

examples of martensitic stainless steel and their compositions are shown in Table I-1.

AISI grades C Cr Mo Others
410 0.12 12.5 — —
420 0.20 13.0 — —
430F 0.14 16.5 0.40 S:0.25
440C 1.10 17.0 0.60 —
431 0.17 16.0 — Ni: 2.00
630 (17/4PH) <0.07 16.0 _ ITI\:E?;S(:(OC%L(;IOATAOSO

Table I-1 Chemical composition of martensitic stainless steel grades

b. Ferritic stainless steels

The ferritic stainless steels are Fe-Cr alloys with 15-30 wt. % Cr, low C, no Ni and often Mo,
Al, Nb or Ti [41]. In general, ferritic stainless steels are cheaper than the austenitic and duplex
stainless steels, and usually possess good stress corrosion cracking resistance and deep
drawability [42]. However, their applications are restricted by poorer resistance to localized
corrosive attack, their inferior stretch formability, poor weldability, their tendency to brittle
fracture, and the need to constrain their carbon and nitrogen contents to very low levels.
Modern melting and refining techniques like Vacuum-Oxygen-Decarburisation and Argon-
Oxygen-Decarburisation have achieved considerable reduction in C and N contents in these

alloys. The steels with low precipitates have improved formability, weldability and toughness



[1]. Typical applications include lower-cost kitchenware, solar heaters, slate hooks and coins

[42]. Some typical ferritic steels and their compositions are shown in Table 1-2.

AIlSI grade Cr Other elements
405 12.0-14.0 —
409L 10.5-125 6(C+N)<Ti<0.65
410L 10.5-125 0.3<Ni<1.0
430 16.0 - 18.0 —
439 16.0 - 18.0 0.15+4(C+N)<Ti<0.8
430Ti 16.0 -18.0 Ti: 0.6
441 17.5-18.5 0.1<Ti<0.60.3+3C<Nb<1.0
434 16.0- 18.0 0.9<Mo<1.4
436 16.0 - 18.0 0.9<M0<1.40.3<Ti<0.6
444 17.0-20.0 1.8<M0<2.50.15+4(C+N)<Ti+Nb<0.8
447 28 -30.0 3.5<M0<4.50.15+4(C+N)<Ti<0.8

Table 1-2 Chemical composition of important ferritic stainless steel grades
c. Austenitic stainless steels

These stainless steels contain 18-25 wt.% Cr and 8-20 wt.% Ni and low C. Austenitic
stainless steels possess austenite as their primary crystalline structure (face cubic centered) [1].
This austenite crystalline structure is achieved by sufficient additions of the austenite
stabilizing elements such as nickel, manganese and nitrogen [43-47]. The austenitic group
contains more grades, that are used in greater quantities, than any other category of stainless
steel. Austenitic stainless steels exhibit superior corrosion resistance to both ferritic and
martensitic stainless steels [48]. Corrosion performance may be varied to suit a wide range of
service environments by careful alloy adjustment e.g. by varying the carbon or molybdenum
content [49-51]. Typical applications include tanks, storage vessels and pipes for corrosive
liquids, mining, chemical, cryogenic, food and beverage, and pharmaceutical equipment,
cutlery, architecture, sinks and so on [52].

AISI grade C Cr Mo Ni
301 0.10 17.5 — 8
304 <0.07 18.5 — 9

304L <0.03 185 — 9




303 <0.10 18 — 9
321 <0.08 18 — 10.5
316 <0.07 175 2.2 115
316L <0.03 17.5 2.25 11.5
316Ti <0.08 17.5 2.25 12

Table I-3 Chemical composition of austenitic stainless steel grades
d. Duplex stainless steels

The metallurgical structure of duplex stainless steels consists of two phases, austenite (face-
centered cubic lattice) and ferrite (body centered cubic lattice) in roughly equal proportions.
They are designed to provide a better corrosion resistance, particularly to chloride stress
corrosion and chloride pitting corrosion, and have a higher strength than standard austenitic
stainless steels such as typical 304 or 316 SS [53-55]. The balance between ferrite and
austenite is achieved by adjusting the amounts of Cr (18-26 wt.%), Ni (5-6 wt.%), Mo (1.5-4
wt.%) and nitrogen [1]. Duplex stainless steels are subdivided into lean, standard, super, or
hyper duplex based on the quantity of alloying elements [55]. Duplex stainless steels contain
more chromium and less nickel than 300-series (e.g. 316, 304 stainless steel) and typically
include nitrogen as an additional austenite stabilizer and molybdenum for corrosion resistance
[55, 56]. 2205 (22% chromium, 5% nickel, and 3% molybdenum) is a common standard
duplex stainless steel, and 2507 (25% Cr, 7% Ni plus 4% Mo) is a common super-duplex steel.
Typical applications include oil and gas equipment: flowlines, manifolds, risers, pumps,
valves; pulp and paper industry: digesters, pressure vessels, liquor tanks; chemical
engineering: pressure vessels, heat exchangers, condensers, distillation columns, agitators,

marine chemical tankers and so on [57].
I-1.2. Introduction to CoCrFeMnNi high entropy alloys

In 2004, Cantor et al. [58] firstly manufactured the equiatomic CoCrFeMnNi high entropy
alloy (HEA) by melt spinning, and the five transition metal elements used to manufacture that
HEA were found to exhibit a high degree of intersolubility to form a single FCC solid
solution. In the same period, Yeh et al. [59] reported several HEAs produced by arc melting,
including a huge number of elements such as Cu, Ti, Cr, Ni, Co, Cr, V, Fe and Al.
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Fig.1-2 The history of materials development [60]

HEAs with single-phase solid-solution structure with more than five principal elements has
been a research focus for several years. With the in-depth understanding of HEAs, the
limitations (single-phase and equimolar) have been gradually broken. Now, the second
generation of HEAs has become an important part, named non-equimolar multiphase solid
solution alloys or complex concentrated alloys (CCAs) [60], as shown in Fig.I-3 and Table I-4.
The research scope of HEAs expands from the central region to the surroundings, which
means the development from the equimolar single-phase solid-solution alloys to the non-
equimolar multi-phase solid-solution alloys, which affects the definition of HEAs and the
research scope. In other words, the evolution of HEAs conception facilitates the material
design and development, meanwhile extends this idea to meet the specific needs, rather than
rigidly adheres to the classical high-entropy definition [60]. The HEAs often have excellent
comprehensive mechanical, physical, and chemical properties (including high hardness values,
high yielding strengths, large ductility, excellent fatigue resistance, and good fracture
toughness) [61-64], and show potential applications in heat and wear resistant coatings, mold

linings, magnetic materials, hard alloys, and high-temperature alloys [65-68].
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Table 1-4 Characteristics for the two generations of HEAs [60]

/;mponent: based on at least4—
principal elements =
7 Feature: dual or complex phases,
/ on-equimolar——

/ Component: based on at “ :
least 5 principal elements \ | The 2" generation HEAs

Feature: single phase

/

I

/Component: based on equimolar l \| /
/' 1~2 principal elements ‘ v
Feature: tougher than The 1% generation HEAs \
4 the elementary
y substance 7 /
The traditional alloys
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Being different from the conventional alloys, compositions in HEAs are complex due to the
equimolar concentration of each component. Yeh [69] summarized mainly four core effects
for HEAs, that is: (1) Thermodynamics: high-entropy effects; (2) Kinetics: sluggish diffusion;
(3) Structures: severe lattice distortion; and (4) Properties: cocktail effects.

a. High entropy effects

The most important characteristic of HEAs is the high-entropy effect. Gibbs free energy is
showed in the following equation: AG = AH — TAS (H is the enthalpy, T is temperature, and S
is the entropy). For conventional alloys, solid solution phases (including terminal and
intermediate solid solution) have a higher configurational entropy than intermetallic
compounds [70]. Because intermetallic compounds are ordered, and have continuous
chemical compositions and specific lattice structures, the configurational entropy is
approximately zero. High entropy can reduce the Gibbs free energy and promote the
formation of solid solution phase, especially at high temperature [71]. Under the high mixing

entropy, the number of generated phases is much smaller than the maximum value determined

10



according to the Gibbs phase law, which improves the compatibility between the components,
then it is easier to form stable and single phases [72, 73]. Besides, high entropy can reduce the
electronegativity difference and avoid phase separation, formation of some terminal solid

solution or intermetallic compound in the alloys that may occur [74].

HEAs composition-based definition: HEAs entropy-based definition:

"composed of five or more principal elements in equimolar ¢ 15R
Associated with single phase solid solutions by enhancing
configurational entropy.

ratios."
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Fig.1-4 A schematic displaying the effect of configurational entropy on the stabilization of
single-phase solid solution around the equiatomic composition, where xi is the molar fraction
of component i, n the number of components in equiatomic proportion, G the Gibbs free
energy of a phase t (ref, cnf and E stand for reference, configurational and excess,
respectively) [75]

b. Sluggish diffusion effect

The sluggish diffusion effect means that the self-diffusion coefficient of elements is much
lower in HEAs than in other traditional alloys [76-79]. Yeh et al [80] have compared the
diffusion coefficients for the elements in pure metals, stainless steels, and HEAs, and found
that the order of diffusion rates in the three types of alloy systems is HEASs < stainless steels <
pure metals. This is due to the interaction between different atoms and the lattice distortion,
which seriously affects the effective diffusion rate of the atoms. This effect allows better high-
temperature strength, structural stability and creep resistance of HEAs. However, Miracle [81]
gives an opposite opinion on the sluggish diffusion effect. Although the sluggish diffusion

11



effect was one of the core effects for HEAS, this effect is still under debate, and its accuracy is

still not validated now.
c. Lattice distortion

The lattice of HEAs comprises a number of elements, each of which has a different atomic
size [82]. These dimensional differences inevitably lead to lattice distortion. Larger atoms
push away adjacent atoms, while smaller ones have voids around them [83]. The strain
generated by the lattice distortion can increase the total free energy of the HEAs, which also
affects the properties [84]. For example, lattice distortion impedes dislocation movement and
leads to pronounced significant solid solution strengthening effects. The lattice distortion can
be too high due to excessive atomic size, so that the crystal configuration cannot be
maintained, resulting in lattice collapse, formation of an amorphous phase structure [84-86].
The lattice distortion could also lead to increased scattering of propagating electrons and

phonons, which translates to lower electrical and thermal conductivity [87].
d. Cocktail effects

The various elements of HEAs have different characteristics, and the interaction between
different elements makes the HEAs exhibit a composite effect, that is known as the “cocktail”
effect, first proposed by Indian scholar Ranganatha [88]. Alloying trace elements (including
metalloid elements such as C, B, Si, etc.) can change the microstructure and properties of the
alloys [89-91], and therefore many types of elements that can be selected [92]. The HEAS
composed of elements with different properties have different microstructures and properties.
The interaction and influence of the alloy components on the atomic scale will ultimately be
reflected in the macroscopic comprehensive properties of the alloy, and even produce
additional effects (high hardness [93], high strength [94], superconducting [95]).

I-2. Passivity of Cr-containing alloys steel

Passivity of metals and alloys is a central issue in corrosion science and engineering since the
formation of ultra-thin, continuous, adherent and insoluble surface oxide films is the best of
all means for protection of metallic materials against corrosion, and a key for their use in our
environment [96, 97]. The global cost of corrosion in 2013 is around US$2.5 trillion,
equivalent to roughly 3.4 percent of the global Gross Domestic Product (GDP) [98]. Passivity
of metals and alloys is a phenomenon of great technical importance as it prevents many

construction materials from rapid deterioration [99, 100]. For the majority of metals, passivity
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is based on the spontaneous formation of a thin oxide layer (the passive film), in a specific
environment. This film can slow down corrosion (dissolution) reactions by many orders of
magnitude [101, 102]. The oxide passive films have thicknesses most commonly limited to a
few nanometers; and form a well continuous, adherent and insoluble surface oxide barrier
between corrosive environment and the substrate [96, 97, 103]. Today’s studies on passivity
continue to be directed toward gaining a better understanding of the chemical and physical
properties of passive films.

I-2.1. Passivation mechanism
a. Early History of Passivity

Observations on passivity date back to over 200 years. Uhlig [104] has traced the first use of
the word “passivity” to C. Schonbein in 1836 [105], although earlier observation on passivity
had been made by M. Lomonosov in Russia in 1738 [106], C. Wenzel in Germany in 1782
[107], J. Keir in England in 1790 [108], and subsequently by Sch&bein [105] and Michael
Faraday [109]. These early investigators established that the dissolution of iron in certain acid
solutions stopped after first undergoing vigorous active dissolution [110].

In the case of passivity, for example, it has been already shown in 1911 that alloying
chromium to iron leads to a radically improved corrosion resistance of the alloy [111]. This
was immediately applied in the manufacturing of cutlery. However, it took another 50 years
for researchers to understand that passivity is based on the spontaneous formation of a highly
protective oxide film, the passive film, on the metal surface, as it reacts with the environment.
These films, which in many cases are no thicker than only a few nanometers, act as a

reactivity barrier between the metal surface and the aggressive environment.

It has been established that the quality of the film in terms of the ion- and electron-transport
properties, or in terms of its structure and chemistry, determines the dissolution rate of passive
metals in a specific environment [96, 100, 103, 112-114]. This is, of course, of enormous
technological significance, since dissolution rate often determines the lifetime of structural
materials [115, 116]. Areas such as construction materials, electronics, and transportation are
affected and thus any measure that enhances the passive state may also have a considerable

economic impact.
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b. Electrochemical Basis for Passivity

The electrochemical basis for passivity is found in the anodic polarization curve illustrated in
Fig.1-5. The shape of this curve is typical of various metals (e.g., iron) which undergo an

active-passive transition in acid solutions (such as sulfuric acid).
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Fig.1-5 Schematic anodic polarization curve for metals [117]

Beginning with the open-circuit corrosion potential (Ecorr) and moving in the anodic
direction, first pass through a region of active corrosion in which the open-circuit corrosion
rate can be determined as usual by the Tafel extrapolation method. But at a certain potential,
further increases in potential cause a decrease in the anodic current density, as a consequence
of the formation of a protective passive film being formed on the metal surface. Thus, the
metal is undergoing an active/passive transition. The current is observed to drop rapidly as the
passive oxide is formed and as the metal enters the passive region of the anodic polarization
curve. The current density in the passive region is called the passive current density. With
further increases in anodic potential, the current restarts to increase. This current increase in
transpassive region is the consequence of the passive film breakdown due to the dissolution of
metallic ions and the oxygen evolution reaction. The region beyond the passive region in
which the current density again increases with increasing potential is called the transpassive

region.
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I-2.2. The passive film and corrosion behavior of Cr-containing alloys

Chromium pure metal left standing in air is passivated, by forming a thin, protective, surface
layer of oxide. This chromium oxide layer is very dense and inhibits the diffusion of oxygen
into the underlying metal [110, 118]. In contrast, iron forms a porous oxide through which
oxygen can migrate, causing continued rusting with the presence of water in the surface or in
humid environments [106, 119]. However, pure chromium is brittle and is rarely used as a
structural material [120, 121]. The much more important aspect is the use of chromium in Fe-
Cr based alloys which, if sufficiently rich in chromium (at least 13%), are spontaneously

passive in the environments [99, 122, 123].

Generally, the properties of the passive film and thus the corrosion resistance of metals and
alloys are governed by their composition and structure [96, 100, 103]. Several surface
analytical techniques, including X-ray Photoelectron Spectroscopy (XPS), Time-of-Flight
Secondary lon Mass Spectrometry (ToF-SIMS) and Auger Electron Spectroscopy (AES) can
be applied to measure the surface structure and composition. XPS can identify the surface
chemical species and quantify their concentrations, while ToF-SIMS can probe the variations
of the elemental composition with depth and the eventual stratification of the surface oxide.
These methods are often used in combination with electrochemical analysis, which is widely
used to study the reactivity and especially the corrosion resistance of alloys [53, 124-128].

In the following, we present the composition and structure of passive films prepared
electrochemically on Fe-Cr based alloys, in order to illustrate the influence of addition
elements, including Ni, Mn, Co and Mo, on corrosion behavior of the alloys. The composition

and structure of oxide film formed on high temperature will be discussed in part 1-3.1(e).
a. Fe-Cr alloys

The passivation stability is strongly enlarged by alloying Cr into Fe. The remarkable changes
in the corrosion behavior of Fe-Cr alloys at a critical Cr concentration were systematically
studied by Monnartz in 1911 [111]. Since these early studies, the existence and origin of
critical threshold values for the Cr concentration in Fe-Cr alloys has often been discussed
[122, 129, 130]. In a study of the corrosion behavior of Fe-Cr alloys in 1 M H2SO4 (pH=0) it
was found that alloys containing more than 13 at% Cr show Cr-like behavior and alloys with
a Cr concentration below 10% behave similarly to Fe regarding their activation behavior

[122]. Fig.1-6 shows the polarization curves of Fe-Cr alloys in 0.5M sulfuric acid. The Fe-Cr
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alloys with a higher chromium content have lower passivation potentials and passive currents.
This confirms that the increasing addition of Cr improves the passivity of the Fe-Cr alloy
[131]. On the other hand, measurements of the critical current density of Fe-Cr (Cr: 0-16%)

alloys in neutral sulfate solutions show a linear dependence on the Cr concentration [132].
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Fig.1-6 The polarization curves of iron, chromium, Fe-x%Cr (x=6, 9, 13, 17, 25) in 0.5M
H2S04 [131]

Principally, the chemical composition and the thickness of electrochemically formed passive
films depend on the passivation potential, time, electrolyte composition, and the temperature,
i.e., on all passivation parameters [99, 100, 102, 103, 110, 133].

In acid solution, anodic polarization of a Fe-Cr alloy in the passive potential region leads to
selective dissolution of iron, leaving chromium enriched in the passive film to fractions
around 50-70% [123, 127, 134]. This behavior is governed by the difference in diffusion rates
of iron and chromium in the passive film [119, 135, 136]. For an alkaline solution, the
solubility is lower for Fe and higher for Cr; this affects the level of chromium enrichment in

the film and would result in a higher fraction of iron in the passive film [137-139].

As for Fe-Cr alloys, the passive oxide film, formed in sulfuric acid, is generally thought to be
duplex, with an inner region mixing Cr(l11) and Fe(lll) oxides and enriched in chromium, and
an outer region of Fe(l1l) or Cr(l11) oxides/hydroxides [133, 136, 138-148].
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In acidic solution, the passive film thickness is estimated to few nanometers [123, 136, 140-
142, 146]. However, in alkaline solution, the thicker passive film is formed on the sample
surface, since dissolution is less pronounced compared to the film in acidic solution [140, 147,
148].

b. Effect of Ni

The role of nickel in the alloys is more important with respect to mechanical properties such

as ductility and toughness than with respect to corrosion.

The thickness of the passive film is in the range of few nanometers, with no significant
influence of the addition of Ni in the alloy [149, 150]. The composition of the passive film
formed on Fe-Cr-Ni alloys, except Ni-based alloy, is also similar to that on Fe-Cr alloys [99,
118, 143, 149-151]. For Ni-based alloys, the outer layer is describing as a Fe rich layer, while
the inner layer is mainly composed of chromium oxide (with a small amount of nickel and
iron oxides) that could transform into spinel oxide (of the form NixFe-xCr204) with oxidation
time [152-155]. According to the standard Gibbs free energy of formation (AG298.15k®) for
oxides (Cr203: -1058 kJ/mol; Fe203: -714 kJ/mol; NiO: -211 kJ/mol) [156], nickel is less
reactive towards oxygen than iron and chromium. Thus, no or little Ni oxide could be
observed in the passive film. However, Ni is found enriched in the modified alloy region
underneath the passive film compared to the concentration in the bulk alloy [99, 133, 143, 149,
150].

c. Effect of Mo

Molybdenum is an alloying element with a strong beneficial influence on the suppression of
active dissolution and increased resistance to localized corrosion of Fe-Cr alloys [134, 157,
158]. The positive influences of Mo on pitting corrosion behavior have been observed in
various types of stainless steels, including Fe-Cr based ferritic stainless steels [11, 159-163]
and Fe-Cr-Ni based austenitic stainless steels [127, 134, 159, 162-166]. The beneficial role of
molybdenum on corrosion resistance has long been discussed and several effects have been
proposed. They can be sorted into two main classes depending on whether Mo is proposed to
mitigate passive film breakdown [99, 118, 137, 164, 167-170], or to promote passive film
repair [99, 137, 160, 171, 172]. However, which effect prevails remains subject to debate.

Several effects may combine to improve passivity and pitting corrosion resistance.
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Including molybdenum in the Fe-Cr alloys has little influence on the thickness and
composition of the passive film [103, 127, 134, 173]. The main components of the passive
film are still Cr(lll) and Fe(lll) oxides [127, 134, 166]. The main valence state of
molybdenum in the passive film are presented mainly as Mo(V1), which is independent of the
pH of the solution [99, 137, 160, 168, 172, 174]. The Mo(IV) can be found for passivation in
acidic solution [51, 173].

The structure of the passive film formed on Fe-Cr-Mo alloys remains duplex, with a Cr oxide
rich inner layer and a mix of Fe/Cr/Mo (hydr)oxides outer layer [99, 102, 127, 134, 137, 150,
166, 174-176]. In the latest research, a duplex model proposed by Maurice et al. [127] for the
passive film formed on 316L (Fe-19Cr-13Ni-2.7Mo) surface is presented in Fig.l-7.
According to their work, the inner layer essentially consists of Cr(lll) oxide and the outer
layer of Fe(lll) and Cr(I1I) (hydr)oxide. Mo(IV-VI) oxide would be in the outer layer of the

passive film.
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Fig.1-7 Model of duplex structure proposed for the passive film on 316L stainless steel
surface [127]

d. Effect of Mn

Mn is an important alloying element, because it is an economical austenite former, and it is
effective in increasing the nitrogen solubility in Fe-based alloys [51, 173, 177-185]. However,
alloying Mn is known to be harmful to the corrosion resistance of various types of stainless
steels [186-192]. Wu et al. [190, 191] reported that high Mn alloying element in high nitrogen
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stainless steels caused degradation of the resistance to uniform, intergranular, and pitting
corrosions. Furthermore, Park et al. [188] observed that Mn as alloying element, decreases the
pitting corrosion resistance and delay the re-passivation kinetics of Fe-18Cr based alloys
containing 0, 6, and 12 wt% Mn. Pardo et al. [51] investigated AISI 304 and AISI 316L alloys
with various amounts of Mn, and they conclude that even a small amount of Mn (< 2 wt%)

was harmful to the pitting corrosion resistance.

Most researchers have explained that the reason of the reduced resistance to corrosion of
various stainless steels containing Mn was the formation of Mn-related non-metallic
inclusions such as Mn sulphides (MnS) and Mn oxides (mostly MnO) [51, 173, 185, 188-196].
They reported that the Mn-rich non-metallic inclusions react as nucleation sites for localized
corrosion, and the alloying Mn increases the number and size of the inclusions; therefore, the
alloying Mn in stainless steels results in degradation of the resistance to corrosion [51, 173,
185, 186, 189-200]. The selective dissolution of Mn-rich inclusions forming micro-crevices
between the inclusion and matrix [51, 192, 199, 200] and/or poor passivity at the inclusions
[198], are considered as possible mechanisms for pit nucleation localized at the Mn-rich

inclusions.
e. The corrosion behaviour of HEAs

The Cr concentration in Cr-containing HEAs is typically higher than 12%, and it is therefore
reasonable that Cr-containing HEAs should have good corrosion resistance (like Fe—Cr—Ni
[127, 149, 150] and Ni-Cr alloys [201, 202]) with formation of a continuous, adherent and
insoluble surface chromium oxide [100]. The Col.5CrFeNi1.5Ti0.5M00.1 alloy has a very
high general corrosion and pitting resistance, with Epit values of these alloys being >0.5
V/SHE, in 1M NaCl for temperatures ranging from 20 to 80 <C [203]. However, alloying
some other elements (such as Al, Cu) tends to lower the corrosion resistance of Cr-containing
HEAs. The Epit of the CuosNiAICoCrFeSi alloy in 1M NaCl is well below 0 V/SHE [204].
Similarly, for AlxCrFeisMnNigs, the Epit values drop below 0 VSHE when the Al molar
ratio is >0.3 [205]. The AICoCrFeNi system was also observed to have relatively poor
corrosion resistance in 3.5 wt.% NaCl [206], and this is due to an interdendritic microstructure,
with a Cr-depleted (and Al-rich) dendritic region. The addition of Cu to the alloy gives the
same problem as with Al addition. Hsu et al. [207] investigated the corrosion behavior of the
FeCoNiCrCuy alloy in a 3.5 wt % NaCl solution, and the results showed that, after 30day

immersion test, the major types of corrosion were localized corrosion and pitting. The
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localized corrosion in FeCoNiCrCuos and FeCoNiCrCu was found along the interdendrites,
which was caused by the Cu segregation. Due to the weaker binding force with other elements
such as Fe, Co, Ni, and Cr, Cu tends to segregate as clusters, forming Cu-rich interdendrites
and grain boundaries during the period of solidification [208]. Therefore, the Cu-rich, Cr-
depleted interdendrites act as the anode coupled with the cathodic Cu-depleted, Cr-rich
dendrites, forming the galvanic corrosion at the interdendrites. A highly corrosion resistant
HEA with elemental composition of 38Ni-21Cr-20Fe-13Ru-6Mo-2W at% was proposed
based upon a computational design approach exploiting many of the attributes desired in
alloys resistant to Cl- and reducing acids [209]. Pitting was found to be significantly inhibited
because of the extremely strong passivity, even in solutions with lower pH and higher
chloride concentration than found in a typical local pit environment [210]. The presence of
Mo and W in the oxide film is believed to be a main factor conferring its extremely high
corrosion resistance. Ru enrichment in the film appears to be a secondary factor with stability
of RuO; [211]. Through the atomic emission spectra electrochemistry measurement, Cr and

Ru enrichment was observed in the passive film [212].

Alloying Cr as a principal element in HEAs does not mean that Cr-containing HEAS are
highly corrosion resistance. As demonstrated above, alloying Ni, Mo, Ru, W elements will
have positive effect on the corrosion resistance of the Cr-containing alloys. While alloying Al
Cu, Mn elements will lower the corrosion resistance of the alloy. The impact of other alloying
elements on the corrosion characteristics and passivity of the alloy still needs to be studied
[213, 214]. The surface films (native and passive films) formed upon typical HEAs need to be
extensively characterized to estimate their chemical compositions and to ratify their

correlation with corrosion behaviour of the alloys.
I-3. lon transport mechanisms on Cr-containing alloys

As discussed previously, the surface oxide film plays a key role in the corrosion resistance of
metals and alloys. Thus, the understanding of their nature, structure, composition and growth
kinetics, is important and requires a detailed knowledge of the oxidation mechanism and ion-

transport mechanisms.
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I-3.1. Oxidation kinetics
a. Wagner theory of oxidation

The most recognized description of oxidation rates at elevated temperatures considering
transport processes through a growing scale was postulated by Carl Wagner in 1933 [215]. A
complete and precise analysis of the Wagner model has been done by Seyeux et al. [112].
Later, the Point Defects Model (PDM) [113, 216] and Marcus-Seyeux-Leistner (MSL) model
[112, 217] are originated and developed based on this Wagner theory.

In Wagner model, the thermodynamic equilibrium is assumed to be established at the metal-
scale and scale—gas interfaces, it follows that activity gradients of both metal and non-metal
(oxygen, sulphur, etc.) are established across the scale. Consequently, metal ions and oxide
ions will tend to migrate across the scale in opposite directions. Because the ions are charged,
this migration will cause an electric field to be set up across the scale resulting in consequent
transport of electrons across the scale from metal to atmosphere. The relative migration rates
of cations, anions, and electrons are, therefore, balanced and no net charge transfer occurs

across the oxide layer as a result of ion migration.

Wagner theory of oxidation
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Fig.1-8 Diagram of scale formation according to Wagner’s model [218]

Although such conditions are rarely found, Wagner’s theory of oxidation is still widely used

to characterize diffusion-driven oxidation processes on metals and alloys. While for
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electrochemical growth of oxide films, the PDM or MSL models are usually used.

The mathematics of oxidation kinetics involves diffusion and mass transfer migration.
According to Fick’s first law of diffusion, the flux is related to the rate of oxide growth

(dx/dt) is given by

J= _D‘;—f (equation 1-1)
] = —C% (equation 1-2)

From which the rate of thickness growth is

dx _ D AC

T x (equation I-3)

Where D is diffusivity (diffusion coefficient) (cm?/s), Cx is concentration of the diffusing

species (ions/cm?) and x is thickness of the oxide scale (cm).
The eq.1-3 describes the parabolic law for the oxide growth at high temperature.

Integrating eq.1-3 yields what is known as the parabolic equation for the oxide thickness

x = [kpt (equation 1-4)
k, = ZIZAC ~ 2D (equation I-5)

Where kg is known as the parabolic rate constant (cm?/s).
b. Volatilization

The oxidation of pure Cr is, in principle, a simple process since a single oxide, Cr20s, is
observed to form. However, under certain exposure conditions, several complications arise,
which are important both for the oxidation of pure Cr and for many important engineering
alloys which rely on a protective Cr2Os layer for oxidation protection [219-221]. The two
most important features are scale thinning by CrOs evaporation [219, 222], and scale buckling
[223, 224] as a result of compressive stress development.

The thinning of the Cr»0s is the result of its volatilization in CrOz by the reaction shown in

the following equation,
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Cr;05 (5) +20,(g) = 2Cr05 (g) (equation 1-6)

This chromium evaporation has been reported at 700<C, and becomes significant at high
temperatures above about 1000<C and high oxygen partial pressures (Po.=1atm) [225-229].
Recently, Poulain et al. [222] have proved that the chromium evaporation phenomenon could

also occur at lower temperature (300<C) under very low oxygen pressures.
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Fig.1-9 Scale thickness versus time for the oxidation of Cr. (The dashed lines correspond to
oxide growth following parabolic kinetics for the case of negligible evaporation) [230]

Fig.1-9 indicates a greater limiting thickness at higher oxidation temperature. The dashed lines
show the expected growth assuming only parabolic kinetics. For short times, e.g., t< 10° sec,
the growth rate appears to be nearly parabolic. By 108 sec, however, significant departures
from parabolic behavior, which is assigned to the Cr oxide evaporation, are seen at all three

temperatures.

The model of the volatilization on the oxidation kinetics has been first built by Tedmon [219].
The instantaneous change in scale thickness is the sum of two contributions: thickening due to
diffusion and thinning due to volatilization. A constant of volatilization ky, which slows down
the apparent kinetics of oxide growth, is added in the Wagner’s parabolic equations in the
following way:

ax _ky

il v (equation 1-7)

which gives after integration:
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t="2 [-—x—1In (1 — ﬁx)] (equation 1-8)

The kinetics of oxidation (eq.1-8) seems to follow a logarithmic-type law, however, according
to previous research [152, 222], the oxide growth Kinetics can be explained by the
competition between parabolic growth and oxide layer volatilization. From Fig.I-9, two parts
can be observed on each curve. In the first part, the straight line represents the rapid growth of
the oxide layer. Then, the plateau that is reached for longer times, means that the growth of
the oxide layer is slow down, and a quasi-stationary film thickness is observed (growth rate =

volatilization rate).
c. The point defects model

The Point Defects Model (PDM) was developed by Macdonald et al. in 1981 [113, 216]. This
model originates from the ideas of Wagner for the electrochemical growth of oxide films on
metal surfaces. It describes the electrochemical formation of the oxide layers by a mechanism

involving migration via defects in the oxide network.

The PDM model was the first one to consider the potential drops at the interfaces and describe
anodic oxide film growth on metals in aqueous solution. The interfacial potential drops at
both interfaces (pmiand @gs) and in the film (¢r) are taken into account and the potential drops
at the interfaces are assumed to be functions of the pH of the medium and the applied
potential Vapp across the system. With regard to the transport of charged species through the
film, this model uses the generalized Fick expression which makes it possible to obtain a
logarithmic growth law (x = A + BInt) where A is a function of pH, the applied potential V app

and the electric field in the film.

Although this model is the first macroscopic model to take into account the evolution of
potentials at the interfaces to describe the growth of oxide films on metals, major simplifying
hypotheses were used, which limit its use.

1. In its original version, this model assumes that a constant drop in potential at the oxide /
medium interface (¢gs) IS maintained during the growth of the oxide film. This hypothesis
necessarily implies that the reaction 0,4 + 2H* — H,0, at the oxide/electrolyte interface,
is faster than the kinetically rate-limiting step (transport of the anionic vacancies through the
film) and that an equilibrium is maintained at this interface during oxide growth. This

assumption would be valid for stationary conditions (i.e. when the oxide growth rate is equal
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to the dissolution rate) when the interfacial potential drops @mi and @gs are imposed by the
structure of the metal/oxide interface and the Nernst equilibrium, respectively. However,
these potential drops at the interfaces must necessarily evolve during the growth of the oxide

film (i.e. non-stationary conditions).

2. In the stationary state, the potential drop (¢s) at the oxide/electrolyte interface is assumed
to be a function of the applied potential. At the equilibrium state, the potential drop (¢s) must
be given by the Nernst equilibrium only and therefore cannot be a function of the applied
potential.

3. The electric field is constant in the film. This assertion, true when stationary, cannot be
applied during the growth of the oxide film (non-stationary conditions).

4. The growth of the oxide film by migration of cations via the interstitial or vacancy

positions is not considered.

5. The composition of the metallic substrate is not taken into account, so that this approach is

limited for alloys.
d. Marcus-Seyeux-Leistner model

The Marcus-Seyeux-Leistner (MSL) model was published in 2013 [112, 217]. This recent
model is based on the PDM maodel, that is to say that the growth of the oxide is the result of
the migration of species via point defects in the oxide layer. However, one of the major
advances of this model is that it takes into account non-stationary conditions during film
growth (unlike the PDM model described above) and that it also includes all of the reactions
(migration of cations via interstitial and vacancy positions, and dissolution of the oxide) to

describe the growth of the oxide layer.

As indicated previously, the major advantage of the MSL model is that it takes into account
the potentials at the interfaces and in the oxide and their evolution during the growth of the
oxide film. It was seen previously (see Fig.lI-10) that the potential drop in the metal
/oxide/electrolyte system is divided into three potential drops (ems, ¢f and @gs). During the
growth of the oxide film, the potential drops (ems, of and o@gs) vary until the oxide film
reaches a stationary thickness. Thus, in non-stationary conditions, the potential drops are
functions of the thickness of the oxide film (x). Any modification of the chemistry of the

electrolyte, of the temperature will therefore lead to a variation of the potential, the potentials
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drops are modified and the thickness of the oxide film will evolve up to a new stationary

thickness (Xg).
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Fig.1-10 Scheme describing the reaction and transport processes involved in the system
metal/oxide/electrolyte during the growth of the oxide layer. Oxygen vacancies, metallic
vacancies and metallic interstitials are implied. The dissolution of the oxide film is also taken
into account. The Kr dger-Vink notation is used to describe the defects. (a) cation injection
into cation vacancy position of the oxide at the metal/oxide interface, (b) oxygen vacancies
formation in the oxide at the metal/oxide interface, (c) cation injection in interstitial position
of the oxide at the metal/oxide interface, (d) cation dissolution via cation vacancies at the
oxide/electrolyte interface, (e) formation of cation vacancies in the oxide at the
oxide/electrolyte interface, (f) cation dissolution via interstitial position at the
oxide/electrolyte interface, (g) growth of the oxide via interstitial positions at the
oxide/electrolyte interface, (h) injection of oxygen in anionic vacancy position at the
oxide/electrolyte interface, and (i) dissolution of the oxide at the oxide/electrolyte interface.
[112]

To determine the variations in potential drops at the interfaces and in the film, the authors

make the following assumptions:

1. The potential drop at the metal/oxide interface (oms) is constant during the oxide growth

(i.e. the structure of the inner layer and the composition of the alloy below the oxide are
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assumed to remain unchanged during the growth)

2. At the steady state, s is determined by the Nernst equation.

3. The potential drop in the film os is assumed to be linear.

Thus, the potential drops are expressed as follows:

Om/r(X) = @p/p (x) = constant

Prss(X) = @p5 () + Apgss (x) = @7 (x) + aAVf (%) (equation 1-9)
@5 (x) = @f (x) + Agr (x) = ¢ (x) + AV (1 — af (x))

where « is a constant for a given system reflecting the fraction of the potential AV applied to

the metal/oxide interface.
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Fig.1-11 Diagram of the evolution of the potential drop controlled by the ion transport
mechanisms, the thickness of the film, and the external reactions [217]

Fig.I-11 describes the evolution of the potential drops at the two interfaces and in the film

following the Marcus-Seyeux-Leistner model.
Oxide film growth law:

In this model, growth is considered to be controlled by the transport of charged species
through the oxide film. Consequently, the growth Kinetics are given by the flow of charged

species (interstitials or vacancies) passing through the film. However, in the presence of a
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potential and concentration gradient, the flux is given by Fick's law:

* 6Ci « Ci 0 .
Ji =D T+ Df LqF - (equation 1-10)

where Ji is the flux of species i per unit area per unit time, D and C; are the diffusion
coefficient and the concentration of charged species i in the oxide, respectively, and d is a
position in the oxide of thickness x.

Consequently, by combining Equation X and Equation Y and assuming a uniform electric
field in the film (model hypothesis) it is possible to express the flux of the species diffusing

through the oxide:

| FloP+av(1-af ()] |

Cilmyfexp|qi————F———|Cilgys

aCi _ :F(pf(x) * RT .

5p JiX) = aqi—-—D; PTG erol (equation I-11)
explg— -1

where C;|n/r and C;| /s are the concentrations of species I (in units of number of species/m?)

at the metal/oxide and oxide/electrolyte interfaces, respectively.
e. Oxidation of Cr-containing alloys

The formation of thin oxide layers on Fe-Cr based alloys surface by oxidation at different

oxygen pressures and temperatures have been widely studied [220, 221, 224, 231-245].

For high temperature oxidation (above 800 <C), the chromium oxide is the main species in the
oxide film on the Fe-Cr based alloy surface, trace or no iron oxide could be observed [231,
232, 246, 247]. Habib et al. [224] studied and compared the oxidation behaviour of 304 and
316 stainless steels at 1000<C in air. The results showed that the films are mainly chromium
oxide, the weight gain of 304 SS was about 8 times greater than that of 316 SS, showing that
316 SS is more oxidation resistant than 304 SS due to the presence of Mo.

For oxidation at temperatures below 800 <C, the oxide layers formed on the Fe-Cr based alloys
are normally rich in Fe and Cr oxides [151, 224, 238, 239, 241, 242, 244, 246, 248, 249].
Swart et al. [243] studied the oxide composition of Fe-9Cr-1Mo after oxidation in UHV for
1000L of oxygen below 600<C. At temperatures lower than 400<C, the oxide layer consists
mainly of Fe>Oz in the outer layer and a small amount of Cr.Os in the inner layer. Between
400<C and 600 <C the oxide layer consists of a mixture of FeO, Fe2O3 (outer layer) and Cr203
(inner layer). Olefjord [250] has examined the oxide formed on Fe-(6.5-21 at%)Cr alloys
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exposed to 0.2 atm oxygen at room temperature using ESCA techniques and suggested that

the oxide consists of (FeCr)203 in the outermost layer and FeCr204 in the inner layer.

Besides studies of the composition and structure of the oxide film formed on Fe-Cr based
alloy surfaces at different temperatures, some studies focused on the initial oxidation process
of Fe-Cr based alloys. Lince et al. [251] investigated the initial oxidation on Fe-Cr based
alloys at low temperatures (below 300<C). The results showed that in the first oxidation stages
(1 to 20 L), the formation of Cr oxide is favored by the higher thermodynamic stability for
oxides containing chromium such as Cr.Os, compared to that of iron oxides. For exposures
between 30 and 100 L, the layer whose growth is controlled by diffusion would become
increasingly rich in iron due to the higher mobility of iron in the region of oxides. Note that

the iron would diffuse faster towards the surface of the oxide film at this stage.

D. J. Young et al. [239] studied the oxide formation process of Fe-24Cr alloy in oxygen (10
2Pa) at 190-490<C. They concluded that oxidation proceeds in three stages. An initial period
of accelerating rate was accompanied by oxide island nucleation and growth. Following island
coalescence, and the coalescence rate was controlled by the mass transport through the oxide
grain boundaries left by the island impingement process. During the first two stages, the oxide
formed was y- M203 (M=Fe,Cr) The final stage of reaction involved the appearance of a-
M20O3 on the outer oxide surface and a substantial slow down of the oxidation rate due to the

low diffusivity in this phase.

Recently, Ma et al. [151] used in situ XPS measurements to investigate the oxide growth
mechanisms on 304 SS in the very initial stages of oxidation at 150<C and 250<C. In the very
first stage of oxidation (0.5L), Cr oxide formation is preferential over Fe oxide formation.
Then, the competitive oxidation of iron is gradually promoted in the oxide growth leading to

the decrease of Cr enrichment in the oxide.

1-3.2. lon transport

To understand the oxidation of alloys, ion transport in the oxide scale is a key issue. Usage of
isotope tracers of metal elements or oxygen to elucidate transport mechanisms in the oxide
scales is a classical experimental approach extensively applied for various materials in a wide
range of temperatures [126, 152, 227, 229, 252-263].
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1-3.2.1. Study of ion transport in pure Cr oxide

Waiters [264], Hoshino [265], Taylor [266], and Graham [254] investigated the diffusion of
Cr in chromium oxide on chromium single crystals at different temperatures and oxygen
pressures. The effect of the fast grain boundary diffusion is excluded in these experiments.
Thus, the chromium diffusion coefficients, mainly lattice diffusion, are some orders of
magnitude lower than that calculated in the polycrystals of chromium [257, 258]. These
studies also showed that the diffusion coefficient of chromium depends on oxygen pressure
which will change the defect structure of chromium oxide [256, 267].

The defects formed in chromium oxide during oxidation of pure chromium are function of the
oxygen pressure leading to the formation of either p- or n-type semiconductors [222, 247,
268]. High oxygen pressure will result in a p-type semiconductor, e.g. electron holes and
chromium vacancies act as the predominant defects. At intermediate oxygen pressure, Cr203
behaves as an intrinsic semiconductor with electrons and electron holes as the major defects.
Low oxygen pressure leads to the formation of an n-type semiconductor with oxygen

vacancies and chromium interstitials as the dominant defects.

To understand the transport properties of chromia, not only the transport of chromium and
oxygen in the Cr.Oz layer are of interest but also the diffusivity of other alloying elements,
including Fe, Mn and Ni, in the chromium oxide are of interest. Lobnig [255] compared the
diffusivity of Fe, Mn and Ni in the chromium oxide, and concluded that the lattice diffusivity
of Mn is about two orders of magnitude greater than that of Fe and Ni in Cr.0z. Sabioni [263]

determined the diffusivity of Fe in chromium oxide using the iron isotopic tracers.
1-3.2.2. Study of ion transport in Fe-Cr based alloys

As demonstrated previously, the composition of oxide film formed on Fe-Cr based alloys is
Cr and Fe oxide. Thus, the transport of both anions and cations in the film should be different

from the transport behaviour in pure chromium oxide.

Sabioni and Huntz [262, 263, 269-273] conducted a series of experiments to determine the
diffusivity of ions in the oxide film formed on Fe-Cr based alloys. They studied the oxygen
and chromium ions diffusion in oxide layers grown on AISI 304 austenitic stainless steel (18
wt.%Cr) and on AISI 439 ferritic stainless steel (17 wt.%Cr), between 750 and 900 <C, in air.
Although these works give values of ion diffusivity in the oxide film, they do not elucidate the

ion transport processes during the oxide growth, because these data were obtained by
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depositing isotopic tracers (**Cr and °’Fe) on the oxidized surface of the alloy followed by the
diffusion annealing. After the diffusion annealing, the depth diffusion profiles of the tracers
%Cr or ®'Fe were established by secondary ion mass spectrometry (SIMS), as showed in the
Fig.l1-12. By fitting the depth profiles of isotopic tracer (Fig.l-12(c)), the diffusivity of Cr or

Fe in the oxide was calculated.
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Fig.1-12 SIMS depth profiles of the oxide layer grown on the AISI 439 stainless steel after
%4Cr diffusion at 750<C [272]

1-3.2.3. Isotopic tracers exchange experiments in 8O containing atmosphere

To study the O diffusivity, O isotopic tracer are always involved in a two-step oxidation
technique in which the specimen is first oxidized in natural oxygen (**0) and subsequently
oxidized in 80 atmosphere at elevated temperatures [126, 152, 222, 274, 275]. After the
formation of an initial oxide layer during the first stage, the composition of isotopes in the
oxidizing environment is changed. To sustain scale growth, oxygen and/or metal has to be
transported to the reactions zone. Therefore, distribution of isotopic oxygen in the oxide scale

gives direct information on transport mechanisms during oxidation.

Oxidation kinetics of metals or alloys are either controlled by the diffusion of cationic species
(outward diffusion of metallic ions through the oxides) [255] or anionic species (inward
oxygen diffusion) [254]. Mechanisms including both cationic and anionic diffusion have also
been reported [274, 276].

Secondary ion mass spectroscopy (SIMS) is the most commonly used technique to locate the
oxygen isotopic tracer in the oxide scales [126, 152, 222]. Anion diffusion will indeed lead to
the formation of the new 80 oxide at the alloy/oxide interface, whereas cationic diffusion will

result in a surface formation, i.e. at the oxide/gas interface.
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Thian Gnan Ooi [277], using the two-step oxidation method with FIB-SIMS (Focused lon
Beam-Secondary lon Mass Spectrometry) technique, determined that both anions and cations
diffusion are the predominant mechanism governing the transport in the oxide film formed on
Ni-based superalloy. Pint [278] revealed inward oxygen diffusion governing the growth of
oxide film on a-Al203 at 1200<C. The work of Young [275] on the scales grown on NiAl
indicated that, rather than an inward growth mechanism, the outward diffusion of Al was the
predominant growth mechanism. Recently, the oxidation mechanisms for Alloy 600 in high
temperature water [152] and Hastelloy BC-1 at high temperature in oxygen atmosphere [126]
have been investigated in situ by ToF-SIMS with oxygen isotopic maker, and anion diffusion
was found to be the dominant ion transport mechanism for Alloy 600, whereas cation
diffusion is the governing oxidation mechanism for Hastelloy BC-1 alloy.

I-4. Objectives of the thesis

This study aims to understand the corrosion behavior and ion transport mechanisms in surface

oxide films on Cr-containing alloys.

Generally, the addition of a minor concentration of alloying elements in the Fe-Cr based
alloys, like 316 stainless steel, can provide good corrosion resistance by forming an oxide
film on the surface. However, the corrosion behavior of CoCrFeMnNi high entropy alloys
with five elements in equal concentration in the bulk, which is not the case in stainless steel,

has rarely been studied.

The first objective of this thesis was to understand the reactivity of CoCrFeMnNi high
entropy alloys using fine surface characterization techniques combined with electrochemical
measurements. The composition and structure of oxide films is a key aspect for understanding
the corrosion resistance of high entropy alloys. The results obtained in this part of the work

are presented in chapter I1I.

The second part of this thesis was to determine the ion transport mechanisms on Cr-
containing alloys (304L and 316L stainless steels). To study the ion transport process in the
oxide film on stainless steels, two-step oxidation was done to the substrate, using a sequence
of %0 and 20 isotopic species. For the second oxidation step, a suitable re-oxidation
temperature had to be found, since, at lower temperatures, the ion-transport process would be
very slow (or even blocked), and it would take a long time to observe the transport of species
in the passive film. At higher temperatures, the composition and structure of the pre-formed
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passive film may be changed and the analysis of the modifications of the structure and

composition of the oxide film during heat treatment had to be studied.

The second objective of this thesis was, thus, to investigate the thermal stability of passive
film on stainless steel. The modifications of the passive film formed on 316L stainless steel
surface during stepwise heating in ultrahigh vacuum from room temperature to 300<C has

been studied. The results obtained on this part of work are presented in chapter 1V.

After the study of the thermal stability of passive film at different temperatures, a suitable re-
oxidation temperature can be selected and the oxidation of Cr-containing alloys (304L and

316L stainless steels) at different temperatures and oxygen pressures can be carefully studied.

The third objective of this thesis was thus to study ion transport process in the pre-formed
passive film on 304L and 316L stainless steel surfaces at 300 <C. The native film was formed
after mechanical polishing down to 0.25um, while the passive film was electrochemically
formed in sulfuric acid solution at 0.4V/SCE. Re-oxidation was conducted by exposure of the
passive film to isotopic 0, gas. The results obtained in this part of the work are presented in
chapter V and V1.
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Chapter 11

Characterization techniques and experimental conditions

In this chapter, the electrochemical and surface characterization techniques used in this work
are presented. In addition to being used to prepared protective passive film on the surfaces of
Cr containing alloys, electrochemistry was also used to characterize the passivation properties
of these Cr-containing alloys. The XPS and ToF-SIMS surface analytical techniques, used to
characterize the composition, structure and kinetics of formation of the surface oxide films,
are detailed in this chapter, as well as the sample surface preparation given to the samples

before the measurements.

I1-1. Sample composition and surface preparation

304L stainless steel (Fe-18Cr-10Ni), 316L stainless steel (Fe-19Cr-13Ni-2.7Mo) and

CoCrFeMnNi equiatomic high entropy alloy were used in this work.

304L SS and 316L SS were purchased commercially and the CoCrFeMnNi HEA was made in
the CECM laboratory (Thiais, France).

Pure Fe, Co, Cr, Ni and Mn ingots (purity exceeding 99.9 wt%) were used to prepare the HEA
by high frequency electromagnetic induction melting in a water-cooled copper crucible under
He atmosphere. Before melting, samples were prepared by mechanical polishing of raw
materials. Afterwards, the HEA ingot was shaped into a rod with a diameter of 13 mm and a
length of around 8 cm by gravity casting. The cooling rate was estimated to be about 103
K.s"!. Finally, the samples were wrapped into a tantalum sheet, and were annealed at 1373 K
during 13 h under a He atmosphere to limit oxidation. At the end of the annealing, the samples
were air quenched. The objective of this homogenization annealing is to eliminate the

dendritic microstructure formed during casting process. To refine the grain size, HEA samples
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were rolled and then annealed at a temperature of 900°C for 30 min under He atmosphere,
followed by air quenching. At the end of the preparation step, the average grain size of the

HEA, verified by electron backscatter diffraction (EBSD) is ~ 30 um.

Surface preparation was performed by mechanical polishing first with SiC paper of successive
1200 and 2400 grades and then with diamond suspensions of successive 6, 3, 1 and 0.25 pm
grades. Cleaning and rinsing were performed after each polishing step in successive
ultrasonicated baths of acetone, ethanol and Millipore® water (resistivity > 18 MQ cm).

Filtered compressed air was used for drying.

11-2. Electrochemical setup

Electrochemical measurements, including potentiodynamic polarization and potentiostatic
polarization, have been used in this work. The potentiostat used is an EC Lab SP200
potentiostat from Bio-Logic and a Gamry Reference 600 potentiostat. Potentiodynamic
polarization allows to determine characteristic data like: the corrosion potential, the active,
passive and transpassive domains, while potentiostatic polarization is used to elaborate well-
defined passive films on the sample surface by applying a static potential on sample in

sulfuric acid for a certain time.

As showed in Fig.II-1, a typical three-electrodes setup, comprising the working electrode, the
counter electrode and the reference electrode, was used. The working electrode is the sample,
which is fixed in the sample holder enabling electrical contact with the potentiostat. A viton
O-ring with an exposure area of 1.3 cm? was used to seal the sample in the sample holder. The
reference is a saturated calomel electrode (SCE, +0.245 V/NHE), which is connected to the
electrolyte via a salt bridge to avoid chloride contamination of the electrolyte. The counter

electrode is a Pt/Au wire.
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Reference electrode

Degassing tube

Counter electrode
Working electrode

Fig.II-1 Electrochemical setup with three-electrode system

The electrochemical measurements were carried out at room temperature in 0.05M H>SO4
(aq) prepared with ultra-pure water (Millipore, resistivity 18.5Mohm.cm) pre-deaerated by Ar
bubbling for 30 min.

11-3. Time-of-Flight Secondary lon Mass Spectrometry (ToF-SIMS)

Time-of-flight secondary ion mass spectrometry (ToF-SIMS) is a chemical characterization
technique allowing elementary, isotopic and molecular analysis of the sample surface. Due to
a very large variation in the ionization probabilities as a function of the analysed material,
ToF-SIMS spectrometry is generally considered to be a non-quantitative technique.
Nevertheless, a pseudo-quantification remains possible from reference materials having a
chemical composition close to that of the matrix of the sample to be analysed. Among all the
characteristics of the ToF-SIMS spectrometry, the most remarkable ones are: the very high
sensitivity, with a detection limit of the order of ppm, the detection of all charged species in a
unique measurement (allowing retrospective analysis), and the detection of isotopic species.
Depending on the information desired, we choose to work in a mode favouring the mass
resolution (spectroscopic mode) or a mode favouring lateral resolution (imaging mode). Like
most surface characterization techniques, ToF-SIMS spectrometry requires an Ultra High
Vacuum environment (UHV: 1071% mbar) in order to protect the surface from environmental

contamination and limit, as much as possible, possible interactions and recombination
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between the ions emitted from the surface and the environment, causing a significant decrease

in the intensity and the modification of the nature of the secondary ions emitted.

Y&

@Ql

Analysmg

chamber »

Fig.11-2 Photo of the ToF-SIMS 5 spectrometer

Fig.11-2 shows the photo of the ToF-SIMS instrument. The spectrometer is made up of:

o An analysis chamber, operating under UHV, which can be equipped with a sample
holder on which the sample to be analyzed is fixed. A heated sample holder is also
available allowing temperature analysis (up to 600 <C, depending on the size of
sample). This sample holder will be used in the ToF-SIMS experiments at elevated
temperatures (Chapter IV, V and VI).

o A source of primary ions, composed of the ion gun allowing the production of primary
mono-atomic ion (Bi*) with an energy of a few keV and an optics column allowing to
finely focus the ion beam on the surface. The ion source is pulsed (as opposed to SIMS
where the source is used continuously). This is mandatory for ToF-SIMS analysis since
the emitted ions are not directly sorted as function of their masses but as function of the

time needed to reach the detector (thus an accurate time 0 for analysis is required).
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o The ToF-SIMS analyzer is composed of the ion flying tube and the secondary ion
detector. The secondary ions, produced by the collision of the primary ions with the
substrate, are accelerated under an electric field and enter the flying tube, where they
freely travel under UHV until the secondary ion detector. The spent time in the flying
tube is function of the mass of the emitted species. The details of the equation governing
a ToF-SIMS analysis are given in 11-3.1.

o An ion etching gun used in alternation with the primary gun. This beam allows the
surface of the sample to be etched in a controlled manner, by selecting the appropriate

sputtering energy and current, in order to obtain in-depth composition profiles.
11-3.1. Principles

ToF-SIMS analysis requires maintaining a static situation. This means that the dose of
primary ions (Bi*) striking the surface must remain low enough for the surface to be modified
locally only. Under static conditions, the primary ion dose received by the surface must
remain below 10'? at.cm™ to ensure that an undisturbed surface is analyzed during successive
primary ion pulses. Although local destruction of the surface exists, it is negligible in static

mode compared to dynamic SIMS which results in rapid destruction of the surface.

|Secondary ion mass spectrometry {SIMS)‘

Emission of secondary ions
Primary? ® A BY, ABY, ABCY .
ions | /
@09 (charge: 0, + -)
; Characteristic m/z ratio
A
Surface
¢~1 nm
Creation of |

defects
L‘**. Implantation

Fig.11-3 Principle of secondary ion emission (from [1])

As showed in Fig.ll-3, during a ToF-SIMS analysis, the impact of primary ions with the
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substrate is responsible for cascades of collisions in the material with ejection of particles
(ions, atoms, electrons), characteristic of the first monolayers (1-3 monolayers) of the surface
of the material. The emitted secondary ions are then accelerated by the application of an
intense electric field between the sample and the entrance of the ToF analyzer. All the

secondary ions gain a kinetic energy following the equation:
E=qU= %mvz (equation 11-1)

Where q is the charge of the secondary ions, U is the electric field used to accelerate the

produced secondary ions, m is the mass of the secondary ion, v is the speed of secondary ions.

These secondary ions then enter the time-of-flight analyzer (operating under UHV) and fly to

the detector with a velocity equal to:

— /@ : ]
v= = (equation 11-2)

Thus, the time (t) needed to travel through the analyser (length L) is function of the mass of

the species and follows the equation:

_L_; |m i -
t=-= L /zqu (equation 11-3)

Therefore, we see that, for a given charge, the lighter ions travel faster and the heavier ions
travel slower. This means that in ToF-SIMS measurement, it is not directly a mass detection

but it is a time detection which is converted into mass.

Different operating modes exist, providing different data depending on whether we are going
to favour mass resolution (spectroscopy, depth profile) or lateral resolution (chemical
imaging). In this study, the profile mode was mainly used. A ToF-SIMS profile expresses the
intensity of a signal (number of counts) as a function of sputtering time (s). It was chosen to
work in negative polarity (the secondary ions collected are negative), because it is more

sensitive to species originating from oxides.

The ToF-SIMS spectrometer used is a ToF-SIMS V from IONTOF company. The primary

source used is a Bi* ion source. The ion erosion gun used to erode the surface is a Cs+ ion
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gun. The successive use of each beam allows us to make a ToF-SIMS analysis at the bottom
of a crater eroded during the sputtering phase of the measurement. Thus, one obtains a
complete mass spectrum at each sputtering step and one can build in-depth elemental
composition profiles that correspond to the intensity of each secondary ion as a function of the

sputtering time.

The first step in processing ToF-SIMS data is the calibration of the mass spectra obtained.
Then the profiles can be reconstructed. All data processing is carried out using the

commercial software lonSpec®©.
11-3.2. Choice of ions

ToF-SIMS spectrometry is a technique used to obtain chemical information on the surface of
a sample. The secondary ions emitted can be single ions or molecules which will be
characteristic of the surface of the sample but which do not necessarily account for the nature
and chemical composition of the surface of the substrate. In this work, the surface oxides
formed on different Cr-containing alloys, including CoCrFeMnNi HEA, 316L SS and 304L
SS, have been studied. The characteristic ions for oxide films on different alloys are listed in
Table 11-1. It should be noticed that secondary ions can have very similar masses (separated
by less than 0.0001 uma). Thus, in a mass spectrometry measurement, a single peak can be
associated to two overlapping ion signals. For example, it is the case in the re-oxidation
experiments performed in this work on SS alloys, where the pre-formed iron oxide signal,
Fel®O, (that composes the outer oxide layer) overlaps with the chromium oxide peak, Crt®0,
, formed during the 80, re-oxidation. Thus, although it is less intense to the Fe'®O, signal,
one prefers to use the Fe,'®03 ion as characteristic of the pre-formed iron oxide to avoid the

signal overlapping problem.
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Experiments Samples Species Characteristic ion Remark

Chromium oxide 2Croy
Iron oxide 56FeQ,
B Oxide film
Manganese oxide 3MnO;-
_ CoCrFeMnNi Cobalt oxide ¥Co0y
Surface analysis HE
A Metallic Ni SBNi,
Metallic Fe 56Fe,
_ Metallic substrate
Metallic Co *Coy
Metallic Mn 55Mn,”
Hydroxide (OH)y"
Oxide film o
Iron oxide FFeOy Oxide film
Chromium oxide 3Croy
Thermal stability 316L SS
Molybdenum oxide %MoO5
Metallic Fe 6Fey
Metallic Ni Ny Metallic substrate
Metallic Cr 2Cry
Oxide/Hydroxide 160- / 16QH-
. o ) Pre-formed oxide
Iron oxide Fel6Q, ; Fe,!%0, (160)
Chromium oxide Crl60,
Molybdenum oxide Mo!60; (For 316L SS)
Oxide 180
Ion transport 304L SS . 18 - Newly-formed oxide
mechnisms 316L SS [ron oxide Fe®0, (120)
Chromium oxide Crit0y
Molybdenum oxide Mo!3Q5 (For 316L SS)
Metallic Fe Fe,
Metallic Ni Niy Metallic
- substrate
Metallic Cr Cry

Table 11-1 Summary of the choice of ions for the analysis of the oxide films formed on Cr-
containing alloys by ToF-SIMS

11-4. X-ray Photoelectron Spectroscopy (XPS)

X-ray photoelectron spectroscopy (XPS) is a technique for determining the surface chemistry
of a material. XPS can measure the elemental composition, chemical state and electronic state

of the elements at the surface of a material. XPS spectra are obtained by irradiating the solid
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surface with a beam of X-rays while simultaneously measuring the kinetic energy and the
number of electrons that are emitted from the extreme surface of the material being analyzed.
The majority (99.7 %) of photoelectrons will come from a depth of 3L (A being the inelastic
mean free path) and for most core electrons excited by Al Ka X-rays this depth is on the order
of a few nm. A photoelectron spectrum is recorded by counting ejected electrons over a range
of electron kinetic energies. Peaks appear in the spectrum from atoms emitting electrons of a
particular characteristic energy. The energies and intensities of the photoelectron peaks enable

identification and quantification of all surface elements (except hydrogen) [2].
11-4.1. Principles

The phenomenon of XPS is based on the photoelectric effect: the ejection of electrons from a
surface due to the impinging of photons as outlined by Einstein in 1905, which was first
observed by Hertz in 1887. In the 1950s Kai Siegbahn developed methods for achieving
highly accurate measurements of energy levels in atoms by irradiating them with photons and
measuring the energy of the electrons emitted using the photoelectric effect. Siegbahn
obtained the Nobel Prize for developing the method of X-ray photoelectron spectroscopy

(XPS) in 1981.

A typical XPS spectrum is a plot of the number of electrons of electrons detected versus the
binding energy of the electrons detected. Each element produces a characteristic set of XPS
peaks at characteristic binding energy values that directly identify each element that exists on
the surface of the material being analyzed. These characteristic peaks correspond to the
electron configuration of the electrons within the atoms, e.g., 1s, 2s, 2p, 3s, etc. The number
of detected electrons in each of the characteristic peaks is directly related to the concentration

of element within the area emitting the photoelectrons.

To be detected, the electrons have to escape into the vacuum, meaning that they originate
from a limited depth of the sample (1-10nm) corresponding to ~3A, A being the inelastic mean
free path the photoelectrons mentioned above (A depends on the kinetic energy of the
electrons and the nature of the materials). All of the photoelectrons emitted by deeper regions

of the sample cannot escape as they are either recaptured or trapped in various excited states
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within the material.

Since the energy of the primary X-ray beam with particular wavelength is known, the electron
binding energy of each electrons can be determined (as showed in Fig.11-4) from the measured

kinetic energy of the emitted electrons by using the equation:
hv = Ekinetic + Ebinding + (Dsp (equation ||-4)

where hv is the energy of the X-ray photons, Exinetic IS the Kinetic energy of the electron as
measured by the instrument, Ebinding is the binding energy of the electron and @y, is the work
function of the spectrometer (calibrated for a given spectrometer). A major property of XPS is
that the binding energy shift observed by XPS can be related to the chemical state of surface
species. The chemical shift is the modification of the energy of the photoelectrons due to the

charge on the atom associated to the chemical bond.

Sample Spectrometer

E:.‘l'f.il'-.: hv = Eklnelu: + Eblndlng + ‘bsp

Fig.11-4 Principle of XPS: the photoelectron energy [1]

Two different types of X-ray sources are used: Mg K, (hv = 1253. 6 eV) and Al K, (hv =

1486:6 eV) which is only used for monochromatic source.

The Auger effect is a physical phenomenon in which the filling of an inner-shell vacancy of
an atom is accompanied by the emission of an electron from the same atom. When a core
electron is removed, leaving a vacancy, an electron from a higher energy level may fall into
the vacancy, resulting in a release of energy. Although most often this energy is released in

the form of an emitted photon, the energy can also be transferred to another electron, which is
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ejected from the atom; this second ejected electron is called an Auger electron. The energy of
this Auger electron is independent of the energy of the incident radiation and has its own
kinetic energy. It is therefore possible to qualitatively identify the Auger lines on a general
spectrum by changing the energy of the incident photons. These Auger lines can be
problematic in our case for the high entropy alloy (see Chapter IlI, discussion part), as they

can be overlap with the core level signals of other species.

‘. E auger
‘

Zp o’ 2p

Fig.11-5 The scheme for Auger process

The chemical composition and oxide thickness calculation will be fully elucidated in the

Chapter I11.
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Chapter 111

Study of the surface oxides and corrosion behaviour of an equiatomic
CoCrFeMnNi high entropy alloy by XPS and ToF-SIMS

This chapter reproduces the final preprint of an original article published in the Corrosion
Science with the reference:

L. Wang, D. Mercier, S. Zanna, et al. Study of the surface oxides and corrosion behaviour of
an equiatomic CoCrFeMnNi high entropy alloy by XPS and ToF-SIMS. Corrosion Science.
(2020) 108507. https://doi.org/10.1016/j.corsci.2020.108507.

Abstract

XPS and ToF-SIMS analysis have been combined with electrochemical
measurements to determine the corrosion behavior of the equiatomic
CoCrFeMnNi high entropy alloy. An XPS methodology based on analysis
of the 3p core level spectra was developed to determine the composition and
thickness of oxide films. Both native oxide (~1.4nm) and passive films (~
1.6nm) formed in acidic medium are duplex, comprising Cr and Mn inner
layer and Cr/Fe/Co mixture outer layer. No nickel is observed in the oxide
layer. The effects of exposure of the native film to sulfuric acid and
passivation under anodic polarization have been investigated.

I11-1. Introduction

Equiatomic high entropy alloys (HEAs), compared to the traditional alloys usually comprising
a base metal and alloy elements, are a new class of alloys in which the distinction between
major and minor elements is not relevant anymore. Indeed, they are composed of four, five or
more metallic elements, in near equimolar concentration [1, 2]. For some compositions,
depending mainly on the balance between the entropy of configuration of the solid solution
and the enthalpy of mixing of the intermetallic [3, 4], HEAs form a single phase solid solution
(without any intermetallic or other secondary phases), such as face-centered cubic (FCC)
alloys elaborated from transition metals [5-8] and body-centered cubic (BCC) alloys
elaborated from refractory metals [9-12]. The FCC CoCrFeMnNi HEA, which was first

discovered by Brian Cantor et al. [13], has received a great deal of research interest due to its
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excellent mechanical properties [14-16]. Although this type of HEA has been developed since
2004, very little research focused on the corrosion behaviour of CoCrFeMnNi HEA [17-20].

The CoCrFeNi alloy was reported to have good anti-corrosion properties due to the formation
of a protective oxide film rich in Cr species [18]. Generally, for conventional alloys
containing chromium, such as stainless steel and Ni-base alloys, a high corrosion resistance is
provided by the Cr-rich oxide layer playing the role of a barrier against the attack of
aggressive ions from the environment [21-25]. The impact of other elements at high contents
(Co and Mn) in the bulk alloys has been rarely studied. Normally, for alloys with high
contents of Mn (range from 21 to 28 wt%), the corrosion resistance will decrease caused by
the instability of the Mn oxide in the film [26]. The high Co concentration (15%) will also
decrease the corrosion resistance of the alloys [27]. The corrosion behavior of CoCrFeNi-
based HEAs, including Al, Cu, W, Mo and Ru [28-33], has been studied. Lee et al. [28]
investigated the corrosion performance of AlIxCrFel.5MnNi0.5(x=0,0.3,0.5) HEAs in 1M
NaCl solution, and the results demonstrated that the addition of Al to the alloys reduces the
resistance to pitting corrosion. The addition of Al in the AlxCoCrFeNi(x=0,0.25,0.5,1) HEAs
had a similar effect in chloride-containing solution, with Al leading to the formation of a
porous passive film [29]. The corrosion behaviour of FeCoNiCrCux(x=0,0.5,1) HEA was
studied in sulfuric acid, and it was suggested that the corrosion resistance of the alloys was
deteriorated by the segregation of Cu resulting in galvanic corrosion [31]. The
CoCrFeNiMox(x=0.1-0.5at%) HEAs demonstrated good corrosion resistance in Cl-containing
solution due to the beneficial effect of Mo [32]. Scully et al. [33] reported excellent passivity
for 38Ni-21Cr-20Fe-13Ru-6Mo-2W HEA with the enrichment of Cr (48 at%) and small
amount of Mo (8 at%) in the oxide film. Some recent work was focused on the corrosion
behavior of CoCrFeMnNi HEA. For example, a comparison between a CoCrFeMnNi HEA
and a commercial alloy (Hastelloy® C276) in 3.5wt% NaCl solution has demonstrated an
improvement of the corrosion resistance properties for the HEA [34]. A similar comparison
with a 304 stainless steel in sulfuric acid solution, showing relatively low anti-corrosion
performance of the HEA, could be explained by a lower content of Cr oxide and large
quantity of hydroxide in the passive film. Characterization of oxidized CoCrFeMnNi HEA in
air from 500 to 900<C showed the dependence of the oxide film composition on oxidation
temperature. The oxide film is mainly composed of Mn2Os with a thin inner Cr oxide at
temperatures lower than 800<C, while at 900 <C, the oxide film was composed of Mn3O4 [35].

However, up to now, there is a limited number of investigations of the corrosion behavior of
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CoCrFeMnNi HEA related to modification of composition and structure of the surface oxide

films.

In this paper, we investigate the corrosion behavior of an equimolar CoCrFeMnNi high
entropy alloy using electrochemical measurements coupled with advanced surface
characterization techniques, including Time-of-Flight Secondary lons Mass Spectrometry
(ToF-SIMS) and X-ray Photoelectron Spectroscopy (XPS). Particularly, the composition of
the surface oxide layers (native oxide and passive films) was determined using a new XPS

approach based on the peak fitting of the 3p photopeaks.

111-2. Experimental
111-2.1 Sample preparation

Pure Fe, Co, Cr, Ni and Mn ingots (purity exceeding 99.9 wt%) were used to prepare the HEA
by high frequency electromagnetic induction melting in a water-cooled copper crucible under
He atmosphere. Before melting, samples were prepared by mechanical polishing of raw
materials. Afterwards, the ingot was shaped into a rod with a diameter of 13 mm and a length
of around 8 cm by gravity casting. The cooling rate was estimated to be about 10% K.s™.
Finally, the samples were wrapped into a tantalum sheet, and were annealed at 1373 K during
13h under a He atmosphere to limit oxidation. At the end of the annealing, the samples were
air quenched. The objective of this homogenization annealing is to eliminate the dendritic
microstructure formed during casting process. To refine the grain size, HEA samples were
rolled and then annealed at a temperature of 900C for 30min under a He atmosphere,
followed by air quenching. The average grain size of the HEA is ~ 30pm. Table I11-1 presents
the measured chemical composition of the HEA in atomic percentage (measured by scanning
electron microscopy coupled with Energy-dispersive X-ray spectroscopy (EDX)). As shown
in previous papers [6, 36], the obtained CoCrFeMnNi is a face centered cubic solid solution,

which is representative of the high temperature (i.e.: 1373 K) stable state.

Elements Fe Co Ni Cr Mn

at.% 19.8 20 19.9 20.3 20

Table 111-1 Chemical composition of the CoCrFeMnNi alloy obtained by EDX

The samples were ground with SiC paper from 320 up to 2400 grit, and then polished with
6pm, 3pm, 1pm and 0.25pm diamond suspension until a mirror like finish is obtained. They

were then cleaned in ultrasonic baths of acetone, ethanol and ultra-pure water for 10 mins, and
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dried in compressed air. The sample surfaces were mechanically polished before each

electrochemical experiment.

111-2.2. Electrochemical measurements

A three-electrode cell comprising a saturated calomel reference electrode (SCE,
+0.245V/NHE), a Pt wire as the counter electrode and a HEA sample as a working electrode
(area 1.3 cm? delimited by a Viton O ring) was used. The electrochemical measurements were
carried out at room temperature in 0.05 M H2SO4 (aq) prepared with ultra-pure water
(Millipore, resistivity 18.5Mohm.cm) pre-deaerated by Ar bubbling for 30 min. An EC_Lab
SP200 potentiostat from Bio-Logic was used. Before the potentiodynamic and potentiostatic
tests, the open circuit potential (OCP) was monitored for 30 min, corresponding to the
stabilization time of the potential. The potentiodynamic polarization tests were performed at a
potential scan rate of 1 mV.s!, and the potential range was from -800mV/SCE to
1200mV/SCE. The potentiostatic tests were carried out at 200mV/SCE, 400mV/SCE and
600mV/SCE.

111-2.3. Surface characterization

Surface analysis was performed by a combination of X-Ray Photoelectron Spectroscopy
(XPS), and Time-of-Flight Secondary lons Mass Spectrometry (ToF-SIMS).

X-ray Photoelectron Spectroscopy (XPS) analysis was performed using a Thermo Electron
Escalab 250 spectrometer, with a monochromatic Al Ka X-ray source (hv=1486.6eV)
operating at a pressure around 10° mbar. The analyzer pass energy was 50eV for survey
spectra and 20 eV for high resolution spectra. Beforehand the spectrometer was calibrated
using Au4f7/2 at 84.1eV. Spectra were recorded and analyzed using Thermo Avantage
software (Version 5.956).

Elemental depth profiles were obtained using a ToF-SIMS 5 spectrometer (IONTOF GmbH).
The spectrometer was run at an operating pressure of 10° mbar. A pulsed 25 keV Bi* primary
ion source was employed for analysis, delivering a current of 1.2 pA over a 100 x 100 pm?
area. Depth profiling was carried out by interlacing static analysis with sputtering using a 0.5

keV Cs* sputter beam giving a 17 nA target current over a 300x300 um? area.
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111-3. Results
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Fig.111-1 High resolution XPS (a) survey spectrum, (b)-(f) 2p core level spectra and (g) 3p
core level spectrum recorded for the native oxide film formed on the HEA and Auger
transitions of pure elements constituting the CoCrFeMnNi alloy

X-Ray Photoelectron Spectroscopy (XPS) is an appropriate method to investigate the
composition of nanometer-thick surface oxide films [21, 22, 37-40]. Generally, for alloys
containing Fe, Cr, Ni, Co and Mn, the 2p core level peaks are recorded with high resolution
and many references are available to study the chemical states of the analyzed elements [41-
46]. However, for the CoCrFeMnNi HEA with five elements in equiatomic ratios, new
challenges appear to analyse the XPS data due to the interference of the Auger transitions
which overlap with 2p peaks of the main elements in the alloy.

The characteristic high resolution XPS 2p core level spectra obtained for a native oxide film
formed on the equiatomic CoCrFeMnNi HEA are presented on Fig.lll-1(b)-(f). For each
spectrum, the Auger transitions of constituting elements of the HEA have been added. It is
observed that using the Al Ka X-ray source all photopeaks overlap with Auger transitions
except the Cr 2ps2 peak (Co2psr / NiLsM23sM2z and FelLsVV, Mn2pzp. / NiLsVV, Fe2pzp /
NiLsM23V and CoL3VV, Ni2pz2 / MnL3VV). An Mg Ka X ray source could be used, but
overlap with Auger transitions (Fe2ps2 / Mn LsM23Mas) still exist making quantification
difficult.

Thus, another approach based on the 3p core level peaks (Fig.ll1-1(g)) was developed to
characterize the HEA surfaces. Although the sensitivity of 3p peaks is lower than for 2p
peaks, the 3p spectra do not present overlapping with Auger peaks and the narrow energy

range for the analyzed elements allows probing the same thickness for all elements.

To develop this new approach, a new database for 3p core level spectra must be established.
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Firstly, the standard 3p core level peaks for the pure metals were recorded using pure metals

from batches used to manufacture the CoCrFeMnNi HEA. These pure metal samples were

polished with 2400 grit SiC paper, and then introduced into the XPS analysis chamber.

Samples were sputtered using an Ar* ion beam to remove surface oxides and contaminants
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and obtain metallic surfaces. High resolution XPS 3p core level spectra were recorded and
curve fitted using the Thermo Electron software Avantage with an iterative Shirley-type
background subtraction. All the parameters, including binding energy (BE), full width at half
maximum (FWHM), Gaussian-Lorentzian (GL) ratio and asymmetry factor, were
automatically adjusted by the software to best fit the peaks of pure metals. An asymmetric
function was necessary for the peak fitting of metal peaks, as expected for transition metals
(owing to the conduction electron scattering amplitude for inter-band absorption or emission
in metals, at the Fermi level[47, 48]). The detailed parameters for fitting the 3p peaks of pure
metals are shown in Table I11-2. For Ni 3p, a splitting of the metallic component is observed
(spin orbit coupling is due to the coupling between the electron spin momentum and its orbital
angular momentum). Generally, this effect is visible for p, d and f core levels but spectral

resolution can limit this splitting. It is the case here for the 3p orbitals of Cr, Mn, Fe and Co.

A similar approach based on the decomposition of the native oxide covering the pure metals
has also been used. For components characteristic of the oxide layer, a Lorentzian/Gaussian
peak shape with a fixed ratio of 30/70 was used. The detailed parameters for fitting the 3p
peaks of oxides are shown in Table 111-2.

The spectrum (35-75eV) characteristic of the 3p peaks of Cr, Mn, Fe, Co and Ni, and the peak
fitting for a native oxide film formed on CoCrFeMnNi HEA surface are presented in Fig.IlI-
2(a). This decomposition has been carried out by introducing the fit parameters determined

previously for each element (metal state and oxide state) (Table 111-2).

The Cr 3p core level spectrum is fitted with three peaks, corresponding to metallic Crmet
(BE=41.640.1eV), oxide Crox (BE=43.740.1eV) and hydroxide Crhya (BE=44.440.1eV)
chemical states. As previously indicated, the absence of overlap between the Cr 2pz; core
level spectrum and Auger transitions of other metals makes it possible to decompose the Cr
2p32 photopeak and compare the decomposition of the Cr 3p core level. Fig.111-Fi2(b) shows
the fitting of Cr 2ps/2 core level spectrum. The Cr 2ps/2 spectrum is fitted by three components
characteristic of metallic Crmet (BE=573.930.1eV, FWHM=1.25eV), hydroxide Crhyd
(BE=577.140.1eV, FWHM=2.55eV) and oxide, which is represented by five peaks, based on
the peak fitting method proposed by Biesinger [41], Crox (BE=575.740.1eV, 576.610.1eV,
577.440.1eV, 578.440.1eV and 57940.1eV, FWHM=1.05eV). In our work, the area ratio
between the 5 components of decomposed Cr 2ps/20x (Chromium oxide) has been determined
and considered as fixed for all analysed surfaces.
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Fig.111-2 XPS core level spectra for the native oxide film formed on the HEA:(a) Cr 3p, Mn
3p, Fe 3p, Co 3p, Ni 3p and (b) Cr 2ps;2. The black dots represent the experimental spectra
and the colored lines show the peak fitting.

The Co 3p, Fe 3p and Mn 3p spectra show two components representing the metallic states
Comet (BE=58.940.1eV), Femet (BE=52.740.1eV) and Mnmet (BE=46.8240.1eV), and the oxide
states Coox (BE=59.740.1eV), Feox (BE=54.740.1eV) and Mnox (BE=48.140.1eV). The
decomposition of Ni 3p into two components, Ni 3ps2 at 66.3eV and Ni 3py2 at 68.1eV only
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shows the presence of metallic nickel underneath the oxide layer. No oxidized nickel is

observed in the surface oxide layer.

To calculate the thickness of the oxide film and the chemical composition of the film and the
modified alloy layer under the oxide, a model consisting in a homogeneous and continuous
oxide layer on the sample surface, comprising Feox, Croxhyd, Mnox and Coox, and a modified
alloy layer with Femet, Crmet, MNmet, Comet and Nimet Was assumed. Based on this model, the
following 11 equations with 11 unknowns (k,dgyiqe » DXt , D}fEt, DMet  pMet  pifet

D2*,D9%, D% ,DZ%) was used :

1¥et = koyAYet DY Tyexp(— "’”de) with X=Cr, Mn, Fe, Co and Ni (equation 111-1)
19% = ko,29*DI*T, [1 — exp(— ;’;fe)] with Z=Cr, Mn, Fe and Co (equation 111-1)
DMet 4 pifet 4 pMet 4 plMet 4 pllet = pMet (equation 111-3)
DZ* + DYX + DS¥ + D2¥ = Do (equation 111-4)

with 1Y the intensity of photoelectrons (cps eV) emitted by the considered core level X in the
matrix Y, k a constant characteristic of the spectrometer, oy the photoionization cross-section
of the considered core level X, A% the inelastic mean free path of photoelectrons emitted by
the considered core level X in the matrix Y(in nm), Tyx the transmission function of the

analyse for the considered core level X, d,;q. the thickness of the oxide layer (nm) and DY

the density of the element X in the matrix Y (mol.cm) defined by DY = I’V’I—Y X x¥ with py the
Y

density of the matrix Y (g.cm™®), M, the molar mass of the matrix Y (g.mol?) and x} the
atomic percentage of the element X in the matrix Y. The py,.. value is 8 g.cm= [49, 50]. The
pox Value is taken as 5.22 g.cm, which is the density of chromium oxide, as it is shown later
that the surface oxide layer is enriched in Cr(l1l). The density of Fe2O3 would be similar (5.24
g.cm®). The values of the photoionization cross-sections (oy) at 1486.6 eV are taken from
Scofield [51] and the inelastic mean free paths (1%) calculated by the TPP2 formula [52] are
compiled in the Table I11-3.
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Core level Cr3p Mn 3p Fe 3p Co 3p Ni3p

ax 1.173 1.423 1.669 1.93 2217
Agxide () 2.6 26 2.59 2.58 2.57
Ametal (nmy 2,14 2.14 2.14 2.14 2.14

Table 111-3 Values of the photoionization cross-section (gy) and inelastic mean free paths
(A¥) used for XPS quantification

Using the intensities of the 3p peaks obtained after peak fitting and equations (1) to (4), the
thickness of the oxide layer as well as the elemental compositions of the oxide layer and of
the modified layer under the oxide (alloy/oxide interface) are determined. The results are

reported in Table 111-4.

The thickness for the native oxide film is estimated at 1.4 nm. The native oxide film presents
a strong enrichment of chromium (46.3 at%, including 26.5 at% of oxide and 19.8 at% of
hydroxide) and iron (30.3 at%) while a depletion of Co (8.2 at%) is clearly observed. No
nickel oxide is detected by XPS in the oxide layer.

In the modified metallic alloy layer under the native oxide, a depletion of metallic Cr (11.7
at%), Mn (12.5 at%) and Fe (17.1 at%) is observed, while the concentration of metallic Ni
(33.8 at%) and Co (24.9 at%) are significantly higher than in the bulk. The chromium
depletion zone in the modified alloy layer is correlated to the enrichment of chromium oxide
in the oxide film. The chromium enrichment in the oxide is due to the higher oxygen affinity
to Cr [53] (standard free energy of formation for chromium oxide (AGozgg.15¢") is -1058.067
kJ/mol [54], i.e more negative than for the other alloy elements). A Cr depleted-zone in the
alloy beneath the oxide film appears due to slow diffusion in the alloy matrix at room
temperature [55, 56].
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Fig.111-3 shows the ToF-SIMS negative ion depth profiles for the native oxide film formed on
the surface of the HEA sample. The intensity is plotted in logarithmic scale versus sputtering
time. The 84CrO, ion profile is used to define the oxide film region (ending at 84% of the
maximum intensity in the depth profile) since the chromium oxide is located throughout the
oxide film region, and the **2Fe,” ion profile is used to define the metallic region (starting at
beginning of the intensity plateau). Thus, an intermediate region is determined from 35s to
70s of sputtering. The colour dashed lines mark the limits between the oxide film, modified

alloy layer and metallic substrate.
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Fig.111-3 ToF-SIMS depth profiles for the native oxide film formed on the HEA

In the oxide region, one observes that the 88FeQ, profile peaks in the outer part of the oxide
film region and decreases slowly through the oxide. Oxidized iron is therefore mainly located
in the outer part of the film, although its presence in small amount in the inner oxide cannot
be excluded. The %1CoO; profile also has its maximum in the outer region of the oxide film,
indicating that the cobalt oxide is mainly located in the outer oxide. Furthermore, ®1CoO;
appears to peak before the maximum intensity of the 8FeO,” signals, indicating that Co oxide
is the main species at the surface. The 8CrO, profile exhibits a wide peak throughout the

whole region of the film. Oxidized chromium is thus distributed in the whole film. Finally, the
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8"MnO, profile has its maximum in the inner region of the oxide film (around 20s of
sputtering time), indicating that manganese oxide is preferentially located in the inner oxide
film region. The **NiO ion is not plotted in Fig.111-3, since its intensity is extremely low
compared to those of 84CrOy, 8FeO,, *1Co0, and 8’MnO; ions. It means that Ni oxide is

present only at trace level in the oxide film.

Focussing on the intermediate region, one can see that it is characterised by increasing
intensities of the signals of the metallic compounds (**2Fez", *®Mny’, ®Ni,” and *'#Co,") and a
fast decrease of the intensity of the signals characteristic of the oxides, i.e. MO2™ (with M=Cr,
Fe, Mn, Co), making the passage of the oxide/alloy interface. The alloy region under the
oxide is enriched in Ni and Co, as indicated by the hump in the Niz” and Co." signals. The

1%4Cr, profile shows very low intensity due to low secondary emission yield.

From ToF-SIMS observations, it is thus possible to establish the presence of a duplex oxide
structure composed of chromium, iron and cobalt oxides in the outer layer and chromium and
manganese oxides in the inner layer. Under this duplex oxide film, near the metal/oxide
interface, there is a modified alloy layer, enriched in Ni and Co. The alloy substrate can be

located for sputtering times over 70s.

111-3.2. Surface oxide film after exposure to acidic aqueous solution at the open

circuit potential
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Fig.111-4 (a) Open circuit potential evolution for the CoCrFeMnNi HEA with a native oxide
film in 0.05M H2SO4 and (b) Potentiodynamic polarization curve of the CoCrFeMnNi HEA
in 0.05M H2SO4 (scan rate of 1mV/s)

The evolution of the open circuit potential (OCP) for the CoCrFeMnNi HEA with a native
oxide film in 0.05M H2SOs electrolyte is presented in Fig.ll1-4(a). The potential exhibits a
sharp decrease and reaches its minimum value after ~1min of immersion, suggesting some
dissolution of the native film. Then the potential increases slightly to reach a stabilisation
plateau after 600s. In order to determine the chemical changes at the surface during
immersion at OCP, surfaces immersed for Imin (minimum potential), 30 and 60 min were
analysed by XPS and ToF-SIMS. The XPS data are compiled in Table I11-4 and ToF-SIMS

profiles are presented on Fig.ll1-5.

Fig.l11-5 shows ToF-SIMS depth profiles obtained on HEA samples after exposure to acidic
aqueous solution at the OCP. The general behaviour is similar to the one observed on the
native oxide. Fe and Co oxides are located in the outer layer while Mn oxide is in the inner
layer. Cr oxide is distributed in the whole film. The maximum intensity of 88FeQ," strongly
decreases with increasing immersion time (compared to the native oxide) indicating a

decrease of the iron content in the outer oxide.

The sputtering time associated to the thickness of the oxide layer is increasing from 60s to 90s
for Imin and 60min immersion in acidic aqueous solution at OCP, meaning that the thickness

of the oxide film is increasing with prolonged immersion time, which is in agreement with
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XPS data (1.4 and 2 nm, respectively).
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Fig.111-5 ToF-SIMS depth profiles for the HEA with a native oxide film after exposure to
0.05M H>SO4 at OCP for (a) 1min, (b) 30min and (c) 60min
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The immersion time in sulfuric acid has also an effect on the shape of the oxide depth
profiles. For all characteristic ions of the oxides, a slow decrease of the signal is observed in
the metallic substrate region. This indicates a roughening of the metal/oxide interface.

The chemical composition and thickness of the film and modified alloy layer for different
immersion times in 0.05M H>SO4 are reported in Table 111-4. Although the thickness of the
film after 1 minute of immersion is similar to the one of the native oxide layer, the chemical
composition is strongly modified. A sharp decrease of iron content is observed (13.9 at%
compared to 30.3 at% for the native oxide), which can be explained by the dissolution of iron
oxide during the immersion in acidic solution. The content of chromium compounds, and
particularly the chromium hydroxide, increases strongly (26.0 at% as compared to 19.8 at%
for the native oxide). For increasing immersion time at the open circuit potential, the amount
of iron in the oxide layer continues to decrease until it becomes stationary (8.7 at% after
30min and 8.0 at% after 1h), and the amount of chromium in the oxide film continues to
increase until it becomes stationary (Cr oxide: 36.5 at% for 30min and 36.2 at% after 1h; Cr
hydroxide: 31.4 at% for 30min and 32.9 at% after 1h). During the immersion, the amounts of
cobalt and manganese oxides remain nearly constant. Nickel oxide is not detected. A

thickening of the oxide layer is observed during the immersion.
111-3.3. Passivity of the HEA alloy

To further understand the reactivity of the CoCrFeMnNi HEA surfaces, different passive
layers have been elaborated by chronoamperometry in 0.05M H;SOa4. The experimental
parameters for the formation of passive layers have been determined from potentiodynamic
polarization curves in 0.05M H>SO4 solution, presented in Fig.Il1-4(b) for a scan rate of 1
mV.s™. In the anodic region, the HEA shows an anodic current peak at -250mV/SCE caused
by active dissolution, then a wide passive range from OmV/SCE to 800mV/SCE. The lowest
current density is observed at 400 mV/SCE. To investigate the passive state of the HEA, it
was maintained in 0.05M H>SOs(aq) at a passive potential until current went down to
0.1pA/cm=for three different passive potentials (200 mV, 400 mV and 600 mV). The passive
film and the alloy underneath the film were subsequently analysed by XPS, and the XPS 3p
core level spectra for the passive films formed on the HEA for three different passive

potentials are shown in Fig.111-6.
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The results of composition and thickness of the passive films, obtained from the XPS 3p core
level spectra, are reported in Table I11-4. The thickness of the passive films is found to be 1.6
nm after passivation at 200 mV and 600 mV, and 1.7 nm at 400 mV. Thus, the passivation
potential has no significant effect on the thickness of the film. In the passive film a chromium
enrichment is always observed compared to the native oxide. This enrichment is mainly
reflected in a strong increase of the chromium oxide (48.8 at% at 200 mV, 53.4 at% at 400
mV and 49.2 at% at 600 mV compared to 26.5 at% for the native oxide) while chromium
hydroxide is in average slightly lower (13.8 at% at 200 mV, 11.8 at% at 400 mV and 19.7 at%
at 600 mV) than in the native oxide (19.8 at%). The amounts of Mn and Co measured in the
passive film are similar to those measured in the native oxide. The iron content shows a strong
decrease, which was also observed at the OCP, assigned to a selective dissolution of iron

oxide.

The Cr, Mn and Fe contents in the modified alloy layer under the passive film are found to be
around 16 at%, 15 at% and 18 at%, respectively. This shows a slight depletion of Cr, Mn and
Fe in the modified alloy layer compared to the contents in the bulk. The concentrations of Co
in the modified alloy region are found to be around 20 at%, i.e. similar to the Co bulk content.
The Ni contents in the modified alloy layer reach 29 at%, revealing a strong Ni enrichment
under the oxide compared to the bulk (20 at%). The composition of the modified alloy layer
under the passive film is similar to the one of the native oxide. It is to be noted that despite the
stronger enrichment of chromium oxide in the passive film compared to the native oxide, the
content of Cr (16 at%) in the modified alloy layer is slightly higher than that for the native
oxide (12 at%). This is related to the passivation process in which there is no dissolution of

Cr, whereas Fe is dissolved.

Table 111-4 also shows the composition and thickness obtained for the passive film formed at
400mV at different passive currents. Increasing the passivation time at 400mV causes a
decrease of the passive current. The passive film was analysed at three different stages
(10pA/cm=2(45s), 1pA/cm=2(530s) and 0.1pA/cm=(4600s)). The thickness of the films
remains unchanged (1.6 nm) with increasing passivation time (decreasing passive current). As
for the concentration of the oxides in the film, the contents of Mn oxide (11 to 13 at%), Fe
oxide (14 to 16 at%), Co oxide (5 at%) do not change significantly during prolonged
passivation. The marked modification occurring in the film during the passivation is the
increase of the Cr oxide (from 35.5 at% to 53.4 at%) combined with the decrease of the Cr

hydroxide (from 32.2 at% to 11.8 at%), indicating dehydroxylation during the passivation
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process. In the modified alloy layer, the fractions of metallic Cr (16 at%), Mn (16 at%), Fe
(18 at%), Co (21 at%) and Ni (29 at%) are stable.
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Fig.111-7 ToF-SIMS depth profiles for the passive film formed on the HEA at 400 mV/SCE in
0.05M H>S0O4 (Passivation time:4600s; passive current:0.1jA/cm=F

Fig.111-7 shows the ToF-SIMS depth profile for the passive film formed on the CoCrFeMnNi
HEA sample after passivation for 4600s in 0.05M H>SOa4(aq) at 400 mV/SCE.

As previously, the depth profiles can be splitted into 3 regions corresponding to the passive
film, the modified alloy and the metallic substrate. After passivation, the structure of the oxide
film is not modified. The ®Co0O, and ®FeO, signals in the outer oxide show a lower
intensity, indicating a lower Co and Fe concentration; the oxides of the other elements remain

unchanged. As for the modified alloy layer, a slight Ni enrichment is observed.
I11-4. Discussion

In this work, XPS and ToF-SIMS have been used to determine the nature (chemical
composition) and thickness of different oxides (native oxide, passive layers) formed on the
surface of a CoCrFeMnNi HEA. The native oxide presents an enrichment of Cr3* (46.3 at %)

and Fe3* (30.3 at%) while passive films comprise mainly Cr®* (>60%). In all cases, Ni oxide
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is not detected by XPS. The chromium enrichment in the oxide layer is in agreement with the
Gibbs standard free energy of formation (AGazes.15k") for Cr203, which is -1058.067kJ/mol, i.e.
much more negative than for Fe>Os (-742.294 kJ/mol), MnO: (-465.138 kJ/mol) and CoO (-
214.198 kJ/mol) [54].

A duplex layer covers the substrate. Fe and Co are located preferentially in the outer layer,
Mn in the inner layer. Cr is distributed in the whole film. A modified alloy layer, enriched in

Ni, is observed under the oxide film.

After exposure of the alloy covered by the native oxide to acidic aqueous solution at OCP, the
CoCrFeMnNi HEA shows a marked dissolution of Fe oxide from the film, in agreement with
others [57]. The amounts of Cr oxide and hydroxide in the film are increased after immersion
for 60 min. This is explained by the slow dissolution rate of Cr compared to Fe oxide in the
acid media [22, 38]. Despite the dissolution of species in sulfuric acid, the thickness of the
film is increased after immersion. There is a balance between dissolution of the species and
growth of the oxide which seems to bring a stationary thickness after ~30 min of immersion.

The thickening of the oxide film is observed by both XPS and ToF-SIMS measurements.

The passivity of the HEA at different passive potentials (200mV, 400mV and 600mV) has
been studied. The XPS characterization has shown that the passivation potential has a weak
effect on the composition and thickness of the oxide layer and modified alloy layer. The
studied passive films are found to be enriched in Cr species, particularly Cr oxide, compared
to the native oxide film. The contents of Mn and Co oxides in the passive films are similar to
that in the native oxide film. Much less Fe oxide is observed in the passive film after
passivation, which is consistent with the high dissolution of Fe oxide in the acidic solution.
The total thickness for the passive films is found to be 1.6-1.7 nm, which is of the same order
of magnitude as the thickness of the passive film (1.5-2 nm) on stainless steel after
passivation in sulfuric acid [22, 58]. During passivation at 400 mV in sulfuric acid, the main
modification of the composition observed in the passive film is the increase of Cr oxide and
decrease of Cr hydroxide. Considering that the total content of Cr species (Cr oxide and
hydroxide) in the film is stationary, the passivation process is correlated to the transformation
of Cr hydroxide into Cr oxide. This transformation process is also responsible for the decrease
of passive current. This passivation mechanism has been already proposed by Marcus et al.
[38] for the passivation of stainless steel. The thickness of the film is maintained at 1.6-1.7
nm, hence the passivation time has no significant effect on the thickness of the passive film,
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which has already been verified by Maurice et al. [22] for Fe-17Cr-14.5Ni-2.3Mo stainless
steel.

I11-5. Conclusions

XPS, ToF-SIMS and electrochemical measurements were combined in order to study the
corrosion behavior of the equiatomic CoCrFeMnNi high entropy alloy, with emphasis on
characterization of the native oxide and passive films. A new XPS approach based on the
analysis of 3p core level spectra has been developed. The parameters for fitting the 3p core
level peaks of pure metals were used as reference for fitting the XPS 3p spectra for the oxide
covered high entropy alloy. The decomposition of Cr 3p core level peaks into oxide and
hydroxide have been verified by fitting also the Cr 2p spectra.

For all studied oxide films (native oxide and passive films), a duplex structure is observed.
Cr** is distributed in the whole film, while Fe and Co oxides are located preferentially in the
outer layer and Mn oxide in the inner layer. Ni is not observed in the oxide layer. A modified

metallic layer is observed under the oxide, with a significant enrichment of nickel.

During immersion in sulfuric acid at OCP, a selective dissolution of iron oxide combined with
an increase of the chromium hydroxide is clearly demonstrated. Mn and Co oxide contents

and locations in the film are not significantly modified.

After passivation of the HEA, an increase of chromium content is observed in the passive
film. The transformation from Cr hydroxide to Cr oxide (by dehydroxylation) is observed for

increasing passivation time.
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Chapter IV
Thermal stability of the passive film formed on 316L stainless steel
surface studied by ToF-SIMS

This chapter reproduces the final preprint of an original article published in the journal of
Corrosion Science with the reference:

L. Wang, A. Seyeux, P. Marcus, Thermal stability of the passive film formed on 316L stainless
steel surface studied by ToF-SIMS, Corrosion Science. (2019) 108395.
https://doi.org/10.1016/j.corsci.2019.108395

Abstract

The modifications of the passive film formed on 316L stainless steel surface during stepwise
heating in ultra-high vacuum up to 300<C have been studied in situ by ToF-SIMS. The pre-
formed passive film (in 0.05M H,SO,) has a bilayer structure, comprising Fe-rich, Mo-rich
(outer) and Cr-rich (inner) layers. Below 100<C, the passive film is stable. At 100T - 250<C,
dehydroxylation and dehydration is observed. Above 250<C, the main modification in the film
is formation of chromium oxide at the expense of oxidized iron. At higher temperature, thicker
Cr-rich inner layer with sharper inner/outer oxide interface is formed.

IV-1. Introduction

Stainless steels are employed in a wide range of technical applications due to the formation of
a protective surface oxide layer, that can provide high corrosion resistance of the material in
aggressive environments [1, 2]. The passive films formed on stainless steel surfaces, typically
a few nanometres thick at room temperature, are known to be duplex with an outer layer rich
in iron oxide while the inner layer is enriched in chromium oxide [3, 4]. The corrosion
resistance of the surface depends mainly on the chromium rich inner oxide, which serves as a

barrier against the attack of aggressive ions from the environment [5, 6].

The formation of oxide film on the stainless steel surface at different temperatures has been
widely studied. The oxidation temperature and the oxygen pressure are the two key factors
influencing the oxidation rate and the composition of the oxide film on SS alloys. Oxidation
of SS surface in air at most temperatures (temperatures lower than 800<C), leads to the
formation of a duplex oxide layer, consisting of an outer iron oxide and an inner chromium

rich layer [7, 8]. Under reduced oxygen partial pressures (lower than 10-3 mbar), at oxidation
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temperatures above 800<C, chromium oxide is the predominant layer on the stainless steel
surface [9, 10], while for the oxide films formed at temperatures lower than 400<C, both the

iron and chromium oxide were reported to grow on the SS surfaces [11-14].

Heating the SS at high temperatures in vacuum, may lead to modifications of chemical
composition and structure in the alloy at the metal/oxide interface, such as phase
transformation as already shown in the literature [15, 16]. Many phenomena, including
diffusion, selective oxidation and evaporation of elements, are ongoing in the process of
vacuum annealing of SS [17, 18]. It is well known that the vacuum annealing for stainless
steel at high temperatures (above 1000 <C) will produce a marked chromium depletion zone in
the alloy surface under the oxide film because the selective evaporation rate is much faster
than the bulk diffusion rate of chromium [18, 19]. For vacuum annealing of SS at intermediate
temperatures [17, 20], about 400<TC to 800, the evaporation rate of chromium oxidized at
the surface is strongly reduced, and a strong chromium enrichment could be observed in the
alloy surface under the oxide film. Studies of vacuum annealing of stainless steel, especially
under ultra-high vacuum (pressure lower than 10° mbar), at relatively low temperature (lower

than 300<C) are still under discussion.

Native oxide films, formed in air on stainless steel surfaces, have been studied in the past,
especially thanks to UHV techniques like XPS and ToF-SIMS [2, 21-24]. Among these
studies, very few have focused on the thermal stability of native oxide films during annealing
under UHV [25-27]. Asami et al. [25] have used XPS spectroscopy to study the modifications
of the native oxide film for a series of Fe-Cr alloys by UHV annealing up to 380<C. When the
temperature is higher than 300<C, the authors showed the iron oxide reduction and the
modification of the chromium oxidation state in the oxide film. Castle et al. [26] used the
energy loss features within XPS spectra to study the oxidation and subsequent vacuum
annealing of an Fe/Cr alloy at 200-300<C. An iron oxide reduction and chromium oxide
formation were observed. Recent in situ measurements, performed by Bouheida et al. [27] on
Fe-12Cr alloy, show that annealing in UHV with a thermal ramp rate of 2<C/min up to 550 C,
leads to iron oxide reduction due to chromium oxidation. Although XPS can provide
information on composition changes after heat treatment, the evolution of the oxide film
structure is not obtained with XPS after set temperature. ToF-SIMS is a promising way to

study the thermal stability of the oxide structure during the stepwise heating.

The aim of the present work was to investigate the thermal stability and the modification of
pre-formed passive films on 316L stainless steel up to 300 <C in ultra-high vacuum (UHV). To

90



this end, 316L SS were electrochemically passivated in H2SO4 and then annealed in UHV by
increasing step by step the temperature, from room temperature up to 300 <C. The stability of
the passive oxide film has been monitored in situ during heating, and modifications of the

composition and structure of the oxide films have been analyzed by ToF-SIMS.

IV-2. Experimental
IV-2.1. Sample preparation

A Fe-19Cr-13Ni-2.7Mo (wt%) polycrystalline sample was used. The samples were
mechanically polished down to 0.25um with diamond paste and then washed with acetone,
ethanol and water in ultrasonic bath for 10 mins. The samples were then dried in compressed

air.

A Gamry electrochemical workstation was used for electrochemical experiments. The
electrochemical passivation was performed with a standard three-electrode configuration with
an Au counter electrode and a saturated calomel electrode as the reference electrode. The
electrolyte was 0.05M H2SO4 prepared with ultrapure chemicals (VWR®) and Millipore®

water. Before measurement, the solution was deaerated by Ar bubbling for 30 minutes.

IV-2.2. ToF-SIMS investigation

ToF-SIMS depth profiles were obtained using a ToF-SIMS 5 spectrometer (IONTOF GmbH -
Germany). The spectrometer was run at an operating pressure of 10° mbar. The total primary
ion flux was less than 102 ions.cm™ ensuring static conditions. A pulsed 25 keV Bi* primary
ion source was employed for analysis, delivering 1.2 pA current over a 100 x 100 um? area.
High current bunched mode was used in order to get high mass resolution (AM/M ~10 000).
Depth profiling was carried out by interlacing secondary ion analysis with sputtering using a
0.5 keV Cs* sputter beam giving a 17 nA target current over a 300 x 300 um? area. Both Bi*
and Cs* ion beams were impinging the sample surface at an angle of 45°and were aligned in

such a way that the analyzed ions were taken from the center of the sputtered crater.

Data acquisition and post-processing were performed using the lon-Spec software. The exact
mass values of at least 5 known species were used to calibrate the data acquired in the

negative ion mode.
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Species Characteristic ion

Hydroxide (OH)y

Metallic Fe Fe,

Metallic N1 Ny
Iron oxide °FeOy”
Chromium oxide 3Croy,
Molybdenum oxide %MoO5”

Table 1V-1 ToF-SIMS characteristic ions used to characterize the composition and structure
of the oxide film formed on 316L SS

ToF-SIMS depth profiles were used to determine the composition and structure of the passive
film, and to study its thermal stability. The characteristic ions were selected as shown in Table
IV-1. It should be noted that the selected ions do not reflect the real stoichiometry of the
species constituting the sample, but are the appropriate markers of the studied species. Since
ToF-SIMS is a non-quantitative technique (due to strong matrix effect on ion emission), the
intensity of the plotted ions in the depth profiles cannot be compared directly and do not
reflect the concentrations of the associated species in the substrate. However, variations of a
single signal reflect in depth variations of the concentration. The depth profiles are plotted
versus the sputtering time, and the sputtering time directly translates into oxide thickness.
The oxide sputtering rate was determined by measuring, with a mechanical profilometer
(Dektak 150, Veeco, Veeco-Instrument Europe, Dourdan, France), the depth of various
craters after depth profiling. Assuming a similar oxide composition and density, a 0.04 nm/s

sputtering rate was measured.
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IV-3. Results and discussion

IV-3.1. Passive film formation and analysis
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Fig.1V-1 Polarization curve of the 316L SS in 0.05M H,SO4 with a scan rate of 1mV/s

Fig.IV-1 shows the polarization curve obtained on 316L stainless steel in 0.05M H2SOg4
aqueous solution with a scan rate of 1mV/s. Within the passive range (-0.1 ~ 0.8V/SCE), the
lowest current is obtained at 0.4V/SCE, corresponding to the lowest dissolution rate of
metallic ions in the solution. The oxide film formed at this potential shows the highest
corrosion resistance. Maurice et al. have already demonstrated that the strong enrichment in
chromium in the passive film formed in sulphuric acid, compared to the native oxide, is the
result of the extremely low dissolution rate of Cr(lll1) oxide compared to the one of
Fe(I)/Fe(111) oxides [21]. In this study, a static polarization potential (0.4V/SCE) was applied
on the 316L SS for 1h in 0.05M H2SO4 aqueous solution to obtain a protective passive film on
the sample surface.

Fig.IV-2 shows the ToF-SIMS negative ion depth profiles for the passive film formed in
0.05M H2SO04 (aq) at 0.4V/SCE for 1h on the 316L SS. To study the thermal stability of the
electrochemically pre-formed oxide film, the position of the metal/oxide interface on the ToF-
SIMS depth profiles is crucial to extract the structure and composition of the oxide. The
3CrO, ion profile is used to define the oxide film region (ending at 80% of the maximum
intensity of the depth profile) due to the duplex structure of the film with chromium enriched
inner layer, and the *Fe,™ ion profile is used to define the metallic region (starting at 80% of
the intensity plateau). An intermediate region is determined in Fig.IV-2 from 60s to 100s of

sputtering. This region characterized by a hump in the ®Ni™ signal, is assigned to a modified
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alloy layer under the oxide film in the vicinity of the oxide-metal interface. In this
intermediate region, the progressive increase of the *°Fe,” signal indicates, in contrast with the
®8Ni," signal, a depletion in metallic Fe gradually disappearing. Thus, the alloy is enriched in

Ni and depleted in Fe close to the metal/oxide interface.
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Fig.1V-2 ToF-SIMS depth profiles of the passive film formed on 316L SS surface in 0.05M
H>S04 (aq) at 0.4V/SCE for 1h. The colour lines mark the limits between oxide film,

modified alloy layer and metallic substrate region

Focusing on the *FeO, and ®MoOs" signals, the depth profile shows that their maxima are
located in the outer part of the passive film and they decrease slowly through the oxide film
region. Oxidized Fe and Mo are therefore mainly located in the outer part of the film,
although they are also present in the inner oxide. The 53CrO; profile exhibits a maximum
intensity in the inner part of the film. Oxidized chromium is thus preferentially located in the
inner part, close to the metal/oxide interface. The *®NiO;" ion is not plotted in Fig.IV-2, since

its intensity is too low, meaning that Ni oxide is present only as traces in the oxide film.
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IVV-3.2. The model for the composition of passive film
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Fig.1V-3 The model for the passive film formed on 316L SS surface in 0.05M H2SO4 (aq) at
0.4V/SCE for 1h

Based on the ToF-SIMS depth profiles data, a model for the passive film and the alloy
underneath the oxide is presented in Fig.IV-3. In the model, it is considered that the passive
film formed electrochemically is duplex with iron and chromium mainly in the outer and
inner layers, respectively. Molybdenum oxide is mainly located in the outer part of the film.
Nickel oxide is present only at trace amount. In a modified interfacial alloy layer, metallic
nickel is enriched, compared to the metallic substrate. The model also suggests that the

interfaces are not sharp.

IVV-3.3. Thermal stability of the passive film
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Fig. I'V-4 Scheme for studying thermal stability of the passive film in UHV as a function of

temperature and heating time (The color symbols on each temperature step indicate the time
at which ToF-SIMS depth profiles were acquired)
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The thermal stability of the passive film in vacuum was studied in situ by ToF-SIMS. Fig.lV-

4 shows the scheme used for the thermal treatment given to the passive oxide film under UHV
in the ToF-SIMS analysis chamber. After passivation of the 316L SS sample (0.4V/SCE in
0.05M H2SO4 for 1h), it was introduced in the ToF-SIMS analysis chamber under a base

pressure lower than 10° mbar. The experiments were performed through stepwise heating

from 50C to 300C with steps of 50<C. The temperature of 280<C was added in the

experiments since under relatively high temperature, even slight increase of the temperature

could cause modifications of the composition and structure of the passive oxide. After each

temperature step, ToF-SIMS depth profiles were acquired for heating times of 1 minute, 5

minutes, 15 minutes and 30 minutes. Each profile was obtained on a new area of the sample

surface.
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Fig.IV-5 ToF-SIMS depth profiles of >3CrO.", *®*Fe0, and ®Mo0s" at (a) 50T, (b) 150, (c)
250<C and (d) 300 <C for different heating times. (The intensities are normalized by the
intensity of Fez™ in the substrate)

Fig.IV-5 shows the 3CrO2", *FeO; and ®MoOs” ToF-SIMS depth profiles recorded on the
passive film heated up to 50C, 150<C, 250C and 300<C for different heating times.
Although all the temperatures indicated in Fig.IVV-4 have been investigated, only the data for
these 4 temperatures are discussed here since no strong change occurred on the passive film at
the other intermediate temperatures. The depth profiles of Ni>” and Fe>™ ions are not included

in Fig.IV-5, since they were unchanged during heat treatment.

As observed in Fig.IV-5(a), when the sample is heated up to 50C and maintained at this
temperature for 1, 5, 15 and 30 min, the shapes of >3CrO,, *FeO, and ®MoOs™ profiles are
not significantly modified as compared with the profile obtained at room temperature. This
demonstrates that the native oxide layer is stable at 50<C, with a duplex structure formed by

an Fe and Mo rich outer oxide and a Cr rich inner oxide.

Upon heating at 150<C in vacuum, the separation between outer layer composed of Fe oxide
(*®Fe02) and Mo oxide (®®Mo0Os) and inner layer composed of Cr oxide (**CrO) is
enhanced. The inner oxide/outer oxide interface becomes sharper as shown by the sharper
decrease of both the ®®Mo0s and **FeQ, signals after heating at 150 T (Fig.IV-5(b)).

At temperatures higher than 200<C, as showed in Fig.IV-5(c) for 250<C and (d) for 300<C, the
%Fe0; and *®Mo0s™ depth profiles show again maxima of intensity located in the outer part
of the oxide film. However, for the *FeO. signal, a clear plateau of lower intensity is
observed in the inner chromium oxide rich layer and then a sharp decrease when going

through the oxide/alloy interface.

Although the >3CrO, depth profiles remain high in the inner part of the oxide film, the
intensity ratio between the 53CrO,™ and %®FeO;" in the inner oxide region (taken around 40s of
sputtering on Fig.I\V-6(b)), is decreasing from 2.3 at 50C to 1.3 with increasing the
temperature up to 200<C. The modification of the >3CrO,/*°FeQ ratio demonstrates the
modification of the inner oxide layer. To understand this evolution, one also has to look at the
OHy species. Fig.IV-6(a) shows the ToF-SIMS depth profiles of the OH>™ species as function
of temperature. The intensity maxima of the OH>™ signal remarkably drop from 0.8 at 50<C to
0.2 at 200<C. The composition of the passive film formed in 0.05M H>SO4 (aqg) has already
been studied by Maurice and Marcus [6, 21]. It was shown that the passive film formed at
room temperature contains 6% of iron hydroxide, 23% of chromium hydroxide, and about

97



10% of water ligand. Thus, the evolution of OHy is assigned to the decomposition of
hydroxides and dehydration. The decreasing of the >*CrO,/°°FeOQ;" ratio in the inner oxide
with increasing temperature is assigned mainly to the decomposition of Cr hydroxide (a major

constituent of the inner oxide at low temperature) yielding Cr oxide.
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Fig.1VV-6 ToF-SIMS depth profiles as function of temperature after 30 mins at each
temperature: (a) OH,™ secondary ion, (b) >3CrO,/*®FeQ; intensity ratio, and (c) ®*MoOs"
I’ FeQ, intensity ratio. (In (a), the intensity is normalized by the intensity of Fe;™ in the

substrate)

Although dehydroxylation and dehydration have been showed this effect cannot explain the
modification of the °FeO, and °3CrO, depth profiles and the sharpness of the inner
oxide/outer oxide interface. Looking more precisely at the 3CrO,/*®FeO;" ratio, one observes
that it decreases with increasing temperature up to 200<C. When the temperature is increased
over 250C, the *CrO2/*°FeQ; ratio increases from 1.3 to 2.4. This indicates that the inner
oxide becomes more concentrated in Cr. This effect may be due to the increase of Cr diffusion
from the metallic substrate to the passive film. Cr being more reactive towards oxygen, the

higher concentration of Cr in the inner part of the oxide is related to the reduction of the Fe
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oxide to form Cr oxide according to the reaction Fe2O3+2Cr—Cr20s+2Fe. This mechanism is
in agreement with the standard free energy of formation (AG500k") of chromium oxide and
iron oxide (-1004.265 kJ/mol and -687.720 kJ/mol, respectively [28]), and Ellingham
oxidation-reaction plot [29-31]. The bilayer structure of the oxide film becomes more marked
with an outer oxide that is almost exclusively comprised of Fe oxide and an inner oxide that is
almost exclusively comprised of Cr oxide. This also correlates to the modification of the inner
oxide / outer oxide interface that becomes sharper when increasing the temperature. Thus, two
effects linked with the increase of the temperature have been shown, the first one, which is the
main effect at temperatures lower than 250<C, is the dehydroxylation and dehydration of the
oxide film, and the second one, that is the main effect at temperatures over 250<C, is the Fe

oxide reduction due to bulk Cr diffusing into the inner part of the oxide.

In Fig.IV-6(c), the ®®Mo0O3/°°FeQ;" intensity ratio shows only minor changes up to 250<C.
Above 250<T, there is a marked increase of the ®MoQ3/°°FeQy; intensity ratio, from 0.9 at
250<C up to 1.4 at 300<C. This is also assigned to the formation of molybdenum oxide and
reduction of iron oxide. This is similar to the formation of chromium oxide but at higher
temperature. This effect is assigned to molybdenum diffusing from the metallic substrate and

being oxidized at the expense of iron oxide.
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Fig.IVV-7 The thickness of the passive film as a function of heating temperature and time
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Fig.IV-7 shows the changes of the passive film thickness as a function of heating temperature
and time. The passive film thickness remains constant at 2 nm up to 100<C. At higher
temperature (up to 250<C), the passive film thickness gradually decreases to 1.6 nm. This
change is assigned to the decomposition of the hydroxide and removal of water ligands
present after passivation in sulphuric acid. According to the density of chromium oxide and
iron oxide (5.22 g/cm?® and 5.24 g/cm®), and those of chromium hydroxide and iron hydroxide
(3.11 g/cm? and 3.4 g/cm®), the decomposition of hydroxide to oxide will result in a denser
and thinner film as observed on Fig.I\V-7. Above 200<C, the passive film composition and
structure seem more stable, as indicated by the very limited change in oxide film thickness in
the 200<C - 300<C (from 1.6 nm to 1.4 nm). This slight film modification in this temperature
range is related to the formation of chromium and molybdenum oxide, and reduction of iron
oxide. According to the density of Mo(IV) oxide (6.47 g/cmq), Cr oxide and Fe oxide, the
formation of Mo oxide and reduction of Fe oxide will lead to a denser film. In addition, the

formation of Mo oxide will consume more Fe oxide due to its higher stoichiometry.

According to the results above, a model for the evolution of the passive film formed on 316L

SS during step by step heat treatment in UHV is proposed in Fig.IV-8.
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Fig.1V-8 Model for the passive film evolution during UHV heat treatment

After heat treatment at 300<C, the outer layer of the passive film is rich in iron oxide, with a

small amount of molybdenum oxide. The inner part of the passive film is mainly comprised of
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chromium oxide. The interface between the outer and inner oxide layer becomes sharper

compared to the film formed at room temperature.

IVV-4. Conclusions

The thermal stability of the passive film formed on 316L stainless steel surface in 0.05M
H>SO4 (aq) at 0.4V/SCE has been investigated through step by step heating in UHV up to
300<C by means of ToF-SIMS. The pristine passive film on the 316L stainless steel presents a
bilayer structure. The outer layer is enriched in iron oxide and molybdenum oxide while the
inner layer is rich in chromium oxide. The interface between these outer and inner layers is

not sharp, meaning that some iron oxide is distributed in the inner region.

At temperatures below 100<C, the passive film is stable and the composition is not modified.
At heating temperatures higher than 100<C, the inner oxide/outer oxide interface of the
passive film stars to become sharper. The temperature of 250<C is a critical point. In the
temperatures range between 100C and 250<C, the main change in the passive film is the
decomposition of hydroxide (mainly the Cr hydroxide) and removal of the water ligands,
giving a higher chromium oxide content. At temperatures above 250<C, the main change on
the passive film is the reduction of Fe oxide caused by bulk Cr diffusing into the inner part of
the oxide. The thickness of the passive film (2 nm) is not changed at heating temperatures up
to 100<C. Then, at higher temperature (up to 250<C), the passive film thickness gradually
decreases to 1.6 nm, which corresponds to the dehydroxylation and dehydration of the oxide
film. Very limited change in the film thickness is observed at temperatures higher than 250<C
(from 1.6 nm to 1.4 nm). This slight film modification in this temperature range is assigned to

the formation of chromium and molybdenum oxide, and reduction of iron oxide.

The passive film, after stepwise heating in UHV, still exhibits a bilayer comprising Fe oxide
and Mo oxide in the outer film, and Cr oxide in the inner part. The content of Cr oxide in the
film becomes higher than in the pristine passive film. The interface between the outer and

inner oxide layer becomes sharper compared to the film formed at room temperature.
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Chapter V
lon transport mechanisms in the passive film formed on 304L

stainless steel studied by ToF-SIMS with 80 isotopic tracer

This chapter reproduces the final preprint of an original article published in Corrosion
Science:

L. Wang, S. Voyshnis, A. Seyeux, P. Marcus, lon transport mechanisms in the passive film
formed on 304L stainless steel studied by ToF-SIMS with %0 isotopic tracer, Corrosion
Science. (2020) 108779. https://doi.org/10.1016/j.corsci.2020.108779

Abstract

The ion transport in the pre-formed passive film on 304L stainless steel surface has been
investigated by in situ ToF-SIMS with isotopic tracer. The passive film, formed
electrochemically in sulfuric acid, has a bilayer structure with outer iron oxide and inner
chromium oxide layers. Further exposure of the passive film to '*O, gas (isotopic tracer)
at 300°C reveals that outward cation diffusion is the governing ion transport mechanism
for the oxide growth. The parabolic rate constant for the oxide growth was determined.
The cation diffusion coefficient is found to be markedly higher than the oxygen diffusion
coefficient.

V-1. Introduction

Stainless steels (SS) are widely used in many industries, including energy (from nuclear to
solar power plants), spacecraft, pulp and paper industry, due to their high corrosion resistance,
which is assigned to the nanometer thick oxide film naturally formed on the surface [1-6]. The
composition and structure of the oxide film formed on SS surface has been extensively
studied [7-14]. The results revealed that oxide film exhibits a bilayer structure with an iron
rich outer layer and a chromium rich inner layer. The surface oxide film is known to play a
key role in the corrosion resistance of metals and alloys. Thus, the understanding of their
nature, structure, composition and growth kinetics is important and requires a detailed
knowledge of the ion-transport mechanisms [15-17]. Until now, there is still a lack of data on

the ion transport process in the oxide film formed on stainless steel surfaces.

Oxidation kinetics of metals or alloys are controlled either by the diffusion of cation species

(outward diffusion of metallic ions through the oxides) [18] or anion species (inward oxygen
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diffusion) [19]. Mechanisms including both cation and anion diffusion have also been
reported [20, 21]. Using Time of Flight Secondary Ions Spectrometry (ToF-SIMS), an isotopic
tracer, such as 180, can be used to identify the predominant ion transport during surface
oxidation, by exposing the sample to a ‘labelled’ '*0, atmosphere. Determination of the 30,
tracer specific distribution in the grown oxide layer can disclose the mobile species in the
oxidation process [22]. Graham et al. [19] and Poulain et al. [23] have investigated the ion
transport in Cr20;3 oxide film. Both works used the “two oxidation step procedure” consisting
in the successive use of the two oxygen isotopes ('°O and '*0), the position of each oxide
being determined by SIMS. In Graham’s work, the oxidation of clean polycrystalline and
monocrystalline (100) Cr metallic surfaces at temperatures above 800°C was studied. The first
oxidation in dry and low 80, gas followed by re-oxidation in low pressure '°O, gas, allowed
the authors to conclude that under the temperature and pressure conditions used, the oxide
film grows by outward cation diffusion. In Poulain’s work, the Cr metal oxidation was
performed in situ at 300°C in the ToF-SIMS main chamber (the native oxide being reduced by
successive sputtering annealing prior to the oxidation). A first low 'O, pressure oxidation was
followed by a low pressure re-oxidation with pure '*0, gas. The use of isotopic tracer
revealed that the new 18-oxide was formed at the inner metal/oxide interface indicating that
the oxidation process is governed by anion diffusion under the conditions used. The different
ion transport mechanisms in the growing chromium oxide may be assigned to the oxidation
temperature and pressure ranges which may affect the crystal structure, the defect type in the
oxide [24, 25] and the intra or transgranular nature of ion transport. The two-stage oxidation
method using oxygen isotopes has also been applied to study the ion transport mechanisms in
the oxide film of pure Zr at 450K, and oxygen transport was found to be the governing
oxidation process [26]. More recently, the high temperature oxidation mechanisms for Ni-
based alloys, including Alloy 600 [27] and Hastelloy BC-1[18], have been investigated in situ
by ToF-SIMS with oxygen isotopic tracer. Anion diffusion was found to be the dominant ion
transport mechanism for Alloy 600, whereas cation diffusion is the governing oxidation

mechanism for Hastelloy BC-1 alloy.

Measurements of ion transport mechanisms in the oxide film formed on Fe-Cr based alloys
are limited, and mainly focused on the ion diffusivities in the oxide scales at high
temperatures (above 700°C) [28-33]. These data were performed by depositing the isotopic
markers (**Cr and 3’Fe) on the oxidized surface of the alloy followed by diffusion annealing.

Lobnig et al. [28] determined cation diffusivities in the oxide film on Fe-20Cr and Fe-20Cr-
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12Ni at 900°C. Sabioni et al. [31-33] studied the ion diffusion in the oxide films grown on
different alloys (AISI 304 austenitic stainless steel, AISI 439 ferritic stainless steel and a
ferritic Fe-15Cr alloy), between 750°C and 900°C, in air, and the ion diffusivities in the oxide
scales of these steels were calculated. Although these works provide values of ion diffusivity

in the oxide film, they do not elucidate the ion transport processes during oxide growth.

The aim of the present work was to investigate the ion transport process in a pre-formed
passive film on 304L SS. The 180 isotopic tracer was used for in situ ToF-SIMS re-oxidation

experiments to investigate the ion transport process in the passive film.

V-2. Experimental
V-2.1. Sample preparation

Polycrystalline austenitic 304L stainless steel, purchased from Goodfellow company, with
annealed state, was used. The alloy composition is Fe-18%Cr-10%Ni (wt%). The sample
surface was mechanically polished down to 0.25 pum with diamond paste and then
successively washed with acetone, ethanol and water in ultrasonic bath for 10 mins. The
sample was then dried in compressed air, and finally a controlled passive film was formed

electrochemically on the surface.

A Gamry electrochemical workstation was used for electrochemical experiments. The
electrochemical passivation was performed with a standard three-electrode configuration with
an Au counter electrode and a saturated calomel electrode as the reference electrode. The
electrochemical passivation was done in 0.05M H2SO4 prepared with ultrapure chemicals
(VWR®) and Millipore® water. Before measurement, the solution was deaerated by Ar

bubbling for 30 minutes.
V-2.2. ToF-SIMS investigation

ToF-SIMS depth profiles were obtained using a ToF-SIMS 5 spectrometer (IONTOF GmbH
— Minster, Germany). A pulsed 25 keV Bi* primary ion source was employed for analysis,
delivering 1.2 pA and 0.1 pA currents over a 100 % 100 um? area. The pulsed primary ion
beam was used in the bunched mode, with pulse width of 1.2 ns, providing a resolution
M/dM=7500. The Bi" primary ion source with 0.1 pA current was used to get the depth
profiles of oxygen signals (**0- and *20"), since higher current will result in the saturation of

oxygen signals on the detector. In this paper, all the oxygen depth profiles (**0" and 20)
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were obtained with low Bi* current (0.1pA), whereas the depth profiles of all the other ion
signals were obtained with higher Bi* current (1.2 pA) to get higher signals. Depth profiling
was carried out by interlacing primary beam with sputtering using a 0.5 keV Cs* sputter beam
giving a 17 nA target current over a 300 x 300 pm? area. Cs* beam was used for sputtering
due to its contribution to the secondary ionization yield. Both Bi* and Cs* ion beams were
impinging the sample surface at an angle of 45=and were aligned in such a way that the
analyzed ions were taken from the centre of the sputtered crater.

Species Characteristic ion
Metallic Fe Fey
jﬁ;;‘rl:t‘; Metallic Ni Niy
Metallic Cr Cry
Oxide/Hydroxide 160- / 16OH-
Pre-formed oxide (160) Iron oxide Fel60, ; Fe, 1505
Chromium oxide Crl6Q,-
Oxide o)
Newly-formed oxide (1%0) Iron oxide Fel8Q,
Chromium oxide CrifQy

Table V-1 ToF-SIMS characteristic ions used to characterize the composition and structure of
the oxide film formed on 304L SS

ToF-SIMS depth profiles were recorded to determine the composition and layer structure of
the passive film. The characteristic ions were selected as shown in Table V-1. The pre-formed
iron oxide is associated to two different characteristic ions (Fe'®O2” with high intensity and
Fe,'%05” with low intensity). Despite the high mass resolution that allows us to locate the
maximum intensity of each single peak, the characteristic ion of newly formed chromium
oxide (Cr'80y) slightly overlaps with the tail of characteristic ion of the pre-formed iron
oxide (Fe'®0y). To avoid this problem, Cr'803 and Fe,'®Os ions (that do not suffer for
overlapping) are used to characterize the oxide composition during re-oxidation in 20, of the
oxide pre-formed in H2SOs. It should be noted that the selected ions do not reflect the real
stoichiometry of the species constituting the sample, but are the appropriate markers of the
studied species. Since ToF-SIMS is a non-quantitative technique (due to strong matrix effect
on secondary ion emission), the intensities of the plotted ions in the depth profiles cannot be
compared directly and do not reflect the concentrations of the associated species in the

substrate. However, variations of a single signal reflect mainly in-depth variations of the
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concentration. The depth profiles are plotted versus sputtering time. The sputtering rate has
been calculated knowing for passivated 304L SS (in H2SO4 at 0.4V/SCE) (i) the total oxide
layer thickness measured from XPS (results not shown here), and (ii) the position of the
metal/oxide interface on the ToF-SIMS depth profile. Assuming a constant sputtering rate
(0.015 nm/s) in the oxide, independent of the oxide layer composition, the sputtering time

directly translates into oxide thickness.
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Fig.V-1 Scheme of the in situ experiment in the ToF-SIMS spectrometer
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Immediately after the specimen was introduced into the ToF-SIMS analysis chamber, and
prior to the application of heat treatment, the passive film was analysed at both primary beam
currents. Due to the destructive nature of sputtering, each depth profile was collected at a
different, unperturbed area of the sample surface. The specimen was then heated up to a
temperature of 300 =1 T (an IONTOF heating stage was used). Modifications of the passive
oxide film due to the increase of temperature were studied [34]. A precision leak valve was
then used to introduce a constant and low 80, pressure into the analysis chamber, such that
the partial pressure P(*302) was constant at 1<10~° mbar. After the designated oxidation time
had elapsed, the leak valve was closed while the sample temperature was maintained at 300 +
1 <, and the chamber immediately pumped down to the base pressure (10~° mbar), in order
to record the ToF-SIMS depth profiles. A scheme of the in situ re-oxidation experiment is

shown in Fig.V-1.
V-3. Results and discussion

V-3.1. Passive film formation and analysis

L Passive film
10° b formation potential
[ 0.4V/SCE

10" b

Log i (mA/cm?)

107 F

10° |k

10-4 I 1 1 ‘ 1 1
-10 05 0.0 05 10

Potential vs SCE (V)

Fig.V-2 Polarization curve of the 304L SS in 0.05M H2SO4 with a scan rate of 1mV/s

Fig.VV-2 shows the polarization curve obtained on 304L SS in 0.05M H2SO4 agueous solution
with a scan rate of ImV/s. Within the passive range (-0.1~0.8V/SCE), the lowest current is
obtained at 0.4V/SCE. Anodic polarization at this potential in sulfuric acid causes the Cr
oxide enrichment and Fe oxide dissolution, which leads to the formation of passive film with

high corrosion resistance [7, 8]. In this study, a static potential polarization at 0.4V/SCE was
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applied to the 304L SS for 1h to form a protective passive film on the stainless steel surface.

(a) ) Oxide Metallic substrate (b) ) Oxide Metallic substrate
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Fig.V-3 ToF-SIMS depth profiles for passive film formed on 304L SS surface in 0.05M
H2>S04(aq) at 0.4V/SCE for 1h at (a) room temperature, and (b) after heat treatment in
vacuum (UHV) at 300<TC (the position of the oxide/metal interface is determined by the
maximum intensity of Nio™ in the depth profile)

Fig.V-3(a) shows the ToF-SIMS negative ion depth profiles for the passive film formed on
304L SS at room temperature. The position of the metal/oxide interface on the ToF-SIMS
depth profiles is crucial to extract the total thickness of the oxide layer. As previously
reported, the Ni>™ species is a good marker of the metal/oxide interface (maximum intensity of
Niz signal) [27, 35]. Thus, the passive film thickness is estimated to be 2 nm when the 304L
SS sample is passivated 1h at room temperature in 0.05M H2SO4 at 0.4V/SCE.

Focusing on the layered structure of the passive film formed at room temperature (Fig.V-
3(a)), it appears that the Fe'®O, signal peaks in the outer part of the passive film and
decreases slowly through the oxide film region, indicating that oxidized iron is mainly located
in the outer part of the film with low content in the inner part of the film. On the contrary, the
Cr®0, depth profile shows its maximum in the inner part of the film. Thus, chromium oxide
is mainly located in the inner oxide layer. This duplex structure for the passive oxide film on

304L SS surface at room temperature is consistent with previous studies [7, 8].

In order to investigate at higher temperature, the transport of species in the passive film
formed on 304L SS, we first studied the thermal stability of this electrochemically formed
passive film when heated up to 300<C, so that the re-oxidation experiments could be carried
out under 80 at this temperature. At lower temperatures, the ion-transport process would be

very slow, and it would take a long time to observe the transport of species in the passive
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film. At temperatures higher than 300<C, the composition and structure of the pre-formed
passive film would be changed too rapidly. Based on the previous study of the thermal
stability of the passive film in ultra-high vacuum by ToF-SIMS, it is known that 300<C is a
suitable temperature, ensuring sufficiently fast kinetics of the ion transport and stability of

pre-formed passive film [34].

Fig.V-3(b) shows the characteristic ToF-SIMS depth profile for the electrochemically formed
passive film in H2SO4 after increasing the temperature to 300<C under UHV. The passive film
thickness is estimated to be 1.9 nm. The structure of the passive film remains duplex as
indicated by the Fe'®O, signal that reaches its maximum intensity in the outer part of the
oxide scale whereas the Cri®0O, signal has its maximum in the inner part of the oxide.
However some changes are observed when increasing the temperature from room temperature
to 300<C: (i) the lower intensity of the Fe!®O;™ in the outer oxide, which is correlated with (ii)
the slightly higher intensity of the Cr'Q, signal, as well as its distribution throughout the
oxide film (signal spreading in the oxide). These observations have already been done and
explained in a previous work on 316 SS when studying the thermal stability of the native
oxide film [34]. This is assigned to (i) the reduction of the Fe hydroxide species that happens
above 100<C and (ii) the formation of chromium oxide at the expense of iron oxide when the
temperature is above 250<C. The decrease of the passive oxide film thickness is assigned to
the dehydroxylation and dehydration. Nevertheless, the structure of the oxide is still a bilayer

and the main species in the film are still iron and chromium oxides.
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V-3.2. Investigation of ion transport process in oxide layers
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Fig.V-4 ToF-SIMS profiles obtained on pre-passivated 304L SS after re-oxidation at 300°C
for (@) 1 min, (b) 5 min, (c) 15min, (d) 1h and (e) 2 h (the position of the oxide/metal
interface is determined by the maximum intensity of Ni>™ in the depth profile)

Fig.V-4 shows the ToF-SIMS depth profiles obtained on the pre-passivated 304L SS after
exposure to low pressure isotopic 0, gas (10 mbar) at 300<C for different times. After 1

min of re-oxidation (Fig.V-4(a)), the metal/oxide interface, still defined by the maximum
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intensity of the Ni™ signal, is located at 137.5s of sputtering time, which corresponds to 2.1
nm. By looking at both the 10" and 80" signals on the depth profile, one observes that the
new 80 signal is located at the prior oxide surface. A closer examination of Crt®0.", Fe;'*03
, Cr103™ and Fe'80y, characteristic signals of the Cr oxide and Fe oxide formed with %0 and
180, respectively, confirms the location of the newly formed oxides (during re-oxidation in
180 gas) at the surface of the prior oxide film, the pre-formed °O species remaining deeper

into the oxide scale.

With further exposure to 80, for 5 min, the oxide film becomes thicker, from 2.1 nm to 3.1
nm (oxide/metal interface recorded for 205s of sputtering). The intensities of Cr80s; and
Fe'80; profiles are found to significantly increase, and their location at the external surface
indicates that the oxide film thickens at the oxide/gas interface due to the formation of both
chromium and iron oxides. The re-oxidation process clearly reveals that, for short re-
oxidation time, the oxide growth is mainly governed by the transport of Cr and Fe cation

species through the pre-formed oxide.

For a re-oxidation time of 15 min, the Ni> signal indicates that the metal/oxide interface is
reached after 360s of sputtering, corresponding to a total oxide layer thickness of 5.4 nm. The
oxide film is clearly growing. Looking at the depth profile of 80O signal, its maximum
intensity remains located at the outer surface, and its intensity slowly decreases through the
pre-formed passive oxide layer. This shows that the newly oxides (*30) is still formed at the
oxide/gas interface due to cation diffusion through the oxide, but that 0 species also diffuse
towards the metal/oxide interface following an inward isotopic exchange. Although the main
growth mechanism is still by outward cation diffusion, there is clearly an 0" concentration
gradient in the inner oxide, assigned to O inward diffusion and isotopic exchange. Isotopic
exchange in such experiments has already been described by Poulain et al. [23] for oxidation

of pure Cr sample and VVoyshnis et al. [27] for oxidation of nickel base alloy.

For 1h of re-oxidation, the oxide film thickness is 6.5 nm (corresponding to 435s of
sputtering), while for a 2h re-oxidation time, the thickness of the oxide film remains nearly
constant (6.8 nm, ~ 450s of sputtering time). By looking at the depth profiles of the *0O and
180" signals, one observes that the 80" signal still has a wide peak in the external surface and
the 180" signal peak in the inner region for 1h re-oxidation, whereas for 2h re-oxidation, the
180 and 80" depth profiles overlap in the oxide film region, which is assigned to the *0/*80

isotopic exchange. Thus, after 1h of re-oxidation, the oxide film reaches a quasi-stationary
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state, and the main mechanism dominating the depth profile is the **0/*0 isotopic exchange.
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Fig.V-5 Scheme of the evolution of the passive oxide layer exposed to 20, at 300C

A scheme of the evolution of the oxide layer exposed to 80 at 300<C based on the ToF-
SIMS depth profiling data is shown in Fig.V-5. As demonstrated before, the main mechanism
governing the growth of the oxide for short re-oxidation of the pre-passivated surface is the
outward cation transport, meaning that iron and chromium cations diffuse from the metallic
substrate to the oxide/gas interface where they react with oxygen (*20). Thus, the newly
formed chromium and iron oxides are located at the outer oxide/gas interface. The higher 80
concentration at the external surface leads to an oxygen isotopic exchange with 0. After 15
min of re-oxidation with low 80, pressure, cation diffusion is still governing the growth of
the oxide. Isotopic exchange is also evidenced as shown by the 80" profile into the pre-
formed *80 oxide. At longer re-oxidation time (more than 1h), the oxide film reaches a quasi-
stationary thickness (the growth rate becomes very low) and the isotopic exchange becomes
the main mechanism leading to increased amount of 80 in the inner part of the oxide layer.
Some volatilization of chromium oxide evidenced by Poulain et al. [23] for oxidation of pure

Cr at the same temperature cannot be excluded.

The thickness of the oxide layer, measured by ToF-SIMS at different oxidation times on pre-
passivated 304L SS during re-oxidation at 300<T is reported in Fig.V-6. The Kinetics of re-
oxidation is well fitted by a logarithmic-type law, which, according to previous work [23, 35],
can be explained by the competition between parabolic growth and oxide layer volatilization.
From Fig.V-6, two regions can be observed: a first region from 0 min to 30 min of fast oxide

layer growth (with chromium and iron oxides appearing at the outer surface), as previously.
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Then, for longer re-oxidation, the oxide film growth becomes slower and a quasi-stationary

thickness is observed (which is explained by a growth rate equal to the volatilization rate).
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Fig.V-6 Oxidation kinetics of 304L SS at 300<C. Fit of kinetics by Eq.1 (solid line)

The oxidation kinetics can then be fitted by Eq. (1), as shown in a previous paper [23]:

b= f ey~ (1 o xo))] (equation V-1)

kj

where kj is the parabolic constant, kv is the constant of volatilization, and Xo is the thickness
of pre-passivated oxide film.

Both the fitting curve and the results calculated for the parabolic and volatilization constants
are shown in Fig.V-6. The values of k, derived from the fit is 1.8x102 nm2s™? and ky is
3.7x10°% nm.s%. These values are close to that calculated for pure Cr at 300<C (kp = 1.9%102
nm?st and ky = 1.8x10° nm.s?) [23], but kp is higher than the value obtained on
polycrystalline Ni alloy (kp = 5.9x10° nm2s?) [35]. This difference is assigned to the
different structures of the oxide film.

On the basis of a simplified relationship between diffusion coefficient and parabolic rate
constant k,, = 2D, [36], one would conclude that the diffusion coefficient for outward cation

diffusion (D¢) in the oxide film is 910" cm2.s2.

Although, as discussed above, the main ion transport mechanism during the re-oxidation
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process of passive film formed on 304L SS is outward cation diffusion, a mixed mechanism
including both cation and anion diffusion cannot be excluded, according to the depth profile
of 180 in the oxide layer. Thus, it is interesting to assess the oxygen diffusion coefficient
through the oxide film and compare it to the cation diffusion coefficient. The semi-infinite
integration of Fick’s second diffusion law for one-dimensional diffusion, modified to include
isotopic exchange can be tested on the 80" depth profiles, as already done by Voyshnis et al.
[27]. Possible chemical reactivation of Cs implanted during the acquisition of the depth
profile and chemical activity of the diffusing species are not considered in the model. With
this model, the oxygen diffusion coefficient [Do, in cm?.s™] and isotopic exchange coefficient
[k, in at.cm™.s1] can be obtained. The differential equation to be solved is the following:

ac a%c

Fri D =t k.C (equation V-2)

where the first term is for the diffusion and the second one for isotopic exchange, C is the

concentration of 80 in the oxide film at depth x and after oxidation time t.

This differential equation can be analytically solved:

Co_Cmax

XD =Cmax _ %{exp —( %x)erfc (ﬁD_t - \/H) + exp(\/%x)erfc (ZL\/D_t + \/E)}
(equation V-3)
using the following boundary conditions:
C(x,0)=0,x>0
€(0,t) = Cot >0 (equation V-4)

C(x=M/0,t) = Cpgp t >0

where Cmax is the initial 8O concentration at the metal/oxide interface, Co the initial O

concentration at the outer interface (x = 0).
More details on this model are provided in ref [23, 27].

Eqg.V-3 takes into account both the solid state diffusion and the isotopic exchange, and is used
to fit the experimental data and determine the oxygen diffusion coefficient (Do) and the
isotopic exchange coefficient of the O species. The results shown in Fig.V-7 are the best fits
of the experimental data of normalized depth profile of the 0" signals (black points) with the
theoretical model (red curve) for the 304L SS re-oxidation in 0, for 1 min (Fig.V-6(a)) and
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5 min (Fig.V-6(b)). It is observed that the model fits well the experimental data. The oxygen
diffusion coefficients (Do) determined in this way are 2 x1071" cm?.s? (Fig.V-7(a)) and 1.6 x
1017 cm?.st (Fig.V-7(b)), and the isotopic exchange coefficients (k) are 3.7 x1071% at.cm2.s™
(Fig.V-7(a)) and 1 x 10 atcm?s? (Fig.V-7(b)). For longer re-oxidation times, the
experimental data cannot be fitted by this model, because of the significant modifications of

the structure and composition of the oxide after 15 min of re-oxidation, as shown in Fig.V-

4(c).
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Fig.V-7 Normalized 20" ion ToF-SIMS depth profiles (black points) and fit of the
experimental data with the theoretical model (red solid line), for the 304L SS re-oxidized in
180, in situ in the ToF-SIMS chamber at 300 <T during (a)1 min and (b) 5 min.

It appears that the cation diffusion coefficient (9x<10"" cm?.s1) deduced from the thickness
measurement is about 5 times higher than the oxygen diffusion coefficient (1.6 ~ 2x 10
cm?.s™1). Thus, outward cation diffusion plays the main role in the oxide growth on 304L SS.
This is in agreement with observations done during the oxidation of Fe-15%Cr alloy [32], at
750, where Dre (3.6x<10%% cm?.s1) and Dcr (21026 cm?2.s?) are one order of magnitude
higher than Do (3.4%<101" cm?2.s%).

V-4, Conclusions

The nature, composition and structure of the passive film formed on 304L SS in acid solution
and after heating in vacuum at 300<C has been investigated by ToF-SIMS. The passive oxide
film formed electrochemically in 0.05 M H>SO;4 solution at 0.4V/SCE for 1h has a duplex
structure, comprising an iron rich outer layer and a chromium rich inner layer. The duplex
structure of the passive film is thermally stable at 300<C in vacuum, with however partial

dehydroxylation and iron oxide reduction.
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Insight into the ion transport process in the pre-formed passive film on 304L SS has been
obtained by ToF-SIMS. The pre-formed passive film was exposed to 80, at 300<C. The
enrichment of 80 species at the oxide/gas interface, provided direct evidence of outward
cation diffusion. After 1h re-oxidation, the oxide film reaches a quasi-stationary thickness,
assigned to the limiting transport of cation from the substrate and the chromium oxide
evaporation. Then the %0 /*80 isotopic exchange becomes the main mechanism governing the
O depth profile. Based on a model built up to describe the re-oxidation kinetics obtained from
the measurements, the parabolic and volatilization constants for the oxide growth are
determined. They are 0.018 nm?s™ and 0.0037 nm.s?, respectively. According to the
parabolic constant, the diffusion coefficient of cations is found to be D=9x10"" cm2.s?,
which is several times higher than the oxygen diffusion coefficient (Do=1.6 ~ 2x1071" cm?.s%)
determined from the 80 depth profile. This work evidences that the growth of the passive

oxide film is governed by outward cation diffusion.
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Chapter VI
lon transport mechanisms in the oxide film formed on 316L stainless

steel surfaces studied by ToF-SIMS with 8O, isotopic tracer

This chapter reproduces the final preprint of an original article published in Journal of the
Electrochemical Society:

L. Wang, A. Seyeux, P. Marcus, lon transport mechanisms in the oxide film formed on 316L
stainless steel surfaces studied by ToF-SIMS with 1802 isotopic tracer, Journal of the
electrochemical society. (2020). https.//doi.org/10.1149/1945-7111/ab9c87

Abstract

The composition and structure of the native and passive oxide films formed on 316L
stainless steel have been studied in situ by ToF-SIMS. High temperature re-oxidation
experiments in isotopic '30, gas have also been done to assess the ion transport
mechanisms in the native and passive oxide films. Duplex oxides with an inner Cr rich
layer and an outer layer rich in Fe and Mo oxide have been observed on native and
passive oxide films. Exposure of the oxide films to isotopic *O, tracer at 300°C reveals
that the outward cationic diffusion governs the inner oxide growth. The outer Mo-rich
layer prevents the continued transport of Cr to the outermost surface. The passive film,
due to its composition and structure, exhibits a markedly lower oxidation rate compared
to native oxide films.

VI-1. Introduction

In many industrial sectors, stainless steels (SS) have a wide range of applications due to their
high corrosion resistance in severe environments [1]. It is well known that this corrosion
resistance originates from the surface oxide film covering the metallic substrate. Many studies
have been carried out to characterize the composition and structure of the oxide film formed
on SS surface in order to better understand the good corrosion resistance properties of the
stainless steel [2-4]. The performance of the oxide films (including the native and passive
films) has been tested in various conditions, such as aqueous, gaseous and high temperature
environments [5-7].Surface analysis, including X-ray Photoelectron Spectroscopy (XPS) and
Time-of-Flight Secondary lon Mass Spectrometry (ToF-SIMS), have demonstrated that the
native oxide film formed on Fe-Cr based stainless steels generally shows a duplex structure,

with an iron rich outer layer and a chromium rich inner layer [2-6]. The chromium rich oxide
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plays a key role in the corrosion resistance [7, 8]. The passive film, formed electrochemically
within the passive range in sulfuric acid, shows strong chromium enrichment compared to the
native oxide film. This is attributed to the lower dissolution rate of chromium oxide compared

to iron oxide in acidic media.® 1t

The knowledge of ion transport processes in the nanometer thick oxide layer is of major
interest in order to better understand the nature, composition and thickness of the oxide film,
and a prerequisite to control and optimize the functional properties of the stainless steels
under varying operating conditions, such as electrolysers, or gas sensors [15, 16]. A Cr.03
scale is frequently used as a barrier to protect metallic alloys at high temperatures [17]. As a
consequence, the transport properties in Cr2Oz are of considerable interest [9-12]. Poulain et
al. [13] investigated the oxide growth kinetics of Cr.Os on a pure Cr substrate at 300<C and
under low oxygen pressure. Following a two-step oxidation procedure starting with oxidation
in 10, gas and followed with a re-oxidation in 80, isotopic tracer, they identified that the
growth was controlled by anion transport via oxygen vacancies through the Cr.O3 layer.
Following the same re-oxidation procedure, Voyshnis et al. [23] studied the oxidation
behaviour of nickel-base alloy in high temperature water and in low O gas pressure. They
also showed that the process governing the oxide film growth is the inward (from the surface
towards the metal/oxide interface) diffusion of oxygen species. Moreover, they showed an
evolution of the inner oxide composition from Cr.Oz towards NiCr,Os with increasing
oxidation time. Recently, the two step oxidation procedure has also been used with success to
study the ion transport process governing the growth in a pre-formed passive film formed on
304L SS in H2SO4 solution [24]. It was shown that during the low O pressure re-oxidation
step (exposure of the pre-formed film to the 80, isotopic tracer), the outward diffusion of

metallic cations governs the oxide growth.

Usually alloys containing small amounts of molybdenum, like 316L SS, exhibit an improved
resistance to the localized corrosion (pitting) in Cl-containing solutions. However, up to now,
the effect of molybdenum addition on the ion-transport processes taking place during the
growth of the oxide film is not well documented. Yu et al. [25] investigated the early stage
oxidation of Ni-Cr and Ni-Cr-Mo alloys by using in situ transmission electron microscopy,
and the effect of Mo was discussed. Based on their results, Mo doping in the alloy can both
stabilize the cation vacancies and inhibit the voids formation in the oxide. Recently,
Henderson et al. [26] studied by in situ ToF-SIMS the ion transport processes in Hastelloy
BC-1 (Ni-Cr-Mo alloy) during re-oxidation under low O pressure. The governing transport

124



species were metallic cations, and the Mo rich outer layer seemed to be a barrier preventing

the continued transport of Cr to the outermost layer.

The aim of the present work was to investigate by ToF-SIMS the ion transport processes in
the native oxide and the passive film on 316L SS during a re-oxidation step performed at
300<C in low oxygen atmosphere. The passive film on 316L SS was electrochemically
formed at 0.4V/SCE in 0.05M H.SO4 solution for 1h. The re-oxidation experiments were
performed in situ by ToF-SIMS with 80 isotopic marker to characterise the difference of ion
transport processes in native and passive oxide films, and the effect of Mo on the ion

transport.
VI-2. Experimental
VI-2.1. Sample preparation

The 316L SS was a Fe-19Cr-13Ni-2.7Mo (wt%) polycrystalline alloy. The sample surface
was mechanically polished down to 0.25 um with diamond paste and then successively
washed with acetone, ethanol and water in ultrasonic bath for 10 mins. The sample was then
dried in compressed air. The native oxide film was formed by leaving the sample in air during
12 hours. The passive film was formed electrochemically in 0.05M H>SQO;4 at 0.4V/SCE for 1h
[27]. After electrochemical passivation, the sample with passive film was taken out from the

cell, rinsed with water, and then dried in compressed air.

A Gamry electrochemical workstation was used for electrochemical experiments. The
electrochemical passivation was performed with a standard three-electrode cell with an Au
counter electrode and a saturated calomel electrode as the reference electrode. The electrolyte
was prepared with ultrapure chemicals (VWR®) and Millipore® water. Before measurement,

the solution was deaerated by Ar bubbling for 30 minutes.
VI1-2.2. ToF-SIMS investigation

ToF-SIMS depth profiles were obtained using a ToF-SIMS 5 spectrometer (IONTOF GmbH -
Germany). A pulsed 25 keV Bi* primary ion source was employed for analysis, delivering 1.2
PA current over a 100 x 100 um? area. Depth profiling was carried out by interlacing
secondary ion analysis with sputtering using a 0.5 keV Cs* sputter beam giving a 17 nA target
current over a 300 <300 pm? area. Both Bi* and Cs* ion beams impinged the sample surface

at an angle of 45<and were aligned in such a way that the analyzed ions were taken from the
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center of the sputtered crater.

ToF-SIMS depth profiles were used to determine the composition, structure and thickness of
the oxide films (air-formed native oxide and passive oxide). The characteristic ions were
selected as shown in Table VI-1. The iron oxide in the native or passive films is associated
with two different characteristic ions (*®Fe®O, with high intensity and *°Fe,'®03 with a lower
intensity). Since, in mass spectrometry, the characteristic ion of newly formed chromium
oxide (°**Cr*80,") will overlap with the characteristic ion of pre-formed iron oxide (*®Fe’®0,),
%2Crl80;5 and *°Fe,'°03 ions were used to characterize the oxide composition during re-
oxidation in 80, of the oxide pre-formed in H2SO4. It should be noted that the selected ions
do not reveal the real stoichiometry of the species constituting the sample, but are the
appropriate markers of the studied species. Since ToF-SIMS is a non-quantitative technique
(due to a strong matrix effect on ion emission), the intensity of the plotted ions in the depth
profiles cannot be compared directly and do not reflect the concentrations of the associated
species in the substrate. However, ToF-SIMS depth profiles can be used to evaluate the
intensity evolution for a given ion at different oxidation stages if the matrix remains similar.
Thus, when a comparison between two samples is done for a similar matrix, it is considered
that the ionization yield is similar for the two samples. In this study, we assume that despite
the different passivation and/or heat treatments given to the 316L SS substrates, the ionization
yields of the oxidized species remain similar, making the comparison of the intensities of
same ions between recorded ToF-SIMS depth profiles possible to evaluate the composition
variation as function of the received treatment. The depth profiles are plotted versus the
sputtering time. The sputtering rate has been calculated knowing for passivated 316L SS (in
H>S04 at 0.4V/SCE) (i) the total oxide layer thickness measured from XPS (results not shown
here), and (ii) the position of the metal/oxide interface on the ToF-SIMS depth profile.
Assuming a constant sputtering rate (0.02 nm/s) in the oxide, independent of the oxide layer

composition, the sputtering time directly translates into oxide thickness.

Immediately after introduction of the specimen into the chamber, and prior to the application
of heat, the air formed oxide was depth profiled using ToF-SIMS. Due to the destructive
nature of sputtering, each depth profile was collected at a different, unperturbed area of the
sample surface. The specimen was then heated up to a temperature of 300 #1 <C using the
heating stage integrated in the system. Modifications to the air-formed oxide due to
temperature increase were analysed on both native and passive oxide films. After reaching

300C, a precision leak valve was then used to introduce 20; into the analysis chamber, and
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the partial pressure P(}302) was maintained constant at 1<107° mPa. After a designated
oxidation time, the gas inlet valve was closed while the sample temperature was maintained at
300 #1 <T, and the chamber immediately pumped down to the base pressure (10°° mPa). A

ToF-SIMS depth profile was then acquired in order to assess the oxide film growth

mechanism.
Species Characteristic ion
Metallic Metallic Fe 56 e
substrate Metallic Ni SN

Iron oxide

55Fe 1603- : 56F621603'

Pre-formed oxide (160) Chromium oxide 2Crls0,
Molybdenum oxide BMol%0;

Iron oxide FFel30,

Newly-formed oxide (1*0) Chromium oxide 2Crlfoy
Molybdenum oxide BMolf0;

Table VI-1 ToF-SIMS characteristic ions used to investigate the composition and structure of
the oxide films formed on 316L SS

VI1-3. Results and discussion
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Fig.VI-1 ToF-SIMS depth profiles of (a) the air-formed native oxide film and (b) the passive
oxide film formed on 316L SS at room temperature (The passive film was formed
electrochemically on 316L SS surface in 0.05M H2SOa4(aq) at 0.4V/SCE for 1h)

Fig.VI-1 shows the ToF-SIMS negative ion depth profiles for the (a) air-formed native oxide
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film and (b) the passive film formed at 0.4V/SCE in 0.05M sulfuric acid for 1h, on 316L SS
surfaces. The secondary ions, selected for the interpretation of depth profiles, include
%2Cri%0y, Fel®0y, ®Mo'®0s, *®Fe, and Niz. The ions (?Cri®0y, S°Fel®0,, *®Mo*0,) are
used to characterize the corresponding oxides, while the ions (*®Fez” and %®Niy) represent the
underlying metallic substrate [24, 26]. The intensities of >2Cr.” and Moy ions are extremely
low (in negative ion polarity) and are not shown in the figure. As in previous papers, the
maximum intensity of *®Ni, ion signal is used to define the oxide/metal interface [23, 24, 28].
The thicknesses of the native and passive oxide films, corresponding to around ~80 s and 104

s of sputtering time, are 1.620.2 nm and 240.2 nm, respectively.

For the native oxide film, as shown in Fig.VI-1(a), both the 56Fe'®0,  and *®Mo0'®0s™ depth
profiles have their maximum in the outer part of the oxide film region, showing that oxidized
iron and molybdenum are preferentially located in the outer region of the film. The >2Crl®0,
depth profile shows its peak in the inner part of the oxide film, indicating that chromium
oxide is concentrated in the inner oxide layer. For the passive film (Fig.VI-1(b)), while the
%Mo!%05" depth profile exhibits a similar trend (maximum intensity in the outer oxide) as the
one observed for the native oxide, indicating that oxidized molybdenum is located in the outer
film, the 56Fe'®O, depth profile is slightly different. 56Fe'®0,” maximum intensity is still
located in the outer oxide (with a lower intensity compared to that measured on the native
oxide), but decreases slowly though the inner oxide film. This indicates that iron oxide is still
mainly located in the outer film, but is also present in the inner oxide film. Finally, the
%2Cr1%0, depth profile has its maximum in the inner oxide region but displays a wider peak
width compared to that of the native oxide layer. This indicates a thicker, Cr rich, inner oxide

film, which contributes to a thickening of the passive film.

Both the native and passive films have duplex structures, with a Mo and Fe rich outer layer
and a Cr rich inner layer (possibly including more Fe oxide in the inner layer of the passive
film). Passivation by anodic polarization increased the oxide film thickness, which
corresponds to the thickening of the Cr rich inner layer. The concentration of iron oxide in the
outer film is reduced after passivation, which is due to the enhanced dissolution of iron oxide

in sulfuric acid [8].
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Fig.VI-2 ToF-SIMS depth profiles of (a) the native oxide and (b) the passive film on 316L S
at 300C

The in situ re-oxidation experiments in the ToF SIMS were carried out at 300<C. Such
experiments have been already described in a previous study [24, 27]. The thermal stability of
both the native and passive films have been studied. Fig.VI1-2 shows the depth profiles of the
native and passive films recorded immediately after heating up to 300 <C under high vacuum
conditions in the ToF-SIMS chamber. Based on the maximum intensities of Ni>™ depth
profiles, the oxide/metal interface for native and passive films are located at 80 s and 92 s of
sputtering time, corresponding to oxide thicknesses of 1.640.2 nm and 1.84).2 nm,
respectively. The native oxide film thickness remains unchanged at 300 <C, while the passive

film thickness decreases.

For the native oxide film (Fig.VI-2(a)), the ®Mo0®03™ and *°Fe'®0," depth profiles still peak in
the outer oxide film, and the %Cr'®0," depth profile has its maximum in the inner film. Thus,
Mo and Fe oxides are preferentially located in the outer layer, and Cr oxide is rich in the inner
layer. It is noticed that the width of *Fe!®O, depth profile is now narrower, while the width
of 2Cr®0, depth profile is wider compared to the native film at room temperature, showing
the thickening of the chromium rich inner layer at the expense of the iron rich outer layer
[24]. Looking at the ®Mo*05™ signal, it also shows a narrower width in the outer oxide layer,

meaning that molybdenum is more concentrated in this outer oxide layer.

After heating the passive film at 300<C in vacuum the Mo content in the outer oxide layer is
higher (Fig.VI-2(b)). Whereas the *Mo®03" signal was almost distributed through the total

layer thickness at room temperature (with a higher content in the outer oxide), it is, at 300<C,
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mainly localized in the outer oxide. Moreover, heating the sample up to 300<C also has an
effect on the %2Cr'®0, signal profile that becomes wider and on the *°Fe!®O, signal profile
that becomes narrower and exhibits a lower intensity in the outer oxide layer (up to 50s of
sputtering approximately). Those modifications are attributed to formation of Cr oxide at the
expense of the Fe oxide partial decomposition of hydroxide and removal of water ligands as
already observed on passivated 304L SS when exposed to high temperature [24, 27]. Thus,
the decrease of the passive oxide film thickness is attributed to the dehydroxylation and
dehydration. For the native oxide film, reduction of iron oxide and formation of chromium
oxide are mainly observed. The enhanced dehydroxylation and dehydration of the passive
film is not surprising, since after passivation the hydroxide and the water ligand contents in
the film are high.

Fig.VI-3 shows the ToF-SIMS negative ion depth profiles obtained on the native oxide film
on 316L SS surface after exposure to isotopic 0, gas (10-5 mbar) at 300<C for different
times. After 1 min of re-oxidation (Fig.V1-3(a)), the metal/oxide interface, always defined by
the maximum intensity of the Ni,™ signal, is located at 100 s of sputtering time, corresponding
to a thickness of 2 nm. Looking at the characteristic ions (*2Cr'®03", *Fe!®0, and %M0'%03Y)
of the newly formed oxide (180) species, the maximum intensity locations of these depth
profiles are in the outermost region of the film, demonstrating that the newly formed oxides
are concentrated at the outer surface of the native film. Thus, the governing ion transport

mechanism in the native oxide film on 316L SS is cation diffusion.
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Fig.VI1-3 ToF-SIMS profiles obtained on the native oxide film formed on 316L SS surface
after re-oxidation at 300°C for (a) 1 min, (b) 5 min, (c) 15min and (d) 2 h. (The intensity of
%6Fe,1003 signal is multiplied by 50)
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After exposure to 0, for 5 min (Fig.VI-3b), the oxide film thickens from 240.2 nm to
3.640.2 nm (corresponding to 178 s of sputtering). The locations of maximum intensities of
the new oxide (*80) species are again found in the outer layer (ranging from 0 s to 60 s of
sputtering), while the inner layer (ranging from 60 s to 178 s of sputtering) remains the
previously formed Cr oxide (°0). A closer look at the distributions of each species (*°Cr'®0s,
Fel®0,, BMo0s, BMo005™ and *°Fe,1%03) in the outer oxide layer, corresponding to the
region from 0 s to 60 s of sputtering time, shows that this region can be divided into three
parts. The first part, representing the outermost layer (0 s to 13 s of sputtering time), is
comprised of the newly formed Mo, Fe oxides (*30), and the original Mo oxide (*°0). The
middle region (13 s to 26 s of sputtering time) is rich in the newly formed Cr oxide (*20). The
third part (26 s to 60 s of sputtering time) is the original Fe rich oxide (*°0) layer. Thus, the
Mo-rich outermost oxides (*°0 and 80) layer appears to play the role of a barrier layer for the
continued diffusion of chromium cations toward the oxygen gas/oxide interface, while this
Mo-rich layer does not prevent the diffusion of Fe cations to the oxide surface. Thus, the
formation of the new chromium oxide (*¥0) needs the 20 ions penetration through the Mo-
rich outer oxide (**0O and 80) layer to react with Cr cations diffusing from the substrate. This
interpretation is supported by the clear evidence that the Mo-free oxides have Cr oxide (*¥0)

in the outer oxide [24].

When the re-oxidation time reaches 15 min (Fig.VI-3c), the oxide film thickness is 9.440.2
nm (470 s of sputtering time). The intensities from #0-containing ions markedly increased,
especially the intensity of *Fe'®0, ion, which is approximately equal to that of *®Fe,;**Os" ion,
the characteristic ion of the pre-formed Fe oxide (*°0). The fast increasing of Fe 18-oxide
signal (*®Fe*®0y) in the oxide compared to that of Cr oxide (*20) (°**Cr*®0y3), is a consequence
of the blocking effect of the Mo rich oxide layer on diffusion of Cr ions. The effect of isotopic
exchange between O and 0, which was already reported and discussed in previous
studies[13-15], cannot be ignored. It causes peak broadening for all oxidized species with

increasing re-oxidation time.

After a re-oxidation time of 120 min (Fig.V1-3d), the oxide film thickness is around 14 nm
(700 s of sputtering time). The >®Fe'®0; signal has shifted its maximum intensity from the
external surface before 15 min of re-oxidation to the internal oxide, which is assigned mainly

to isotopic exchange between 80 with °0 species.
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The re-oxidation study was also performed for the passive film on 316L SS, and the results
are shown in Fig.VI-4. Using the same data analysis method, we can conclude that the ion-
transport mechanisms in the passive film on 316L SS are the same as in the native oxide film.
Cation diffusion is the governing process for oxide film growth. The molybdenum rich outer
oxide layer is a barrier for the diffusion of Cr towards the outermost oxide surface. During

oxidation, isotopic exchange between the 80 and °0 species is observed.

18()2 1802 18()'7

| |

I

new oxide
T 160, oxidized Fe
pre-formed x
oxide film ..
l 160, oxidized Cr
Mo Fe Cr

Metallic substrate

Fig.VI1-5 Scheme of the ion transport mechanisms for oxide films (native oxide and passive
film) formed on 316L stainless steel

A schematic depiction of the ion transport process for the oxide films (native and passive)
formed on 316L SS is shown in Fig.VI-5. At the early re-oxidation stage, the governing ion
transport mechanism in oxide film is the outward cations diffusion, meaning the metallic ions
(Mo, Fe and Cr) diffuse from the metallic substrate towards the outer surface. Meanwhile, the
Mo rich outermost layer acts as a barrier that blocks the further diffusion of Cr to the oxygen
gas/oxide interface. Thus, the governing step also includes the penetration of oxygen through
the Mo rich oxide layer. The newly formed Mo and Fe oxides are located in the outer layer,
while the newly formed Cr oxide is under this outermost layer. For long exposure to oxygen,
isotopic exchange between the 0 and %0 species dominates. Some volatilization of
chromium oxide, evidenced by Poulain et al. [22] for oxidation of pure Cr at the same

temperature, cannot be excluded.

Since the thickness of the oxide layer can be measured based on the ToF-SIMS profiles

obtained for different oxidation times, we can determine the growth rate of the oxide at
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300<C. The data are shown in Fig.VI-6, and the data previously reported for the passive film

on 304L SS are shown for comparison [24].
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Fig.VI1-6 Re-oxidation Kinetics (experimental data and fit) for the native and passive films on
316L SS, and passive film on 304L SS (from ref [15]) at 300 T (*0; pressure = 10~ mbar)

The kinetics of oxidation seems to follow a logarithmic-type law, which, according to
previous work, can be explained by the competition between parabolic growth and oxide layer
volatilization [22, 24]. Although volatilization is a well-known phenomenon at very high
temperature, it has been shown by Poulain et al. [22] that volatilization of oxide and
particularly Cr oxide also happens at lower temperature. Thus, oxide volatilization must be
taken into account to explain the kinetics of oxide film growth on stainless alloys even at
medium temperature. From Fig.VI-6, two parts can be observed on each curve. In the first
part (before about 1h of re-oxidation) the oxide layer grows rapidly (newly formed outer
oxide layer). Then, after 1h of re-oxidation, the growth of the oxide layer is slow, and a quasi-

stationary film thickness is observed (growth rate about equal to volatilization rate).

We can notice that the oxide growth on the passive film of 316L SS at 300<CT is significantly
slower than on the native oxide film (Fig.VI1-6). The passive film thickness after 120 min re-
oxidation in 802 is 6 nm, which is much lower than that of the native oxide film (14 nm). The
different oxidation rates between native and passive oxide films can be attributed to the
different composition and structure of the films. Firstly, the passive film has higher Cr content

and less Fe compared to the native oxide film, as already evidenced by previous XPS results
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obtained on 316L SS [8, 11]. The ion diffusion coefficient in chromium oxide is known to be
much lower than that in iron oxide, due to a lower concentration of ionic defects in chromium
oxide [29-33]. Moreover, passive films are known to have less grain boundaries, which are
fast diffusion paths for the diffusing species, than air-formed native oxide, due to the
coalescence of the oxide grains induced by electrochemical passivation, as shown previously
[11, 34, 35]. This was shown to result in larger lateral grain dimensions for passive film than
air-formed native oxide on 316L SS surface (11.542.6 nm and 5.3#).9 nm, respectively).
Thus, passive films with larger grain size have less grain boundary than native oxide films,

making the oxidation rate of passive oxide films lower than that of native oxide films.

When we look at the oxidation Kinetics on passive films on 304L SS and 316L SS, we
observe a lower oxidation rate for the 316 stainless steel, which can be assigned to the Mo-
rich outer oxide layer, which acts as a barrier preventing Cr diffusion to the outer surface. The
growth of the chromium-rich oxide film requires both the diffusion of Cr from the substrate

and the penetration of oxygen through the Mo-rich outer oxide layer.

The oxidation kinetics can then be fitted by Eq.VI-1, as shown in the previous papers [22-24].

t= By %) —In (1 Y- xo)) (equation VI-1)
k3 kp kp

where kp is the parabolic constant, ky is the constant of volatilization, and Xo is the thickness

of pre-formed oxide film.

The fittings of the curves are also shown in Fig.Vi-6, and the results calculated for the
parabolic and volatilization constants are given in Table VI-2.

ky (nm’.s7") ky (nm.s %)
316L SS Native film 0.0079 0.0063
316L SS Passive film 0.0026 0.00043
304L SS Passive film 0.018 0.0037

Table VI-2 Oxidation kinetics of the native and passive films on 316L SS, and passive film
on 304L SS at 300C

From Table VI-2 we can see that, for the native film on 316L SS, the value of kp derived from
the fit is 7.9>102 nm?.s and ky is 6x10° nm.s™. These values are markedly higher than that
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calculated for passive films on 316L SS (kp = 310 nm2.s and ky = 4x<10* nm.s™) and 304L
SS (kp = 1.8102 nm2.st and ky = 410" nm.s™%). This is mainly due to the fact that the native
oxide film has: (i) a higher grain boundary density that react as fast diffusion path for the
diffusing species, and (ii) a lower Cr oxide content compared to the electrochemically formed
passive film. When we compared the kp and ky values for the passive films on 316L SS and
304L SS, the values for 316L SS are almost one magnitude lower than that for 304L SS. This
is attributed to the Mo outer most layer, which inhibits the diffusion of Cr and also prevents

the exposure of Cr oxide in the outer surface.

Assuming that only the outward cation diffusion is the governing ion transport for oxide
growth (an oversimplified view as oxygen diffusion through the outer Mo layer has been
shown to be required), and using a simplified relationship between diffusion coefficient and
parabolic rate constant k,, = 2D, , the outward cation diffusion coefficient (Dc) in the oxide
film is 1.5x%10"Y" cm2.s and 4x<107%6 cm?.s? for passive film and native film, respectively. The
chromium content and possibly the grain size in the passive film have significantly decreased

the cation diffusion coefficient in the film.
VI1-4. Conclusions

The transport of ions in oxide films (both the native and passive films) on 316L SS surfaces
has been investigated by ToF-SIMS with 80 isotopic tracer. The native oxide film was
formed in air, whereas the passive oxide film was formed electrochemically in 0.05M sulfuric
acid at 0.4V/SCE for 1h. Both the native film and passive film have duplex structures with a
Mo and Fe rich outer layer and a Cr rich inner layer. Passivation in sulfuric acid causes oxide
enrichment in Cr due to the preferential dissolution of the Fe oxide. The native oxide film is
quasi stable in vacuum up to 300<C, while the passive film becomes thinner at this

temperature, due to dehydroxylation and dehydration of the oxide.

The results of in situ re-oxidation of the oxide films (native and passive films) on 316L SS
surface at 300 <C with 80 isotopic tracer reveal that the governing ion transport is the outward
diffusion of metallic cations (Cr, Fe and Mo) to the oxide surface. The outer Mo-rich oxide
layer acts as a barrier preventing the further diffusion of Cr to the oxygen gas/oxide interface,
while it has no barrier effect on the diffusion of Fe and Mo. Based on a model taking into
account oxidation and possible volatilization, the measured oxide growth kinetics was fitted.
The parabolic oxidation constant for the native oxide is 7.9x<10 nm?.s, while it is only 3x<10°

3 nm?.s for the passive film. The higher Cr content, and a lower density of grain boundary in
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the passive oxide, significantly reduce the re-oxidation rate of passive oxide film. A very
significant role of the Mo rich outer oxide layer, acting as a barrier to Cr outward diffusion, is
evidenced by the use of 180 isotopic label.
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Conclusions and perspectives

The aim of the first part of this thesis was to understand the corrosion behaviour of
CoCrFeMnNi high entropy alloy with emphasis on the characterization of the surface oxide

layers (native oxide and passive film) by XPS and ToF-SIMS.

A new XPS approach based on the analysis of 3p core level spectra has been developed. The
parameters for fitting the 3p core level peaks of pure metals were used as reference for fitting
the XPS 3p spectra for the oxide-covered high entropy alloy. The decomposition of Cr 3p
core level peaks into oxide and hydroxide have been verified by fitting also the Cr 2p spectra.

The native oxide film formed on a mechanically polished CoCrFeMnNi high entropy alloys
surface has a bilayer structure with a total thickness of ~1.4 nm. Fe oxide (30.3at%) and Co
oxide (8.2at%) are located preferentially in the outer layer, Mn oxide (15.2at%) in the inner
layer. Cr (46.3at%) is distributed in the whole film. Ni oxide is not detected by XPS. A
modified alloy layer, enriched in Ni, is observed under the oxide film.

After exposure of the alloy covered by the native oxide to acidic aqueous solution (0.05M
H2>S04) at OCP, the CoCrFeMnNi HEA shows a marked dissolution of Fe oxide from the
film. The amounts of Cr oxide and hydroxide in the film are increased after immersion for 60
min. Despite the dissolution of species in sulfuric acid, the thickness of the film is increased
after immersion. There is a balance between dissolution of the species and growth of the

oxide which seems to bring a stationary thickness after ~30 min of immersion.

The passivity of the HEA at different passive potentials (200mV, 400mV and 600mV) in
0.05M H>SOs4 has been studied. The passivation potential has a weak effect on the
composition and thickness of the oxide layer and modified alloy layer. The studied passive
films still have bilayer structures, Fe/Co/Cr mixed outer layer and Cr and Mn inner layer, with
total thicknesses of 1.6-1.7 nm. The passive films are found to be enriched in Cr species
(57.6at% at 200mV, 65.2at% at 400mV and 68.9at% at 600mV), particularly Cr oxide,
compared to the native oxide film. The contents of Mn and Co oxides in the passive films are
similar to that in the native oxide film. Much less Fe oxide is observed in the passive film

after passivation, which is consistent with the high dissolution of Fe oxide in the acidic
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solution. During passivation at 400mV in sulfuric acid, the transformation from Cr hydroxide

to Cr oxide (by dehydroxylation) is observed for increasing passivation time.

The aim of the second part of this thesis was to determine the ion transport mechanisms in
surface oxides on Cr-containing alloys (304L and 316L stainless steels).

First, we investigated the thermal stability of the passive films on stainless steel. The
modifications of the passive film formed on 316L stainless steel surface during stepwise
heating in vacuum from room temperature to 300<C has been studied. The pristine passive
film, electrochemically formed in 0.05M H>SOs solution at 0.4V/SCE for 1h, on the 316 L
stainless steel, has a bilayer structure. The outer layer is enriched in iron oxide and
molybdenum oxide while the inner layer is rich in chromium oxide. The interface between
these outer and inner layers is not sharp, meaning that some iron oxide is distributed in the
inner region. Up to 100<C, the passive film is stable. In the range 100C - 250<C,
dehydroxylation and removal of water ligands is observed. Above 250<C, the main
modification in the passive film is the formation of chromium oxide at the expense of
oxidized iron content. A thicker Cr rich inner layer with sharper inner / outer oxide interface

is formed in the passive film after step-wise heating up to 300 <C.

The ion transport mechanism in the pre-formed passive film on 304L SS surface has been
investigated by in situ ToF-SIMS with isotopic tracer. The passive film, formed
electrochemically in sulfuric acid solution at 0.4V/SCE, has a bilayer structure with outer iron
oxide and inner chromium oxide layers. Further exposure of the passive film to isotopic 20,
gas at 300<C reveals that the newly formed oxide is located at the external oxide surface,
demonstrating that cation diffusion is the governing ion transport mechanism for the oxide
growth. After 1h re-oxidation, the oxide film reaches a quasi-stationary thickness, assigned to
the limiting transport of cation from the substrate and the chromium oxide evaporation. Then
the 160 /180 isotopic exchange becomes the main mechanism governing the O depth profile.
A model is proposed to describe the re-oxidation kinetics obtained from the measurements.
The parabolic constant (0.018 nm2.s?) and volatilization constant (0.0037 nm.s*) for the
oxide growth are determined, and the diffusion coefficient of cations is found to be D.=910"
17 em?.st, which is markedly higher than the oxygen diffusion coefficient (Do=1.6 ~ 2>x 10/

cm?.s1). The growth of the passive oxide film is governed by outward cation diffusion.

The transport of ions in oxide films (both the native and passive films) on 316L SS surfaces

has been investigated. Both the air-formed native film and passive film (formed in sulfuric
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acid solution at 0.4V/SCE) have bilayer structures with a Mo and Fe rich outer layer and a Cr
rich inner layer. The results of in situ re-oxidation of the oxide films reveal that outward
cations diffusion (Cr, Fe and Mo) through the inner oxide layer is the governing ion transport.
The outer Mo-rich oxide layer acts as a barrier preventing the further diffusion of Cr to the
oxygen gas/oxide interface, while it has no barrier effect on the diffusion of Fe and Mo. Based
on a model similar to the model of re-oxidation for 304L SS, the measured oxide growth
kinetics was fitted. The parabolic oxidation constant for the native oxide is 7.9102 cm?.s?,
while it is only 3x10° cm?.s™ for the passive film. The higher Cr content, and a lower density
of grain boundary in the passive oxide, significantly reduce the re-oxidation rate of passive

oxide film.

Several perspectives for further work can be proposed based on the present research work. It
would be interesting to use the same methodology and investigate the thermal stability and
ion transport in CoCrFeMnNi HEA. This could help us have further understanding on the
corrosion behaviour of HEA and give instructions on the improving and modifying the design

and properties of HEA.
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Annexe :

Ré&umeééendu en fran@is des travaux pré&enté dans la these

Cette these contient 6 chapitres. Aprés une synthese bibliographique des principaux travaux
ralisés sur les alliages inoxydables contenant du Cr, en particulier i) 1’étude de la nature,
structure, composition et cinétique de croissance des couches d’oxyde formées, ii) 1’analyse
des principaux modées de croissance des oxydes et iii) les méeanismes de transport ionique a
travers la couche d’oxyde, le chapitre 1 présente les objectifs de ce travail. Le Chapitre II
présente les différentes techniques électrochimiques et d’analyse de surface utilisées pour
réliser le travail de recherche exp&imentale. Le chapitre Ill traite de I'é@ude du
comportement ala corrosion des alliages ahaute entropie CoCrFeMnNi en mettant I'accent
sur la caracté&isation de la nature, la structure et la composition des couches d'oxyde de
surface. Dans ce chapitre, le film d'oxyde natif forméal‘air et le film passif forméa0,4 V
(SCE) en milieu acide sulfurique (0,05 M) ont été finement étudiés afin d’identifier et discuter
les modifications de composition et structure du film d’oxyde liées a la passivation sous
potentiel imposé Dans le chapitre IV, la stabilité thermique d’une surface d’acier inoxydable
316L passivee (H2SOs 0,05M ; 0,4V (SCE)) a éétesté sous ultra haut vide depuis la
température ambiante et jusqu’a 300 °C. Les chapitres V et VI se sont concentrés sur I’étude
des processus de transport des espeees ioniques dans les films d'oxyde natif (forméal‘air) et
passif (formé électrochimiquement dans l'acide sulfurique) sur des surfaces d’acier

inoxydable 304L et 316L.

Chapitre |

Ce chapitre bibliographique présente les principaux alliages inoxydables, contenant du Cr, en
se focalisant sur les aciers inoxydables 304 et 316 et l'alliage &haute entropie CoCrFeMnNi.
Les aciers inoxydables sont des alliages abase de fer qui pré&entent une teneur massique
minimale en chrome de 12% et une teneur massique maximale en carbone de 1,2 %. Quatre
familles d’acier inoxydable ont pu &re définies : martensitique, ferritique, austénitique et
duplex. Elles sont fonction de leur structure cristallographique. Les aciers inoxydables
martensitiques contiennent la phase martensite qui est une structure cristallographique

téragonale centrée métastable due a la présence d’atomes de carbone dans les sites
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interstitiels de la maille. Les aciers inoxydables ferritiques ont une structure cristallographique
cubique centrée (a) et sont ferromagnétiques. Les aciers inoxydables austénitiques ont une
structure cristallographique cubique a faces centrées (y) et sont paramagnétiques. Enfin, les
aciers duplex sont des aciers inoxydables ayant une structure biphasé& composeés de ferrite

compléee de 40 a60 % d'austenite.

Le premier alliage a haute entropie, CoCrFeMnNi éjuimolaire, a &e&fabriqué par Cantor en
2004 par filage achaud. Du fait d’une trés grande intersolubilité des éléments (méaux de
transition) composant ces alliages & haute entropie, ils forment une solution solide
monophasique cubique centré. Ces alliages, aux propriéé& spe&ifiques, font I'objet de
recherches depuis plusieurs annés. Leur meilleure compréhension a permis de
progressivement lever certaines limites (structure monophaseées et &uimolaires) permettant la
mise au point d’une seconde généation d'alliages ahaute entropie, dite asolution solide
multiphasique non éjuimolaire ou alliages concentré& complexes. Les quatres principales
caractéistiques des alliages a haute entropie ont &é ré&umés par Yeh, asavoir : (1)
Thermodynamique: effets ahaute entropie, qui facilite la formation de phases en solution
solide et atempéatures deveées; (2) Cinéique: diffusion lente; (3) Structures: distorsion
importante du réseau; et (4) Propriéés: effets de cocktail (interaction des diffé&ents ééments

d’alliage), conférant des caractéristiques spécifiques au matériau.

Pour ces alliages contenant du Cr (aciers inoxydables et alliages ahaute entropie), la passivité
est basé sur la formation spontané d'une fine couche d'oxyde de chrome (le film passif). Ce
film, continu, adhé&ent et stable dans le milieu, joue un rde barriée ralentissant les réctions
de corrosion (dissolution) de plusieurs ordres de grandeur. Les films passifs ont des éaisseurs

le plus souvent limitées aguelques nanomeéres.

Généalement, les propriéés du film passif et donc la réistance ala corrosion des méaux et
alliages sont régies par leur composition et leur structure. Pour les alliages Fe-Cr, la structure
de la couche d’oxyde est duplex avec une couche externe d’oxyde/hydroxyde de Fer et une
couche interne d’oxyde de Cr. La résistance ala corrosion est liee ala formation de la couche
d’oxyde de Cr. L'analyse de surface nous montre que I'éaisseur totale du film passif forméen
milieu acide est comprise entre 1 et 3 nm. L’addition de nouveaux éléments d’alliage, comme
le Ni et/ou le Mo, conféent des effets bénéfiques aux alliages Fe-Cr. Par exemple, 1’addition
de nickel am@iore les propriéé& mezaniques telles que la ductilitéet la ténacité L’ajout de

molybdeéne aura, par contre, limitera la dissolution active confé&ant ainsi une réistance accrue
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ala corrosion localisé des alliages. Le Mn est &jalement un éément d'alliage tres utilisé Il
permet, &faible cout, de stabiliser la phase austéitique et augmente significativement la
solubilitéde I'azote dans les alliages abase de Fe. Cependant, I'addition de Mn est connu pour

réluire la ré&istance ala corrosion des aciers inoxydables.

Compte tenu du rde cléjouépar le film d'oxyde sur la réistance ala corrosion des méaux et
alliages, la caract&isation déaillé de leur nature, structure, composition et cinéique de
croissance est importante. Ainsi, 1I’étude des méeanismes d'oxydation et en particulier les
meeanismes de transport ionique a travers le film d’oxyde est capital et a fait et fait toujours

I’objet de nombreux travaux.

Diffé&ents modées ont &&proposé pour deerire les mésanismes de croissance des couches
d’oxyde sur les métaux et alliages. Le premier modéle a été proposé par Carl Wagner en
1933. Il permettait de deérire les processus de transport des espeses atravers le film d’oxyde
lors de I’oxydation a haute température de métaux purs. Dans ce modéle, 1'équilibre
thermodynamique est considé&é é&abli aux interfaces méal-oxyde et oxyde-gaz. Ainsi, des
gradients de concentration des diffé&entes espeses (méalliques et non méalliques (oxygene,
soufre, etc.)) sont é@ablis atravers la couche d’oxyde, a ’origine de la migration de ces

espezes.

Plus tard et en se basant sur la thérie de Wagner, le modéle des défauts ponctuels (PDM) et
le modéle Marcus-Seyeux-Leistner (MSL) ont &é&développés. lls permettent de déerire la
formation des couches d’oxyde sur les métaux et alliages. L’évolution majeure de ces
moddes concernent la prise en compte du champ électrique a travers le film d’oxyde. En
effet, du fait de la migration d’espéces chargées, un champ éectrique s’établit dans la couche
d’oxyde, responsable de la migration des cations, anions et électrons. Les modéles PDM ou
MSL sont géé&alement utilis&s pour décrire la formation de couche d’oxyde par voie

dectrochimique.

Lors de I’oxydation gazeuse a haute température, la théorie de Wagner permet d’exprimer la

s . , dx _ k <
cinétique de croissance de la couche d’oxyde comme : d—f = 7”, ou kp est la constante

paraboligque, X est I'éaisseur de I'oxyde. La thérie de Wagner a é&éappliqué pour déerire
I'oxydation gazeuse ahaute tempé&ature des alliages contenant du Cr. N&anmoins, Compte
tenu de la volatilisation du Cr,Os ahaute tempé&ature, une constante de volatilisation, kv, a

éc¢&introduite dans le modée de Wagner. Elle ralentit la cinéique apparente de la maniére
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. d k . N . k k k
suivante: —=-2—k,, ce qui donne aprés intération: t = Z[-=2x—1In (1 - —"x)]
at  «x kit kp kp

(équation annexe-1).

La cinétique d'oxydation des métaux et alliages est controlée par la diffusion des especes
cationiques (diffusion vers l'extérieur des ions métalliques a travers la couche d’oxyde), par la
diffusion des espéces anioniques (diffusion vers l'intérieur des ions oxygeénes) ou une
diffusion mixte cationique/anionique. Pour déterminer les mécanismes de transport des ions
sur les films d'oxyde, une technique d'oxydation en deux étapes a été mise au point au
laboratoire (doi: j.corsci.2018.10.009). Elle permet, dans 1’enceinte méme du spectromeétre
ToF-SIMS, de réaliser une premiére oxydation dans 1’oxygéne isotopique 'O, suivi d’une
seconde oxydation sous oxygeéne isotopique '30,. La distribution de 1'oxygéne isotopique dans
la couche d'oxyde révélant des informations directes sur les mécanismes de transport pendant
'oxydation. La spectroscopie de masse des ions secondaires est une technique appropriée pour
localiser le traceur isotopique dans la couche d'oxyde et ainsi conclure sur les mécanismes de
transport mis en jeu. La diffusion anionique conduisant a la formation du nouvel oxyde 30 a
l'interface substrat métallique/oxyde, tandis que la diffusion cationique entrainera la formation

du nouvel oxyde en surface, c'est-a-dire a l'interface oxyde/gaz.

Apres la revue bibliographique, les objectifs de ce travail de thése ont &€posés. Le premier
objectif est d'éudier en déail la nature, structure et composition du film d'oxyde natif et du
film passif formé&en milieu acide sulfurique sur I'alliage &haute entropie CoCrFeMnNi et les
alliages inoxydable, contenant du Cr. Ensuite, le deuxiéne objectif de ce travail &ait d'&udier
les processus de transport des ions ré&gissant les cinéiques de croissance de la couche d'oxyde

(couche d’oxyde native et passive) sur une surface d’alliage inoxydable.
Chapitre 11

Le chapitre Il correspond & une revue des techniques de caracté&isation de surface,
dectrochimiques, ainsi que les mé&hodes de préaration des €hantillons utilisé&s pour mener
abien les objectifs de ce travail. Tous les &hantillons sont préaré par polissage avant leur
caract&isation. Ainsi, les éhantillons sont polis sur papier abrasif SiC jusqu’au grade 2400,
puis avec des paes diamanteées jusqu’a 0,25 pm afin d’obtenir un poli miroir. Apres polissage,
les é&hantillons sont rincés successivement dans des bains d’acétone (VWR Chemicals, pureté
99%), d’éthanol (VWR Chemicals, pureté 99,5%) et d’eau ultra-pure (résistivit€sup&ieur a

18,2 MQcm) sous ultra-sons.
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Les techniques électrochimiques utilisées pour 1’¢tude de la résistance ala corrosion et du
processus de passivation sont la polarisation potentiodynamique et la polarisation
potentiostatique. Le systéme éectrochimique utilis€est constituéd’une cellule classique a
trois dectrodes. L’&ectrode de réé&ence est une éectrode au calomel saturé (SCE). La
contre-@ectrode est une spirale de fil en or. L’électrode de travail est notre échantillon dont la
surface est ddimité& par un joint Viton. Dans cette étude, 1’électrolyte est une solution
aqueuse d’acide sulfurique de concentration 0,05 M, pré&lablement dé&aé&é& par un bullage

d’argon.

Les techniques de caractérisation de surface mises en ceuvre sont la spectroscopie de
photoélectrons induits par rayons X (XPS) et la spectrométrie de masse d’ions secondaires &
temps de vol (ToF-SIMS).

La spectrométrie de masse d’ions secondaires a temps de vol (ToF-SIMS) permet 1’analyse
éémentaire et moléeulaire de la surface avec une tré haute sensibilité Dans une analyse
ToF-SIMS, la surface de 1’échantillon est bombardée par un faisceau pulsé d’ions primaires
Bi* ayant une énergie de 25 keV. La dissipation de I’énergie des ions primaires entraine en
une cascade de collisions, avec rupture des liaisons chimiques et émission de particules
secondaires issues des 2 ou 3 premi&es monocouches atomiques. Les ions secondaires sont
ensuite post-acc&&& pour &re analysés en temps de vol et ainsi triés en fonction du temps
neeessaire pour atteindre le déecteur, un lien existant entre le temps et la masse. Plusieurs
types d’analyse peuvent &re rélisés: Spectres de masse de surface, des profils de
composition en profondeur et des imageries chimiques de la surface. Dans notre éude, nous
avons réailisé des profils de concentration permettant de déerminer la distribution en
profondeur des différents éléments présents dans les films passifs et a D’interface avec le
substrat. La spectromérie ToF-SIMS éant une technique <«statique > un second canon,
d’abrasion est utilisé pour éroder la surface. Il s’agit d’un canon d’ion Cs*. La succession de

phases d’analyse et de décapage permet d’obtenir les profils de composition en profondeur.

L’analyse XPS permet d’obtenir un spectre représentant le nombre de photoélectrons détectés
(en coups par seconde) en fonction de 1’énergie de liaison (en eV) des niveaux de cceur des
¢éléments présents en surface. Le principe de I’XPS repose sur I’émission de photoélectrons
suite a I’interaction rayonnement-mati¢re. Cette technique permet I’identification qualitative
des principaux ¢€léments présents a la surface de I’échantillon et de leur environnement

chimique. La décomposition des spectres XPS permet d’obtenir des informations
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quantitatives, composition de la surface, €paisseur de la couche d’oxyde, a partir des
intensité&s spectrales mesurées. Dans notre cas le logiciel utilisé pour la dé&omposition

spectrale est Avantage. La ligne de base est fixé& et soustraite sous forme Shirley.

Chapitre 111

Dans ce chapitre, le comportement ala corrosion de I'alliage CoCrFeMnNi ahaute entropie
(HEA) a éééudiéen mettant I'accent sur la caracté&isation des couches d'oxyde de surface
(oxyde natif et film passif).

XPS est une méhode approprié pour éudier la composition de films d'oxyde de surface
d'éaisseur nanomérique. Géné&alement, pour les alliages contenant Fe, Cr, Ni, Co et Mn, les
pics de niveau de coeur 2p sont enregistrés avec une haute résolution et de nombreuses
réf&ences sont disponibles pour éudier les éats chimiques des ééments analysés. Cependant,
pour le CoCrFeMnNi HEA avec cing ééments dans des rapports €juiatomiques, de nouveaux
défis apparaissent dans 1’analyse des donnés XPS en raison de l'interfé&ence des transitions
Auger avec les photopics 2p des principaux é@éments de l'alliage. Ainsi, une approche
nouvelle basé sur I’étude des pics des niveaux de cceur 3p a été développée pour caractériser
les surfaces HEA. Pour développer cette nouvelle approche, une nouvelle base de données
pour les spectres de niveau de cceur 3p doit étre établie. Premiérement, les pics de niveau de
cceur standard 3p pour les métaux purs ont été enregistrés en utilisant des métaux purs
provenant de lots utilisé pour fabriquer le CoCrFeMnNi HEA. Ces &hantillons de méal pur
ont &épolis avec du papier SiC agrain 2400, puis introduits dans la chambre d'analyse XPS.
Les &hantillons ont &€pulvé&isé al'aide d'un faisceau d'ions Ar + pour &iminer les oxydes
de surface et les contaminants et obtenir des surfaces méalliques. Les spectres de haute
résolution XPS 3p ont é&éenregistrés et la courbe ajustée al'aide du logiciel Thermo Electron
Avantage et tous les paramétres ont &éautomatiquement ajustés par le logiciel pour s'adapter
au mieux aux pics de méaux purs. Cette approche a éétesté& avec succes pour éudier par

XPS les oxydes natif et passif sur 1’alliage HEA.

Le spectre caracté&istique des pics 3p de Cr, Mn, Fe, Co et Ni, et I'ajustement de pic pour un
film d'oxyde natif formésur la surface de CoCrFeMnNi HEA sont pré&enté& sur la figure
annexe-1. Cette dé&omposition a é&eéralisee en introduisant les paramétres d'ajustement
déerminé& pr&éalemment pour chaque ément (&at méallique et &at oxyde). L'éaisseur du
film d'oxyde natif est estimé& al,4 nm. Le film d'oxyde natif pré&ente un fort enrichissement
en chrome (46,3 at%, dont 26,5 at% d'oxyde et 19,8 at% d'hydroxyde) et en fer (30,3 at%)
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tandis qu'un appauvrissement en Co (8,2 at%) est clairement observé Aucun oxyde de nickel
n'est déectépar XPS dans la couche d'oxyde. Dans la couche d'alliage méallique modifiee
sous I'oxyde natif, un appauvrissement en Cr méallique (11,7 at%), Mn (12,5 at%) et Fe (17,1
at%) est observé tandis que la concentration en Ni méallique (33,8 at%) et Co (24,9 at%)
sont nettement plus deves que dans la masse. La zone d'appauvrissement en chrome dans la

couche d'alliage modifié est corrdé al'enrichissement en oxyde de chrome dans le film
d'oxyde.
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Fig.Annexe-1 Spectres de niveau de noyau XPS pour le film d'oxyde natif formésur le HEA:
Cr 3p, Mn 3p, Fe 3p, Co 3p, Ni 3p. Les points noirs repré&entent les spectres exp&imentaux
et les lignes colorés montrent I'ajustement du pic

Le profil ToF-SIMS (figure annexe-1) obtenu sur une couche d’oxyde native formée sur un
alliage HEA montre une structure d'oxyde duplex composée d'oxydes de chrome, de fer et de
cobalt dans la couche externe et d'oxydes de chrome et de manganése dans la couche interne.

A l'interface méal / oxyde, I’alliage métallique est modifié. Il est enrichie en Ni et Co.

Oxide ! Modified ! Metallic substrate
10° - ' alloy layer '
'
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Fig.Annexe-2 Profils de profondeur ToF-SIMS pour le film d'oxyde natif formésur le HEA
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Apres exposition de I'oxyde natif aune solution aqueuse d’acide sulfurique (0,05 M H2SQOa4)
au potentiel de circuit ouvert, on observe une modification de la composition du film d’oxyde
recouvrant le CoCrFeMnNi HEA. En effet, on observe une dissolution marquee de I'oxyde de
Fe, une augmentation significative de la concentration en oxyde/hydroxyde de Cr, et une
augmentation de 1’épaisseur totale de la couche d’oxyde. Cela s'explique par la vitesse de
dissolution deveé de I'oxyde de Fe dans les milieux acides. Malgréla dissolution des espeses
dans I'acide sulfurique, I'éaisseur du film augmente apres immersion du fait de la formation
d'une couche plus épaisse d’oxyde de chrome. Il existe un équilibre entre la dissolution de
I'oxyde de fer et la croissance de lI'oxyde de chrome qui semble apporter une épaisseur
stationnaire aprés ~ 30 min d'immersion. L'éaississement du film d'oxyde est observéala
fois par les mesures XPS et ToF-SIMS.

La passivitédu HEA adiffé&ents potentiels (200 mV, 400 mV et 600 mV) a éééudié. Les
observations ToF-SIMS montrent que la structure des films passifs formé& a diffé&ents
potentiels sont des bicouches, avec une couche externe de Fe/Co/Cr riche et une couche
interne de Cr/Mn. La caracté&isation XPS a montré que les films passifs formé& atrois
potentiels diffé&ents ont presque la m&ne composition et éaisseur de la couche d'oxyde et la
composition de l'alliage mé&allique sous la couche. Les films passifs éudié se sont revéés
ére enrichis en oxyde de Cr par rapport au film d'oxyde natif. Les teneurs en oxydes de Mn et
de Co dans les films passifs sont similaires acelles du film d'oxyde natif. Par contre, On
observe une diminution importante de la concentration en oxyde de Fe dans le film passif, ce
qui correspond ala forte dissolution de I'oxyde de Fe dans la solution acide. L'éaisseur totale
des films passifs se situe entre 1,6 et 1,7 nm. En éudiant davantage l'effet du temps de
passivation sur la composition de l'oxyde & 400 mV, la principale modification de la
composition observés dans le film passif est I'augmentation de la concentration en oxyde de
Cr au dériment de la concentration en hydroxyde de Cr. La teneur totale en espeses Cr
(oxyde et hydroxyde de Cr) restant constante. Ce processus de transformation de I’hydroxyde
en oxyde est responsable de la diminution du courant passif. L'épaisseur du film est maintenue
al,6-1,7 nm, donc le temps de passivation n'a pas d'effet significatif sur I'éaisseur du film
passif.

Chapitre IV

Le chapitre 1V a éudiéla stabilitéthermique du film passif formésur la surface d’un acier

inoxydable 316L lors du chauffage de la température ambiante jusqu’a 300°C sous ultra haut
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vide.

Avant exposition a haute tempé&ature, le film passif formé sur I'acier inoxydable 316L
préente une structure bicouche. Les profils ToF-SIMS obtenus montrent la formation d’une
couche externe enrichie en oxyde de fer et en oxyde de molybdéne tandis que la couche
interne est riche en oxyde de chrome. Le profil ToF-SIMS caractéristique de 1’oxyde de Fer
montre une interface diffuse entre les couches externe et interne indiquant que I'oxyde de fer

est distribuédans la couche interne.

A partir des profils ToF-SIMS obtenu, un scéario deerivant I'é@olution du film passif formé
sur 316L SS durant le traitement thermique sous UHV a éééabli et est pré&sentésur la figure
annexe-3. A des tempé&atures infé&ieures 2100 <TC, le film passif est stable et la composition
n'est pas modifiée. A des tempéatures sup&ieures 2100 <T, l'interface oxyde interne / oxyde
externe du film passif devient plus nette sur les profils de composition ToF-SIMS, indiquant
une structure bicouche plus marquée avec un oxyde externe qui est presque exclusivement
composéd'oxyde de Fe et un oxyde interne compos€ majoritairement d'oxyde de Cr. La
tempé&ature de 250 <C est un point critique. Pour des tempé&atures comprises entre 100 T et
250C, la principale modification observée dans la couche d’oxyde est la dé&omposition de
I'nydroxyde de Cr et I'@imination des ligands aqueux, entrainant un enrichissement de la
couche en oxyde de chrome. A des tempé&atures sup&ieures 250 <T, on observe la ré&luction
de I'oxyde de Fe causé par la diffusion massive de Cr dans la partie int&ieure de I'oxyde. En
effet, la plus grande stabilité de ’oxyde de Cr entraine sa formation au dépend de I’oxyde de

Fer a I’interface oxyde interne/ oxyde externe.
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L'éaisseur du film passif (2 nm) n'est pas modifiee ades tempé&atures de chauffage jusqu'a
100 <C. Ensuite, atempé&ature plus éevee (jusqu'a250 <), I'&aisseur du film passif diminue
progressivement jusqu'a 1,6 nm, ce qui correspond a la déshydroxylation et a la
déshydratation du film d'oxyde. Un changement trés limitéde I'éaisseur du film est observéa
des tempé&atures sup&ieures 2250C (de 1,6 nm al,4 nm). Cette I&ee modification de
I’épaisseur du film dans cette plage de température est attribué ala formation d'oxyde de
chrome (5,22 g/cm?®) et d'oxyde de molybdéne (6,47 g/cm?®) au dériment de I'oxyde de fer
(5,24 glcm?®), les variations de densité&&ant responsable de la modification en épaisseur. De
plus, la formation d'oxyde de Mo consommera encore plus d'oxyde de Fe en raison de sa

stoechiométrie plus élevée.
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Fig.Annexe-4 The thickness of the passive film as a function of heating temperature and time

Le film passif, aprés chauffage sous UHV, pré&ente toujours une structure bicouche avec une
couche externe d’oxyde de Fe et de Mo et une couche interne trés enrichie en oxyde de Cr. La
concentration en oxyde de Cr dans le film passif expos€ahaute tempé&ature est sup&ieure a
la concentration dans le film passif initialement formé Cela est, anouveau, le réultat de la
formation d'oxyde de Cr aux dépens de l'oxyde de Fe, du fait de I’enrichissement de

I’interface métal/oxyde en Cr a haute température (diffusion plus grande dans le substrat).

Chapitre V

Dans ce chapitre, le transport ionique dans le film passif préormésur une surface en acier

inoxydable 304L a ééé&udiépar ToF-SIMS au moyen de traceur isotopique.

Le film d'oxyde passif forméd@&ectrochimiquement dans une solution de 0,05 M H2SO4 a0,4
V/SCE pendant 1 h a une structure duplex, comprenant une couche externe riche en fer et une
couche interne riche en chrome. L'éaisseur du film passif est d'environ 2 nm. Aprés avoir

chauffél'&hantillon jusqu'a300 <T dans la chambre principale du ToF-SIMS. L'éaisseur du
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film passif est estimeée al1l,9 nm. La structure et la nature du film passif reste inchangee.
Cependant, des changements de composition et d’épaisseur sont observés lors de
l'augmentation de la tempé&ature jusqu’ a 300 °C. Comme discutépré&e&lemment, ceci est
attribuéa(i) la déshydroxylation et a la déshydratation du film d’oxyde deés 100°C. (ii) la
formation d'oxyde de chrome au dériment de lI'oxyde de fer lorsque la tempé&ature est
sup€&ieure a250 <C.

Ensuite, une nouvelle exposition du film passif au gaz 80, (traceur isotopique) &300 T
révée que la diffusion des cations vers lI'ext&ieur est le meéeanisme de transport des ions qui
réit la croissance des oxydes. Un schéma de I'éolution de la couche d'oxyde exposé at0;
a300 <T sur la base des donnees de profilage en profondeur ToF-SIMS est pré&entésur la
figure annexe-4. Bien que dans ces manipulations, I’é&hange isotopique *°0/*80 ne puisse pas
ére nalige le principal meéanisme regissant la croissance de I'oxyde pour une réaxydation
courte de la surface prépassiveée a pu étre déterminé. Il s’agit du transport des cations
métalliques a travers le film d’oxyde, ce qui signifie que les cations de fer et de chrome
diffusent du substrat méallique vers l'interface oxyde/gaz ouils régissent avec I'oxygene
isotopique (*80y). Ainsi, les oxydes de chrome et de fer nouvellement formé sont situé&s a
l'interface externe oxyde/gaz. Aprés 15 min de réoxydation sous une faible pression de 20,
la diffusion cationique regit toujours la croissance de Il'oxyde. L'é&hange isotopique est
&alement mis en éidence comme le montre le profil 0 dans l'oxyde 0 préormé A un
temps de réxydation plus long (plus de 1 h), le film d'oxyde atteint une épaisseur quasi
stationnaire (le taux de croissance devient trés faible) et I'é&hange isotopique devient le
principal mé&anisme conduisant &une augmentation de la quantit€de 0 dans la partie
inté&ieure de I'oxyde couche. La volatilisation de I'oxyde de chrome ahaute tempé&ature et
sous UHV comme observésur un &hantillon de Cr pur oxydésous UHV ahaute tempé&ature
ne peut pas &re exclue.

1802 1802

L

new oxide

1sotopic
pre_f;med 160, oxidized Fe exchange
passive film
I T

Fig.Annexe-5 Scheme of the evolution of the passive oxide layer exposed to 20, at 300<C
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La cinéique de rémxydation est bien ajusté par une loi de type «logarithmique >3 qui peut
s'expliquer par la compéition entre la croissance parabolique et la volatilisation de la couche
d'oxyde (expliqués dans le chapitre | partie). La cinéique d'oxydation peut alors &re ajusté
par I'é@uation annexe-1 qui prend en considération la croissance et la volatilization de la
couche d’oxyde de Cr. Les valeurs de kp et ky dé&ivées de I'ajustement sont 1,8102 nm2.s? et
3,7x10° nm.s™, respectivement. Sur la base d'une relation simplifié entre le coefficient de
diffusion et la constante de vitesse parabolique k,, = 2D., nous concluons que le coefficient
de diffusion pour la diffusion cationique vers I'exté&ieur (D) dans le film d'oxyde est de 9%<10

7 em?st,

Bien que, comme discutéci-dessus, le principal mécanisme de transport d’espéces ioniques
pendant le processus de réoxydation du film passif formésur 304L SS soit la diffusion vers
I'ext&ieur des cations, un meéanisme mixte comprenant ala fois la diffusion des cations et
des anions ne peut &re compléement exclu. Ainsi, il est inté&essant d'évaluer le coefficient de
diffusion d'oxygene atravers le film d'oxyde et de le comparer au coefficient de diffusion
cationique. L’intégration semi-infinie de la deuxiéne loi de diffusion de Fick pour la
diffusion unidimensionnelle, modifiée pour inclure I’échange isotopique, peut étre testée sur
les profils de profondeur ToF-SIMS du signal 180. Avec ce modéde, le coefficient de
diffusion de I'oxygéne (Do = 1,6 ~ 2 <10 cm?.s™) et le coefficient d'é&hange isotopique (k =
3,7 <100 at.cm2s?t et 1 10! at.cm?2.s) sont obtenus.

Il appara® que le coefficient de diffusion cationique (9 % 10" cm?.s?) issu de la cinéique de
croissance de la couche d’oxyde est environ 5 fois plus élevé que le coefficient de diffusion
de l'oxygéne (1,6 ~ 2 x 10Y" cm?s?). Ainsi, la diffusion cationique est bien le principal
mécanisme de diffusion permettant la croissance de la couche d’oxyde sur I’alliage

inoxydable 304L.

Chapitre VI

Dans ce chapitre, le processus de transport des ions dans les films d'oxyde (ala fois natifs et

passifs) sur les surfaces en acier inoxydable 316L a éeéudie

Comme précédemment sur I’alliage 304, les films d’oxyde natif et passif formés sur 1’alliage
316 ont des structures duplex, avec une couche externe riche en Mo et Fe et une couche
interne riche en Cr. Apres polarisation anodique, le film passif est plus é&ais que le film

d’oxyde natif, résultat de la croissance de la couche interne riche en Cr. De méne, aprés
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passivation, la concentration en oxyde de fer dans la couche externe est r&luite, dOfait de la

dissolution accrue de I'oxyde de fer dans I'acide sulfurique.

Aprés avoir chaufféles films d'oxyde a300 <C, le film natif et le film passif possédlent
toujours des structures duplex avec une couche externe riche en Fe et Mo et une couche
interne riche en Cr. La ré&luction de I'oxyde de fer et la formation d'oxyde de chrome sont
observées comme pr&é&emment sur les couches native et passive formées sur I’acier
inoxydable 304L. L'épaisseur du film natif formé sur I’acier inoxydable 316 n’est pas modifié
A haute tempé&ature, contrairement acelle du film passif, qui est ré&luite du fait de la
déshydroxylation et de la deéshydratation. Ces phé&omeénes de déhydroxylation et
dé&shydratation observés sur les couches passives ne sont pas surprenantes, compte tenu de la
plus grande concentration en hydroxyde et en molécule d’eau de la couche d’oxyde aprés

passivation.

Lors des exp&iences de réoxydation 2300 T au moyen de traceur isotopique 20, les
résultats révelent qu’au temps courts de réoxydation, la croissance du film d’oxyde est le
résultat de la diffusion des cations méalliques (Mo, Fe et Cr) vers I'exté&ieur. N&@nmoins,
alors que les cations Mo et Fe diffuse librement a travers la couche d’oxyde initialement
formé dans 1°0,, la diffusion des cations Cr est bloqués par la couche externe riche en oxyde
de Fe et Mo. Ainsi, durant la phase de réoxydation dans 1’oxygéne isotopique, les oxydes de
Mo et Fe nouvellement formés sont situés dans la couche externe. Au contraire, I’oxyde de Cr
nouvellement formé est localisé a I’interface couche interne / couche externe du fait de la
diffusion lente de 80 dans la couche externe. Pour des temps longs de réaxydation, la couche
d’oxyde atteint une €paisseur stationnaire indiquant un €équilibre entre la vitesse de croissance
de la couche d’oxyde et sa volatilization. Dans ces conditions, I'échange isotopique entre les
espeees 180 et %0 est le mé&anisme dominant les modifications observées dans la couche
d’oxyde. La figure Annexe 6 est une représentation schématique des mécanismes de diffusion

dans la couche d’oxyde formée sur 1’alliage inoxydable 316 issue des analyses ToF-SIMS.
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Fig.Annexe-6 Scheme of the ion transport mechanisms for oxide films (native oxide and
passive film) formed on 316L stainless steel

La cinéique d'oxydation a é&éajustée par I'éuation annexe-1, et la constante parabolique kp
et la constante de volatilisation kv peuvent &re obtenues. Pour le film natif sur acier
inoxydable 316L, les valeurs de kp et kv d&ivées de I'ajustement sont de 7,9 <102 nm?.s? et
6 %107 nm.s™%, respectivement. Ces valeurs sont nettement sup&ieures acelles calculéss pour
les films passifs formé&s sur 316L (kp = 3 %103 nm?.s? et ky = 4 <10 nm.s™) et 304L (kp =
1,8 <102 nm?s? et ky = 4 % 10° nm.sY). Cela est principalement dGau fait que le film
d'oxyde natif a: (i) une densitéde limite de grain plus devee qui réagit comme un chemin de
diffusion rapide pour les espeees diffusantes, et (ii) une teneur en oxyde de Cr inf&ieure par
rapport au film passif formédectrochimiquement. Lorsque nous avons comparéles valeurs kp
et kv pour les films passifs sur 316L et 304L, les valeurs pour 316L sont presque une grandeur
infé&ieures acelles pour 304L. Cela est attribuéala couche la plus externe de Mo, qui inhibe

la diffusion du Cr et emp&he &jalement I'exposition &al'oxyde de Cr dans la surface externe.
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RESUME

Le comportement &ala corrosion et les méanismes de transport des ions ont &&é&udié par des techniques d'analyse de surface
(spectrométrie d’ions secondaires a temps de vol et spectroscopie de photodectrons) combinées &des mesures éectrochimiques sur
des alliages méalliques contenant du Cr, comme l'alliage ahaute entropie CoCrFeMnNi, et les aciers inoxydables 304L et 316L.
Pour I'alliage &haute entropie, ala fois I'oxyde natif forméalair et les films passifs (formé dans I'acide sulfurique) ont une
structure bicouche, comprenant une couche interne riche en oxyde de Cr et Mn et une couche externe d’oxydes de Cr/Fe/Co. La
couche d’oxyde ne contient pas de Ni. Les effets de I'exposition du film natif &l'acide sulfurique et de la passivation sous
polarisation anodique ont éeéudié.

Pour les aciers inoxydables 304L et 316L, des films d’oxyde a structure bicouche ont également été mis en évidence sur les films
natif et passif, avec une couche externe riche en Fe et Mo (pour 316L) et une couche interne riche en Cr. La stabilitéthermique du
film passif formé sur une surface en acier inoxydable 316L a été testée lors de 1’exposition progressive, sous Ultra Haut Vide, du
film d’oxyde depuis la température ambiante jusqu’a 300°C. Pour des températures inférieures a 250°C, les profils ToF-SIMS ont
mis en évidence la déshydroxylation et la déshydratation des films d’oxyde de surface. Au-dessus de 250<C, la principale
modification du film est liée & la diffusion de cations Cr3+ dans la couche d’oxyde avec pour conséquence la formation d'oxyde de
chrome aux dépens de 1’oxyde de fer (thermodynamiquement moins stable) a I’interface oxyde interne/ oxyde externe. Les
meeanismes de transport des espéces ioniques a travers la couche d’oxyde formée sur les aciers inoxydables 304L et 316L ont
ensuite été élucidés griace a la mise au point d’un processus d’oxydation en 2 étapes, ou la premiére étape (croissance d’un oxyde
natif ou passif) est suivie d’une oxydation en milieu gazeux a haute température (300°C) sous faible pression d’oxygéne isotopique
1802. Les résultats révélent que la diffusion des cations vers I'extérieur régit la croissance des oxydes. Sur I’alliage inoxydable 316L,
la couche externe d’oxyde de Mo empéche le transport continu des ions Cr vers la surface. Les films passifs, en raison de leur
composition et de leur structure, présentent une vitesse d'oxydation nettement infé&ieure acelle des films d'oxyde natifs.

MOTS CLES

alliage ahaute entropie, acier inoxydable, corrosion, analyse de surface, film d'oxyde, transport ionique,
stabilitéthermique

ABSTRACT

The corrosion behaviour and ion transport mechanisms were investigated by surface analytical techniques (Time-of-Flight
Secondary lon Mass Spectrometry and X-ray Photoelectron Spectroscopy) combined with electrochemical measurements on Cr-
containing alloys, including CoCrFeMnNi high entropy alloy (HEA), 304L and 316L stainless steels (SS). For HEA, both air-
formed native oxide and passive films (formed in sulfuric acid) have a bilayer structure, comprising Cr and Mn inner layer and
Cr/Fe/Co mixture outer layer. No nickel is observed in the oxide layer. The effects of exposure of the native film to sulfuric acid
and passivation under anodic polarization have been investigated.

For SS, both the native and passive films formed on 304L and 316L SS exhibit a bilayer structure, with Fe-rich and Mo-rich (for
316L SS) outer layer and Cr-rich inner layer. The thermal stability of the passive film formed on 316L stainless steel surface was
tested during the gradual exposure, under Ultra High Vacuum, of the oxide from room temperature to 300<C. Below 250 <TC, the
dehydroxylation and dehydration of the surface oxide films were observed by ToF-SIMS in-depth profiling. Above 250 <C, the
main modification in the film is linked to the diffusion of Cr3* cations in the oxide, resulting in the formation of chromium oxide at
the expense of iron oxide (thermodynamically less stable) at the internal oxide / external oxide interface. The ion transport
mechanism on SS was then elucidated thanks to the development of a 2-step process, where the first step (native or passive oxide
growth) is followed by oxidation in oxygen gas at high temperature (300 <C) under low pressure of isotopic *202. The results reveal
that the outward diffusion of cations governs the growth of the oxides. On the 316L stainless steel, the outer layer of Mo oxide
prevents the continuous transport of Cr ions to the surface. Passive films, due to their composition and structure, have an oxidation
rate significantly lower than that of native oxide films.
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